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Abstract
The ongoing trend toward miniaturization has led to an increased interest in the magnetoelectric effect, which could yield
entirely new device concepts, such as electric field-controlled magnetic data storage. As a result, much work is being
devoted to developing new robust room-temperature multiferroic materials that combine ferromagnetism and
ferroelectricity. However, the development of new multiferroic devices has proved unexpectedly challenging. Thus, a
better understanding of the properties of multiferroic thin films and the relation with their microstructure is required to
help drive multiferroic devices toward technological application. This review covers in a concise manner advanced
analytical imaging methods based on (scanning) transmission electron microscopy which can potentially be used to
characterize complex multiferroic materials. It consists of a first broad introduction to the topic followed by a section
describing the so-called phase-contrast methods, which can be used to map the polar and magnetic order in
magnetoelectric multiferroics at different spatial length scales down to atomic resolution. Section 3 is devoted to electron
nanodiffraction methods. These methods allow measuring local strains, identifying crystal defects and determining crystal
structures, and thus offer important possibilities for the detailed structural characterization of multiferroics in the ultrathin
regime or inserted in multilayers or superlattice architectures. Thereafter, in Section 4, methods are discussed which allow
for analyzing local strain, whereas in Section 5 methods are addressed which allow for measuring local polarization effects
on a length scale of individual unit cells. Here, it is shown that the ferroelectric polarization can be indirectly determined
from the atomic displacements measured in atomic resolution images. Finally, a brief outlook is given on newly
established methods to probe the behavior of ferroelectric and magnetic domains and nanostructures during in-situ
heating/electrical biasing experiments. These in-situ methods are just about at the launch of becoming increasingly
popular, particularly in the field of magnetoelectric multiferroics, and shall contribute significantly to understanding the
relationship between the domain dynamics of multiferroics and the specific microstructure of the films providing
important guidance to design new devices and to predict and mitigate failures.

1 Introduction
Over the last decade, numerous experimental methods based on transmission electron microscopy have undergone
quantum leaps. These abrupt advancements are mainly due to the significantly improved stability of microscope platforms
and the availability of new electron optical devices. Aside from high-performance spectrometers for electron energy-loss
(EELS) and energy-dispersive X-ray (EDX) spectroscopies, fast and highly sensitive digital cameras based on CMOS
technology have been introduced. These advanced cameras have replaced the inherently sluggish slow-scan CCD cameras
which were not optimal, particularly for monitoring dynamics by in-situ measurements. Moreover, novel detector
geometries, electron monochromators and most notably aberration correctors, which can correct the intrinsic geometrical
and ultimately also the chromatic aberrations of electromagnetic electron lenses, have significantly improved the
information which can be gathered from atomic-resolution micrographs [1,2]. Most noteworthy consequences of these
technical improvements are that true atomic resolution micrographs of heavy and light atoms can be recorded in
transmission and scanning transmission electron microscopy (TEM/STEM) approaching or exceeding half an Ångström

resolution. In addition, atomic potentials can be mapped with high signal-to-noise ratios and with minimal blurring
enabling the determination of atomic positions with precision in the picometer regime. New detection strategies make it
possible to map electrostatic and magnetic fields with unprecedented resolutions. And from an analytical point-of-view,
the high-performance spectrometers mentioned above enable the detection of highly sensitive chemical signals as well as
electronic structure information by EELS or EDX of individual atomic columns and even single atoms [3]. Materials, their
atomic structure and chemistry, can thus be characterized down to the atomic level. The main advantage of these electronmicroscopy-based methods over other techniques is that information can be extracted locally, at defect sites such as
dislocation cores, at phase and domain boundaries and at other irregularities. For averaged information, diffraction
methods and other techniques might provide a more precise, in terms of its statistical significance, but a less detailed
picture.
When it comes to the characterization of the polar order in multiferroic materials, the full advantage of all the
technical achievements can be exploited. Precise derivation of atomic positions based on high-resolution micrographs
enables local and quantitative measurements of strain states, the distortion of unit cells or the (re-)arrangement of atoms
within these unit cells. This is particularly important as the ferroelectric properties are (often) coupled to the symmetry of
the unit cell and the relative positions of the atoms therein. However, for magnetic order in multiferroics the situation
becomes a bit more intricate as the lenses used in medium and high-voltage transmission electron microscopes (60-300
kV) are made of magnetic fields, which in the objective lens, i.e. the most important lens of the microscope, can reach
values between about 1 and 2 T at normal operational conditions. Hence, the environmental magnetic field of the objective
lens, wherein the specimen is immersed, prevents the study of the intrinsic domain structure of (ferro- & ferri-)magnetic
materials. Operating the transmission electron microscope with the objective lens turned off by using a lens either before
or after the sample in order to focus the electron beam in STEM or TEM, respectively, allows for preserving the
specimen’s magnetic structure during the measurement, but comes at the expense of less resolution. These so-called
Lorentz TEM or Lorentz STEM modi enable an image resolution in the range of typically 1 nm [4]. Though in general
atomic resolution is not feasible in Lorentz modus, the resolution is still sufficient to derive critical information about the
magnetic domain structure of the sample whose typical length scale clearly exceeds the nanometer range.
So far, methods have been mentioned which improved the inspection of samples in the physical state it was prepared
and transferred into the vacuum of the microscope column. Such retroactive measurements are important to learn about the
basic states of matter but do not allow for finding out how the material had reached that state. Another branch of TEM
applications, whose capabilities have started to flourish, covers so-called in-situ or in-operando measurements [2]. The
goal of such measurements is to change the properties and/or the physical state of the sample in a controlled way in the
microscope while the sample is under observation. One might argue that the small TEM samples, which are merely tens of
nanometer thick, do not represent the state of matter as it adopts in a device. Nevertheless, such approaches allow for
uncovering fundamental mechanisms, like, e.g., the change of the local atomic structure while temperature or electrical
bias is varied or the moving mechanisms of domain walls and the identification of pinning centers. Though in-situ
transmission electron microscopy is not new at all, the recent success of these methods lies in the availability of special
sample holders for MEMS (Micro-Electro-Mechanical Systems) chips upon which a small piece of the sample material,
normally extracted and prepared by a focused ion beam (FIB) instrument, is mounted and contacted to the chip’s
electrodes. The advantages of the MEMS-based in-situ technology over the conventional approach, i.e. where typically the
state of disk-shaped samples of several millimeter diameter is being stimulated, lies in the fact that control and
homogeneity over the physical state and the applied stimulus are enhanced. Moreover, because of the smaller volumes
inspected in MEMS devices, the sample drift is minimal which is particularly important for heating experiments. In
addition, cooling or heating rates can be achieved which are orders of magnitude higher than what is achievable by a
conventional thermal system. Hence, aside from studying samples extracted from devices and from test architectures,
modern transmission electron microscopes go beyond simple imaging tools. The implementation of in-situ techniques
enabled by MEMS-based sample holders provides a physical test bench inside the microscope with the advantage that
while the material is undergoing an induced transition, it can be inspected at a variety of length scales even down to the
atomic scale where changes in the structure of individual unit cells can be observed.
While, of course, the study of ferromagnetic and ferroelectric materials, their defects and domains, is not new in
transmission electron microscopy by using a variety of methods, such as convergent beam electron diffraction,

conventional bright- and dark-field transmission electron microscopy or, e.g., Lorentz TEM, in this review we would like
to focus on (i) new high-resolution electron microscopy techniques which can be used to characterize magnetoelectric
multiferroics and which can be used to learn about the local order parameters in these materials, (ii) on new experimental
strategies of measuring the macroscopic electrostatic and magnetic fields and (iii) on the new possibilities of in-situ or inoperando measurements. This review thus targets on introducing and discussing newly established techniques, whose
potential might not have yet been fully explored, using specific examples for illustration.

2 S/TEM techniques for field mapping
In ferroic materials, the formation of an ordered state is usually associated with a symmetry breaking of the system
[5]. Such symmetry breaking responsible for the ferroic order is conveniently characterized by an order parameter, which
describes the degree of order of the microscopic entities relevant to define the ferroic state of the system. The most
common examples of order parameters are the polarization P and the magnetization M, which respectively describe the
degree of order of the microscopic electric dipoles and spins within the material.
In multiferroic materials the combination of different symmetry breakings leads to the coupling of order parameters,
allowing for modifying one ferroic state by the application of a conjugated impulse. Among multiferroic materials,
magnetoelectric multiferroics are materials in which ordered states of spins and electric dipoles coexist and are coupled, in
such a way that the application of an external electric field can change the magnetic properties of the material and vice
versa [6]. The complex phenomenology of magnetoelectric materials arises as a consequence of their peculiar morphology
and structure, which display a wide range of features at different length scales including polar and magnetic domains,
domain walls, vortices, etc. The investigation of ferroelectric and ferromagnetic materials is thus very challenging,
involving different length scales that range from the meso- to the nanoscale.
Phase-contrast techniques in transmission electron microscopy offer the unique advantage of high spatial resolution
and direct sensitivity to electrostatic and magnetic fields [7–10], allowing a multi-scale investigation of multiferroic
materials. The qualitative and quantitative estimation of the order parameters describing the ferroic state and their
evolution during the transformations – e.g. from the disordered to the ordered phase – is of fundamental importance for
understanding the material properties and interpret the material behavior under applied external stimuli.
Recently, phase-contrast techniques have been successfully employed –usually in combination with in-situ cryogenic
capabilities– in the investigation of novel spin structures (see DOI: 10.1515/PSR.2019.0016), including topological
structures, such as magnetic skyrmions [11,12], vortices and anti-vortices [13]. In this framework, phase-contrast
techniques hold great promise for exploring dynamical magnetoelectric phenomena, as proven by state-of-the art in-situ
experiments like e.g. [14,15] and discussed in DOI: 10.1515/PSR.2019.0017.
This subsection focuses on the application of phase-contrast techniques in transmission electron microscopy in the
investigation of the fundamental aspects of multiferroic materials and their static properties, with a special emphasis on the
study of domain configurations, mesoscopic polarization and atomic electric fields.

2.1. The spatial resolution of S/TEM phase-contrast techniques
The properties of multiferroic materials can be investigated in transmission electron microscopy by means of socalled phase-contrast techniques, i.e. electron holography, Lorentz microscopy, and differential phase-contrast STEM. In
the case of ferroelectric specimens, such studies can be carried out at a length scale ranging from the nano to the atomic
scale, while for magnetic specimens the constraints due to the geometry of the objective lens (OL) limit the resolution to
the nanometer range.
In common transmission electron microscopes, the OL works in the immersive mode, i.e. the sample is inserted in
between the lens pole pieces where the magnetic field has its maximum value (about 2 T) [16]. The OL has a very
important role in the image formation process in both TEM and STEM modes and its strong magnetic field allows proper
electron focusing and the achievement of high-resolution imaging. Nevertheless, the strong magnetic field generated by

the OL in the specimen plane is totally deleterious for the study of the nanoscale magnetism since it can induce a
significant alteration of the magnetic state of the specimen during the experiments.
Therefore, phase-contrast techniques for the study of magnetic properties – either in TEM or STEM mode – have to
be performed in field-free conditions and the corresponding operating mode of the microscope is called Lorentz mode. The
field-free condition can be achieved by switching-off the objective lens and using a different focusing lens that is located
behind or before the specimen plane in the case of TEM or STEM operation modes, respectively. In modern microscopes,
the Lorentz lens or the condenser mini-lens are employed to perform this task. Due to the limited resolution typical of
Lorentz mode, the phase-contrast analysis of magnetic specimens gives access to their mesoscale properties, i.e. the
magnetic domain configuration, the domain walls shape and geometry, topological charges (e.g. skyrmions), the stray
fields, etc. On the contrary, the investigation of ferroelectrics is not affected by this resolution limitation. The polar
properties can be investigated at nanometer resolution – in order to study the local ferroelectric order, the domain wall
nature, etc. – or at atomic resolution. Aberration-corrected STEM holds great potential for studying the electric fields at
atomic resolution, making accessible a direct comparison between the atomistic structure of the material and its functional
properties.
Here, it is worth mentioning that recently a new approach has been proposed in order to perform electron holography
and Lorentz microscopy experiments on magnetic specimens without switching off the objective lens [17]. The method
relies on compensating the magnetic fields generated by the upper and lower pole pieces at the specimen plane, by
producing two equal magnetic fields but with an opposite sign. This special condition shall warrant a field-free
environment for the sample without losing the resolving power provided by the objective lens, making this method very
promising for the future development of magnetic field imaging with sub-nanometer resolution.

2.2. The electron beam sensitivity to electrostatic and magnetic fields
On transmitting an electron transparent sample, the illuminating electron wave undergoes both a change in amplitude
and phase. While the change in amplitude is at the core of so-called amplitude contrast methods which are, e.g., exploited
in bright-field or dark-field imaging where a particular Bragg diffracted beam is selected to form the image, the interaction
of the electron beam with electrostatic and magnetic fields induces a change in the phase of the electron wavefunction –
the Aharonov-Bohm effect [18] – given by:
+∞

ϕ(x,y)= ϕe + ϕm = σ ∫-∞ V(x,y,z) dz -

e
ℏ

+∞

∫-∞ Az (x,y,z) dz

(0.1)

where 𝜎𝜎 is the interaction parameter equal to σ = λme / (2πℏ2 ), ℏ the reduced Planck constant, V the electrostatic potential,
and Az the component of the magnetic vector potential parallel to the electron beam propagation direction. In the
interaction constant, λ is the relativistic electron wavelength (that depends on the electron accelerating voltage), m is the
electron relativistic mass, and e is the elementary charge. The integrals in Eq. (1.1) are calculated along the electron
trajectory, assuming the electron source and the detector plane at infinite distances from the specimen. In the following
description, it is assumed that no other external electrostatic and magnetic fields exist, except for the one due to the
specimen.
In the case the specimen does not display any ordered (ferroelectric/ferromagnetic) state, the only contribution to the
phase shift of the electron beam is the one due to the mean inner electrostatic potential (Vmip) of the material and can be
expressed as:
ϕe (x,y) = σVmip t(x,y)

(0.2)

with t(x,y) the sample thickness at the lateral position (x,y). The mean inner potential Vmip is a material-dependent
property that is defined as the volume average of the atomic electrostatic potentials of the specimen; accordingly, Vmip
depends on the local composition, the density, and ionicity of the specimen [19].
In the case of non-ferroic specimens with a uniform composition (Vmip = const), the electrostatic phase shift is directly
related to the thickness of the specimen. The mean inner potential term can thus be employed to estimate the sample
thickness. On the other hand, in the case of ferroic specimens, the mean inner potential contribution needs to be subtracted
to the total phase shift to investigate the properties of the ordered state. Strong phase changes due to thickness variations

(as it occurs, for example, at the edges of the specimen) are undesirable and can lead to a misinterpretation of the
experiments, especially in low-dimensional systems like nanoparticles (NPs), nanowires (NWs) and thin films.
In ferroelectric specimens, the polarization is responsible for an additional contribution to the electrostatic phase shift
– that we will here call ϕP – which expresses the mesoscopic phase modulation of the electron wave due to the
ferroelectric polarization. This contribution can be written as [20]:
σ
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With ε = ε0 ∙ εr the dielectric constant given by the product of the vacuum (ε0 ) and the relative (εr ) permittivity and P⊥ the
component of the polarization orthogonal to the electron beam propagation direction. The use of the relative permittivity in
Eq. (1.3) is meant to include the depolarizing effect of free charges which reduce the polarization value of the system.
Assuming a constant polarization across the thickness t, we obtain:
σ t(x,y)

ϕP (x,y) =

ε
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Therefore, in the case of a specimen with a constant thickness (t(x,y) = const) and uniform composition (Vmip = const), the
electrostatic phase shift becomes:
ϕe (x,y) = σVmip t + ϕP (x,y) = ϕP (x,y) + const

(0.5)

The in-plane components �P⊥x (x,y), P⊥y (x,y)� of the projected polarization can thus be retrieved from the phase image by
means of the following expression:
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ε
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(0.6)

where the symbol ∇xy denotes the in-plane gradient operator given by (∂⁄∂x , ∂⁄∂y).
As mentioned above, in specimens of inhomogeneous thickness and/or variable composition the local changes in the mean
inner potential can hamper the proper investigation of the specimen polarization. In such cases, the expression marked by
the asterisk (*) in Eq. (1.6) does not hold and the ferroelectric contribution to the phase has to be isolated.
In the case the specimen displays an ordered magnetic state, the magnetic contribution to the phase shift ϕm needs to
be considered as well. It can be shown that the magnetic phase shift is related to the magnetic flux (see scheme in Fig. 1)
by calculating the difference between ϕm values at two arbitrary points (x1,x1) and (x2,x2) in the phase image [10]:
e
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Assuming that the magnetic potential generated by the specimen vanishes at infinite distance and no other transversal
magnetic fields exist along the trajectories of the electrons, the amount given in Eq. (1.7) can be alternatively expressed by
a loop integral over a rectangular path, constituted by the two parallel electron trajectories – in the positions (x1,x1) and
(x2,x2) – merged at infinite distances above and below the specimen plane by two segments (ζ) perpendicular to the
trajectories themselves. The loop integral can be written as:
△ϕm = -

e
ℏ

∮ A ∙ dl

(0.8)

Using the Stokes’ theorem, the loop integral of the magnetic potential can be expressed by the magnetic flux (Φ) through
the region of space (S) enclosed by the two electron trajectories (x1,x1) and (x2,x2):
e
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(0.9)

where ϕ0 = h⁄2e = 2.07 ∙ 10-15 T m2 represents the “flux quantum” [10].
From the magnetic contribution to the phase shift, we can obtain the in-plane components of the magnetic induction
�BxP (x,y), ByP (x,y)� by calculating the gradient of ϕm [10,21]:
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where we replaced the partial derivatives of Az using the expressions obtained by the magnetic potential definition:
.

(0.11)

The formulas given in Eq. (1.10) highlight the direct relationship between the magnetic phase shift and the in-plane
components of the magnetic induction, which can be summarized as:
�BPy (x,y), -BPx (x,y)� =

ℏ
e

∇ϕm (x,y)

(0.12)

Fig. 1: Schematic diagram of a uniformly magnetized thin film of constant thickness t. Φ is the magnetic flux through the
surface S, bounded to the electron trajectories in (x1,x1) and (x2,x2).

2.3. Phase-contrast techniques in S/TEM
As previously described, the phase of the electron wave carries very useful information about the fields in the
specimen. In conventional imaging techniques, however, we simply record an intensity distribution by collecting the
electrons that impinge on a pixelated camera in the image plane (in TEM mode) or by integrating the scattered electrons
over a certain angular range in the conjugated, i.e. diffraction, plane (in STEM mode). Unfortunately, in conventional
imaging all the information directly related to the phase of the electrons is lost, being all the techniques solely sensitive to
the intensity distribution of the scattered electrons. In order to study the electrostatic and magnetic fields in the specimen,
we need to retrieve the phase shift imparted to the electron beam by the interaction with the sample. The techniques that
allow retrieving the phase of the electron wave from intensity measurements are called phase-contrast techniques [22].
In particular, there are two different approaches that allow mapping the specimen fields through phase-contrast
techniques. The first one consists in retrieving the phase of the electron wavefunction by a reconstruction approach and
calculating the fields by differentiating – using Eq. (1.6) and (1.12) – the phase of the wavefunction. The most common
methods to measure the electron phase are off-axis electron holography and focal series reconstruction. The second
approach is based on the direct measurement of the fields through differential phase-contrast methods, from which the
phase can be reconstructed upon integration. In this second category, differential phase-contrast STEM with segmentedannular or pixelated detectors is gathering nowadays growing attention for its great potential, offering the advantages of
high spatial-resolution, fast recording and parallel acquisition of different signals.
In the following, the basic principles of off-axis electron holography and differential phase-contrast STEM are
discussed, providing the reader with the fundamental tools to understand their application to ferroic materials
investigations.

Fig. 2: (a) Scheme of the conventional electron-optical configuration used for electron holography experiments (adapted from
[25]). (b) Example of phase reconstruction from an electron holography experiment. One sideband is selected for the
reconstruction of the amplitude and phase (c) through inverse Fourier transform operations.

2.3.1. Off-axis electron holography
The full electron wave-front – in its amplitude and phase – can be retrieved by means of off-axis electron holography.
This method consists in superimposing one electron beam that interacts with the specimen with another beam that
propagates into the vacuum and acts as a reference wave [23]. After superimposing the two beams, we can record the
interferometric pattern in the detector plane. In general, splitting of the beam is realized by partially illuminating the
sample, meaning that one part of the beam, i.e. the object wave, passes through the specimen, while the other part, i.e. the
reference wave, passes through vacuum. The superposition of the object and reference wave, respectively – is performed
by means of the electrostatic biprism (also called Möllenstedt biprism [24]) placed behind the specimen plane. The
superposition results in an interference pattern observable in the detector plane. A scheme of the electro-optical
configuration commonly employed for electron holography experiments is sketched in Fig. 2(a).
We can write the electron wavefunction in the image plane as:
ψi (r) = Ai (r) e j ϕi(r)

(0.13)

I(r)=|Ai (r)|2

(0.14)

where Ai and ϕi are respectively the electron wavefunction amplitude and phase in the image plane and j is the imaginary
unit. The recorded intensity in the detector plane is thus given by:
As clearly visible in Eq. (1.14), the information regarding the electron phase is clearly lost in conventional imaging, as the
intensity distribution is solely related to the wavefunction amplitude.
In electron holography, we perform an interferometric recording that allows for solving the phase problem. In fact, if
we calculate the intensity in the image plane after superimposing the reference and object beams, we obtain:
2

Iholo (r) = �ψi (r)+e2πj qT ∙r � = 1 + Ai 2 (r) + 2Ai (r) cos�2πj qT ∙r + ϕi �

(0.15)

where qT is the wave-vector of the tilted reference beam. Eq. (1.15) shows that the intensity of an electron hologram is
composed of three contributions, which are the unitary intensity of the reference image, the intensity of the image of the

specimen, a modulated signal (given by the cosine term) that consists of interference fringes whose intensity maxima
correspond to areas where the phase is the same for the object and reference beam. As an example, an electron hologram is
shown in Fig. 2(b).
The phase information is thus encoded in the intensity modulation appearing in the image and can be reconstructed by
means of Fourier methods. In particular, taking the Fourier transform (FT) of the electron hologram, we obtain:
FT[Iholo (r)] = δ(q) + FT� Ai 2 (r)� + �����������������
δ�q+qT �⊗FT[Ai (r) e jϕi(r) ] + �����������������
δ�q-qT �⊗FT[Ai (r) e-jϕim (r) ]
(1)

(0.16)

(2)

The FT of the hologram is composed of two peaks centered at the origin of the reciprocal space – that correspond
respectively to the FT of the reference and the FT of the image of the sample – and two peaks centered at q= ± qT (see Fig.
2(c)). These latter two peaks, called “sidebands” and marked by (1) and (2) in Eq. (0.17), are equal to the FT of the
electron wavefunction and its complex conjugated, respectively. The amplitude and phase can finally be restored from one
of the two isolated sidebands by shifting it to the center of the image and computing the inverse FT [10,26]. The amplitude
and phase are thus given by:
1

Ai (r)=�Re�ψi (r)�+Im�ψi (r)��2 ,
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�
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where we denoted the real and imaginary parts of the complex wavefunction with Re and Im, respectively.
In the holography experiment, the spatial and phase resolution of the hologram are respectively related to the spacing and
contrast of the fringes, which can be tuned by varying several parameters including the biprism voltage and the
magnification [23,27]. Due to the opposite dependence of the contrast and spacing of the fringes on the biprism voltage,
the experimental settings need to be properly chosen in order to achieve the desired spatial and phase resolutions. For the
technical details about the optimal conditions (i.e. interference fringe spacing and signal-to-noise considerations) for the
acquisition of electron holograms the reader is referred to more specific literature (see, e.g., [10,28–32]).
In summary, electron holography experiments can be performed either at:
i.

medium-resolution, in order to investigate the polar and magnetic properties of specimens. In this mode, the OL
is switched off and the Lorentz lens is used instead to form the image. The achievable spatial resolution is limited
by the aberration of the Lorentz lens and is usually in the nanometer range [25,33].

ii.

high-resolution, making use of the OL. This technique has been commonly used to improve the resolution of a
high-resolution TEM image by the use of phase plates to correct for microscope lens aberrations [34–36].

However, it is important to recall that the investigation of magnetic materials has to be performed by medium
resolution electron-holography in Lorentz modus, which guarantees a field-free condition in the specimen plane, at the
expense of the spatial resolution of the reconstructed phase.
Electron holography enables the retrieval of the total phase shift induced by the specimen to the electron beam. As
previously discussed, the polar and magnetic properties of the specimen contribute to this phase with two different terms,
which need to be separated. Depending on the terms that need to be addressed, this separation can be done by different
methods. In the case of ferroelectric specimens, the ferroelectric phase shift can be separated from the mean inner potential
contribution by performing the experiments respectively below and above the Curie temperature (TC). In fact, above TC the
polar order is lost and the mean inner potential contribution is the only responsible for the phase shift. The phase
difference of the two signals obtained respectively below and above TC permits thus to isolate the phase shift due to the
polar properties of the material.
In ferromagnetic specimens, their net magnetization induces a magnetic term in the phase shift of the electron
wavefunction. The electrostatic contribution must be removed from the reconstructed phase image in order to retrieve this
contribution. The most common way to achieve this separation is by the time-reversal operation of the electron beam [37]
that is performed by recording two holograms of the same region of the specimen in normal (upside) and reversal
(downside) positions. The sum and the difference of the reconstructed phase images can then be used to recover the
electrostatic and the magnetic contributions to the phase, respectively. An alternative approach involves performing an insitu magnetization reversal to detect the phase of two states of the specimen with opposite magnetization [38]. The
addition of the two phase-images gives access to the mean inner potential contribution to the phase. Magnetization reversal

can be performed by using either a magnetizing TEM specimen holder or the magnetic field of the OL (eventually in
combination with specimen tilt). This second approach is only applicable if the magnetization of the specimen can be
perfectly reversed.
2.3.2. Differential phase-contrast STEM
In differential phase-contrast (DPC) STEM a focused electron probe is used to make a raster scan of the specimen and
the variations in the convergent beam electron diffraction (CBED) pattern are detected by means of a segmented annular
detector or a pixelated camera [39]. The technique was firstly ideated in the ‘70s, thanks to the pioneering works by Rose
[40] and Dekkers [41]. Nowadays, DPC STEM is experiencing a renaissance thanks to the spread of commerciallyavailable segmented detectors and fast pixelated cameras. DPC STEM is attracting indeed a continuously growing interest
by the scientific community thanks to its great potential, which allows contemporary different imaging modes by
simultaneous acquisition of various signals – like e.g. high-angle annular dark-field (HAADF) and bright-field (BF) – the
acquisition of secondary signals for spectroscopic analysis like electron energy-loss spectroscopy (EELS) and energydispersive X-ray spectroscopy (EDXS). Additionally, the sub-Ångström resolving power achievable thanks to the new
generation of aberration-corrected microscopes [42] enables to carry out these investigations at atomic resolution. Up to
date, DPC in the Lorentz STEM mode has been successfully employed to probe magnetic [15,43–47] and electric fields
[48–50] at the nanoscale, whereas DPC STEM at high-resolution has been employed to map electric fields at atomic
resolution [51–54].
The DPC-STEM technique makes use of the deflection of the focused electron probe by a field in the sample in order
to locally map this field. A scheme of the DPC principle is shown in Fig. 3. If we describe classically the propagation of
the electron beam, the electrostatic and magnetic fields in the specimen plane induce a tilt of the electron probe in the
specimen plane which leads to a shift of the bright field disk (“Ronchigram”) in the diffraction plane. The DPC STEM
image is generated by performing a raster scan of the beam across the sample and recording for each scan position the offcentering of the transmitted disk. The variation of the disk position in the diffraction plane can be efficiently detected by a
segmented detector. In particular, the off-centering of the disk induces an increase of the intensity impinging on certain
detector segments at the expense of others, which are consequently less illuminated. The beam deflection angle can thus be
estimated by measuring the differential contrast between opposite pairs of quadrants or – in a more generic segmented
detector configuration, like e.g., the 16-quadrant configuration [55] – opposite sets of quadrants.
From the classic treatment of the electron propagation, it is possible to calculate the deflection of the electron beam
due to the Lorentz force in presence of an electric or magnetic field in the specimen plane (respectively βe and βm) [56,57]:
βe (rP ) =

eλ t
∫ E (r ,z)
hv 0 ⊥ P

dz , βm (rP ) = -

eλ
h

t

∫0 B⊥ (rP ,z) × dz

(0.19)

where v is the electron velocity and the integrals are performed on the specimen thickness t(rP) and rP gives the position of
the probe in the specimen plane. In the case of uniform electrostatic and magnetic fields, the relationships reduce to the
handier forms:
βe (rP ) =

eλt(𝒓𝒓𝑷𝑷 )
hv

E⊥ (rP )

, βm (rP ) = -

eλt(𝒓𝒓𝑷𝑷 )
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(0.20)

The deflections of the beam induced by electrostatic and magnetic fields can otherwise be calculated by an alternative
approach. In particular, since DPC STEM does not measure the local phase shift but its gradient, Eqs. (1.19) can be
derived by calculating the phase difference between electrons traveling along different trajectories and approximating the
phase gradient with the finite difference among their phases [56].
It is interesting to note from Eqs. (1.19) that a local variation of the specimen thickness induces a change in the
deflection angle. Therefore, the DPC STEM technique can be used to directly measure the thickness variation of
homogenous non-polar/non-magnetic specimens, where the specimen potential is solely given by the mean inner potential.
In the case of ferroic materials, if the deflection angle caused by the effect that is to be measured is larger than the one
caused by the thickness variations, the measurement will result with a good signal-to-noise ratio (the noise being the
thickness variations at the area of interest) [56]. More generally, the reader should keep in mind that the thickness
variations will generate some substructure in the signal of interest, which may lead to a misinterpretation of the
experiments.

Fig. 3: Scheme of the basic principles of DPC-STEM, performed using a segmented detector. (a) Electric and (b) magnetic field
induced shift of the electron beam under the classical approximation for the electron propagation (adapted from [57,58]).

Fig. 4: (a) Classical and (b) quantum-mechanical description of the effects of the electrostatic / magnetic fields on the DPC
STEM signal. The quantum mechanical description includes dynamical effects that give rise to a complex redistribution of the
intensity in the detector plane. Reproduced from [59].

This simple model describing the electron beam deflection due to the Lorentz force allows for easily depicting the
basic concepts behind the DPC-STEM technique. In reality, the quantification of fields in terms of a rigid shift of the
Ronchigram can be inaccurate (Figure 4a) as a quantum mechanical treatment of the electron wave propagation is
necessary (Figure 4b) [59,60]. From a quantum mechanics point of view, the electrostatic and magnetic fields in the
specimen plane induce a variation on the distribution of probability to find an electron at a certain position in the detector
plane or equivalently – due to the Fourier reciprocity between the specimen and the Fraunhofer diffraction planes – with a
certain momentum. The expectation value of the momentum operator p is given by [60]:
〈p⊥ 〉(rP )= ∫�ψD (p,rP )�p⊥�ψD (p,rP )�dpx dpy = ∫ p⊥ I(p⊥ ,rP )dpx dpy

(0.21)

which corresponds to the center of mass (CoM) of the Ronchigram in the detector plane. In the formula given in Eq. (1.20)
, rP denotes the position of the convergent probe on the specimen, ψD (p,rP ) is the electron wavefunction in the momentum

space (correspondingly, in the detector plane), I(p⊥ ,rP ) the normalized intensity distribution in the diffraction plane. In the
above expression, it is assumed that the beam intensity is constant over the specimen thickness.
If we aim at correlating the expectation value of the momentum in the detector plane with the fields in the specimen
plane, we need to recall that in classical electrodynamics the Lorentz force is equal to the momentum transfer per time.
According to Ehrenfest’s theorem [61], we can write the quantum mechanical equivalent of the Lorentz force, which for
the electrostatic field (the extension to the case of a magnetic field is straightforward) can be written as:
E⊥ (rP ) = - 〈p⊥ 〉(rP ) ∙

v
et

(0.22)

where E⊥ is the electric field projection average along the electron beam direction and v is the electron velocity. Although
the rigid-shift model previously introduced does not accurately describe the electron propagation, the classical and the
quantum mechanical treatment lead to similar results. In particular, from the quantum mechanical treatment, we obtain that
the CoM of the Ronchigram – instead of the rigid shift of the beam – is linearly related to the projected local electric field
in the sample (Eq. (1.21)).
In order to make a proper estimation of the electric field, the expectation value of the momentum (as it is defined in
Eq. (1.20)) needs thus to be calculated. For this purpose, a pixel-array detector has to be used to record the full intensity
distribution within the Ronchigram at each position of the STEM raster scan. This approach is commonly called 4DSTEM since it involves the acquisition of a two-dimensional (2D) diffraction image for each position of the raster scan –
performed over a 2D grid of scan points across the region of interest CoM of the specimen. The acquisition of the entire
Ronchigram also allows a posteriori integration of the scattered signal over different angular ranges of the CBED pattern
to generate different signals, like e.g. bright-field (BF), annular bright-field (ABF), annular dark-field (ADF) [54,62–64].
This very powerful feature makes 4D-STEM the most promising approach to combine differential phase-contrast and
other imaging techniques in STEM mode, at the expense of a remarkable increase in the volume of generated data [65,66].
Yet, one drawback of the currently existing 4D-STEM systems is the reduced scan speed which is given by the acquisition
speed of the 2D camera. Current systems allow acquisition speeds of the order of 1000 frames per seconds [67,68], which
is two to three orders of magnitude slower than common scan speeds in STEM.
As already described, a position-sensitive detector – i.e. a segmented detector – can be alternatively employed for the
qualitative detection of the momentum CoM displacement by measuring the increase or decrease of signal in pairs of
opposite quadrants. This well-established technology makes use of an integrating detector, with the advantages of faster
scan speeds, high signal-to-noise ratio, live imaging, and it currently represents the most promising method for routine
applications. Nevertheless, it appears evident from the quantum mechanical perspective that despite this technology is very
practical, its application for quantitative analysis requires additional care because the use of a segmented detector only
gives a qualitative approximation of the momentum CoM by roughly sampling the scattering distribution variation.
It must be noted that Eq. (1.21) was obtained under the assumption that the intensity of the STEM probe does not
change significantly along the propagation direction. A proper description of the quantum mechanical problem would
involve the integration over the three-dimensional (3D) fields in the specimen weighted with the local intensity of the
electron beam [60]. However, such an assumption is verified in these special relevant cases [69]:
i.

under medium resolution imaging conditions. In this case, the STEM probe size is increased beyond the unit cell
size and the sample can be oriented as to minimize the dynamical scattering. The channeling effects are
negligible. Under these conditions, specimens can often be described as pure phase objects (phase object
approximation, POA) [70].

ii.

under high-resolution imaging conditions – i.e. namely, zone-axis orientation and evaluation of large scattering
angles – for specimens in the thickness range for which the weak phase object approximation (WPOA) holds.
Such range extends to a few nanometers in the case of specimens composed by light atomic species, whereas it
reduces to a few Ångstrom for medium and heavy elements [69,71]. In this thickness range, the broadening of
the electron beam during its propagation can be neglected.

Since the WPOA is a questionable approximation for real specimens (with an exception for 2D materials, like e.g.
graphene), the correct interpretation of atomic resolution DPC/4D-STEM data is neither trivial nor immediate.
Additionally, the atomic electric fields vary very strongly over distances equal to fractions of the Bohr radius, which are

smaller than the typical lateral size of aberration-corrected STEM probes. As a consequence, the interpretation of atomic
resolution data requires comparison with simulations, as it is the case for other high-resolution S/TEM imaging techniques
[59].
By fitting the CoM of the Ronchigram for each point in the raster scan, a projected electric field map can be obtained
using Eq. (1.21). Since the momentum transfer is linear with respect to the electric field, calculating its divergence we
obtain:
div〈p⊥ 〉= -

𝑒𝑒𝑒𝑒

𝑣𝑣𝜀𝜀0

e𝜌𝜌⊥

(0.23)

where e𝜌𝜌⊥ is the overall projected charge density, given by the sum of densities of protons and electrons. On the other
hand, by calculating the inverse gradient we obtain:
𝑔𝑔𝑔𝑔𝑔𝑔𝑔𝑔 −1 〈p⊥ 〉 =

𝑒𝑒𝑒𝑒
𝑣𝑣

𝑉𝑉⊥

(0.24)

being 𝑉𝑉⊥ the projected electrostatic potential. The Eq. (1.23) shows that when the WPOA is valid – i.e. the phase shift of
the electron wavefunction is ϕ ≈ σV⊥ (see the conditions discussed previously) – the DPC and 4D-STEM are phasecontrast techniques in their integral perspective. Due to the finite size of the STEM probe, the experimentally measured
electric field is the true electric field given in Eq. (1.21) convolved with the electron probe, and similarly for the projected
density of charge and projected potentials.
2.3.3. Phase-contrast data analysis and representation
As previously pointed out, the phase-contrast techniques allow for reconstructing the phase of the electron
wavefunction and/or the projected in-plane fields. Therefore, the data obtained by phase-contrast techniques can be
analyzed and plotted in different ways, depending on the features that need to be highlighted.
A very common way to represent the reconstructed phase, which gives visual information about the specimen field
strength and direction, is by plotting the cosine of the phase [72]:
I(r) = cos[n ∙ ϕ(r)]

(0.25)

eventually multiplying the phase by an integer n as an amplification factor. In the case n=1, this representation gives the
phase-contours for which the phase differs of 2π. The plot of phase-contours can be performed for both the electrostatic
and magnetic phase contributions. Let us now analyze the meaning of the phase contours in both cases:
1. The contour lines obtained from the electrostatic contribution to the phase represent the electrostatic
equipotential lines. The phase-contours are denser in the regions where the potential is rapidly changing and the
electric field direction is normal to the contours. Assuming a constant specimen thickness or that the contribution
of the mean inner potential has been properly subtracted, the phase-contours represent the equipotential lines for
the ferroelectric phase-shift and the polarization.
2. The contour lines obtained for the magnetic phase shift represent the variation of 2π of Δϕm . From Eq. (1.9) it
follows that the magnetic flux between two points laying on consecutive contours is given by 2ϕ0 = 4.14 ∙ 10-15 T
m2 [10]. In this case, from Eq. (1.12) it follows that the magnetic induction vector is tangent to the phase
contours.
Starting from the electric or magnetic field components – i.e. a 2D map for each vector-component – a vector plot of
the corresponding field is possible. Such plots are usually presented by using a HSV (H: hue, S: saturation, V: value) color
map, that is an alternative representation of the RGB color scheme. In this color map, the color is related to the direction
and orientation of the field, and the hue is related to its magnitude.

2.4. Investigations of electric and magnetic ordering in multiferroic materials
Here, we briefly discuss the application of electron holography and differential phase-contrast STEM to the
investigation of the local order in ferroelectric and ferromagnetic specimens by means of a few selected examples.

Fig. 5: (a) Grayscale representation of the reconstructed phase of the 90° domain structure in ferroelectric BaTiO3. (b) Difference
between the reconstructed phases below and above TC. (c) Color representation of the same phase difference overlaid with phasecontour and arrow representation of the polarization. (d) Phase profiles along the segments AB and CD in (c). Reproduced from
[73].

2.4.1. Polar ordering in multiferroics
Electron holography has been successfully employed to investigate the polar state of ferroelectric and multiferroic
thin films and nanocrystals. A ferroelectric material (BaTiO3) is used in the following cases as an instructive example,
though the same analyses are valid for multiferroic materials.
Matsumoto and coworkers [73] applied medium-resolution electron holography to a thin film of BaTiO3 mapping the
90° domain structure of the polar phase. In order to extract the phase shift due to ferroelectricity, the authors performed the
holography experiments at room temperature (RT) – a condition in which the specimen was in the polar phase – and above
the Curie temperature (TC) – i.e. without any polar order. Subtracting the phase shift obtained with the specimen heated
above TC from that obtained at RT allows for isolating the contribution intrinsic to ferroelectricity from those originated
from the mean inner potential – e.g. thickness variation – or from electron-beam-induced specimen charging. Fig. 5(a)
shows the reconstructed phase in a region with the 90° ferroelectric domains. The reconstructed phase shows a weak
contrast and faint stripes due to the ferroelectric domains are feebly visible, because of the thickness variation across the
field of view. After subtracting the contribution of the mean inner potential, the phase features due to the polar domains
are clearly visible (Fig. 5 b-d).
Polking and coworkers [74] applied medium-resolution electron holography to ferroelectric BaTiO3 nanocubes to
investigate the effect of temperature and bias at the nanoscale. In particular, the RT polarized state of BaTiO3 nanocubes
appears visible as a phase variation at the [001] facet of the nanocubes (Fig. 6(a)). Such a phase change disappears by
heating the specimen above TC (Fig. 6(b)), where the contribution of the mean inner potential is the only one visible.
Interestingly, a polar state (giving the same feature in the phase image) can be artificially induced by poling a nanocube
with a W tip (Fig. 4(c-f)).
The nanoscale ferroelectric domain configuration in BaTiO3 thin films was successfully investigated also by medium
resolution DPC-STEM. Shibata and coworkers [51] applied the DPC technique performed using a 4-quadrant segmented

detector and measuring the differential signal between opposite pairs of detector segments. Fig. 7(a) and 7(b) show the
BaTiO3 unit cell distortion at the origin of the ferroelectric instability and the orientation of the specimen with respect to
the segmented detector. The differential signal showed in Fig. 7(c) and 7(d) highlights 90° ferroelectric domains (similar
to the ones previously shown in Fig. 5).
As described in the previous section, DPC STEM has also been proven to be capable of atomic electric field mapping
in high-resolution STEM mode. The correct interpretation of atomic electric field mapping is not straightforward, as it
would require extensive use of image simulations to properly catch the dynamical effects which can strongly alter the
momentum transfer in the reciprocal space. However, in ferroelectrics, the polarization typically varies very slowly (over
distances comparable to the unit cell size) with respect to the atomic potentials, which are very strongly localized and
peaked at the positions of the atomic nuclei. Since the polar field variation along the lateral size of the probe is very small,
it will not affect significantly the dynamical scattering and its effect can be approximated as an additive low-frequency
contribution superimposed to the strongly localized atomic fields.
As an example, we show the DPC-STEM analysis on a SrRuO3 (SRO) / BaTiO3 (BTO) bi-layer on a SrTiO3
substrate. Figure 8(a) shows a HAADF-STEM image of the specimen, in which a dislocation is visible in the upper BTO
layer. The dislocation acts as a pinning center for a domain wall separating two differently oriented polarizations, as
visible from the high-resolution images shown in the insets. Figure 8(b) shows a rotation map obtained by
Geometric Phase Analysis (a detailed explanation of Geometric Phase Analysis is given in section 4) highlighting the
dislocation position at the interface between the two upper SRO/BTO layers. In order to separate the strongly localized
atomic electric field from the mesoscopic polarization which varies at the domain wall between the two differently
oriented domains, we can perform DPC STEM experiments at atomic resolution and afterward perform Fourier filtering of
the data (Fig. 8(c)). By applying a band-pass filter (as shown in Fig. 8(d)), we can create an image with the sole
contribution of the wavevectors in the range 0.69 – 8.8 nm-1, which is equivalent to select the spatial frequencies in the
range 1.45 – 11.2 Å. The obtained reconstructed field does not contain any information about the mesoscopic polarization
and only the field of the atomic columns is visible in the map. On the contrary, if we apply a low-pass filter (selecting the
wavevectors smaller than 0.69 nm-1), we are able to retrieve the electric field due to the ferroelectric polarization.
A similar result was previously obtained for the Bi0.8Ca0.2FeO3 system, in which spontaneously generated Ca-dopant
fluctuations occurring in a layered fashion induce a complex polarization pattern with alternating polar (at the Ca-poor
areas) and non-polar (Ca-rich areas) regions [75]. In Fig. 9(a) a scheme of the polar pattern is shown, together with the
HAADF and ABF images. The local change in the dopant composition is not effortlessly visible from the images, but it is
linked to the alteration of the structural distortions responsible of the displacive ferroelectricity (see Ref. [75] for more
details). Nonetheless, the layering of the dopant atoms generates a giant polarization gradient that is as large as ~70 µC
cm-2 across only 3 nm. Interestingly, the DPC-STEM signal highlights asymmetries in the electric field components (Fig.
9(b)). The asymmetries are clearly due to the superimposition of the much localized atomic electric field and the slowly
varying polarization. In fact, the polarization variation occurs on a length scale significantly larger with respect to the size
of the aberration-corrected STEM probe, inducing a small beam deflection that can be approximated as an additive term
just superimposed to the atomic field.

Fig. 6: Phase images of a BaTiO3 nanocube below (a) and above (b) the Curie temperature (403 K). The phase variation in (a)
highlights a polar state with the polarization oriented along the [001] direction. Phase image of a different nanocube before (c) and
after (d) electrical poling (+3V). The poling induces a net polarization as visible from the variation of phase along the [001] direction.
(e) TEM image of the poling experiments. (f) Phase profiles along the green lines in (c) and (d). Reproduced from [74].

Fig. 7: (a) Sketch of the BaTiO3 unit cell illustrating the structural distortion at the origin of the ferroelectric polarization. (b)
Schematic representation of the specimen orientation with respect to the detector quadrants. (c,d) Medium-resolution differential
phase-contrast signals showing a change in the contrast corresponding to 90° ferroelectric domains. The direction of the
polarization is given by the red arrows in (c). Reproduced from [51].

Fig. 8: HAADF-STEM image of a SrRuO3 (SRO) / BaTiO3 (BTO) bilayer on a SrTiO3 substrate. A dislocation is visible in the
upper BTO layer. In the inset, the atomically-resolved HAADF images at both the sides of the domain wall are shown. (b)
Rotation map highlighting the dislocation in the upper BTO layer. (c) Fourier filtering of the DPC signal to separate low and
medium frequencies contributions. Applying a band-pass filter (d) we retrieve the atomic electric field (shown for the region
marked by the yellow box in (a)), while applying a low pass filter the mesoscopic polarization is obtained.

2.4.2. Magnetic ordering in multiferroics
Electron holography has been widely used to study the magnetic domain configuration in ferromagnetic and
multiferroic specimens, including thin films [76–80], nanowires [81–84] and nanoparticles [85–87]. Here, we mention as
an example the application of electron holography to multiferroic Ni2MnGa thin films and nanodisks.
Ni2MnGa is a multiferroic ferromagnetic shape memory alloy (FSMA) in which a spontaneous deformation as high
as 6-10% can be induced by the application of a magnetic field. The ferroic properties of FMSAs arise as a consequence of
co-existent ferromagnetic and ferroelastic (martensitic) phase transformations, and they give rise to a very peculiar
nanostructure composed by twinned domains (usually called twin variants). The ferroelastic martensitic transformation

Fig. 9: (a) Scheme of the Ca-dopant layering in a Bi0.8Ca0.2FeO3 thin film, together with the HAADF and ABF signals. (b)
DPC-STEM signals and (c) vector and amplitude plot of the electric field. Reproduced from [75].

Fig. 10: (a) 300 kV electron hologram acquired using a 200 V biprism bias (fringe spacing: 1.4 nm, fringe contrast: 20%)
on a Ni2MnGa thin film in a region showing 90° twin variants. (b) Reconstructed electrostatic and magnetic phase shifts
from the region marked by a white dashed box in (a). (c) Magnetic induction vector map and (d) magnetic induction flux
lines of the 6x amplified phase. Adapted from [78].

results in martensite variants separated by mobile twin boundaries, which can be exploited to generate giant strains in
FMSAs thin films and nanostructures. Figure 10(a) displays an electron hologram of a region showing twin variants
oriented at 90° with respect to the MgO(001) substrate. The mean inner potential and the magnetic phase contributions can
be separated acquiring the hologram before and after turning upside-down the specimen. In Fig. 10(b) and 10(c) the
electrostatic and the magnetic phase shift are respectively shown. By calculating the gradient of the magnetic phase shift
we can retrieve the magnetic induction components using Eq. (1.12). The magnetic induction color map is shown in Fig.
10(d) and the phase contours of the 6x amplified phase are presented in Fig. 10(d). Electron holography allows thus for
reconstructing the magnetic domain configuration in the twinned martensite and to map the magnetic induction flux lines.

3 Electron nanodiffraction
Compared to the above discussed phase-contrast methods, a completely different approach to extract local
information of ferroic materials is based on electron diffraction. The most common method to access local diffraction
information in TEM is selected-area electron diffraction (SAED). However, should diffraction information be required for
sample areas in the nanometer range, SAED is unsuitable. In contrast, so-called electron nanodiffraction uses a small
electron probe to record electron diffraction patterns. Typically the electron probes for electron nanodiffraction have
diameters ranging from a few tens of nanometers to less than 1 nm depending on the selected objective and condenser lens
settings. Thus, several nanodiffraction techniques exist that exploit different convergence angles [88–90]. Nanoarea
electron diffraction (NAED or NED) uses the objective prefield lens to form a small (nearly) parallel probe on the
specimen [91,92]. By inserting a small condenser aperture, the beam size may be as small as a few tens of nanometers. In
this mode, the diffraction patterns consist of sharp diffraction spots (comparable to the ones obtained by a parallel beam in
a TEM). Instead, in nanobeam electron diffraction (NBED or NBD) a focused probe is formed by placing the electron
beam crossover after the second condenser lens far away from the front focal plane of the objective lens, while keeping the
mini-condenser lens weakly excited [93,94]. This gives a demagnified electron source image on the sample which can
produce diffraction patterns from sub-nanometer regions. However, the diffraction patterns consist of small discs and,
thus, NBED is only suitable for probing local structures where the absence of sharp diffraction spots is not critical, such as
phase identification, orientation mapping and local strain measurements [89]. Schematic diagrams illustrating the electron
paths in NAED and NBED modi are shown in Fig. 11. By varying the excitation of the condenser lenses and apertures, the
semi-convergence angle of the probe can be gradually changed between (nearly) parallel and convergent illumination. A
gradual decrease of the convergence angle of the electron probe in NBED mode results in the NAED mode as a border
case of vanishing convergence angle of the NBED mode. For each technique, the resulting electron probe and diffraction
pattern from a PbZr0.2Ti0.8O3 thin film acquired using a probe aberration-corrected (scanning) transmission electron
microscope, with a more complex condenser lens system than the one illustrated in Fig. 11, are given as insets.
Additionally, electron nanodiffraction patterns can be obtained in conjunction with STEM imaging using an annular
dark-field detector with a low camera-length setting. This operation mode is known as scanning electron nanodiffraction
(SEND) [89]. In its simplest form, SEND can be carried out by positioning the electron probe, based on the STEM image,
at a selected area of interest and recording diffraction patterns of this area. Alternatively, SEND patterns can also be
automatically acquired from a predefined list of probe positions by scanning along a line or across an area. Indeed,
conceptually this approach is identical to the above-mentioned 4D-STEM, except for the diffraction-specific electron
probe and the information extracted from the diffraction patterns. When SEND patterns are acquired across an area, they
can be used to form an image. Thus, bright- and dark-field STEM images can be obtained from SEND by integrating the
diffraction intensities of the direct beam and selected diffraction beams, respectively. In this manner, SEND works like a
STEM. But beyond the simple integrated intensities, other information can be extracted off-line to form images. For
instance, the diffraction patterns can be indexed and analyzed to achieve phase and crystal orientation mapping. Also, full
2D strain maps can be extracted by accurately measuring the position of the Bragg diffracted beams from each image pixel
[95–100]. However, the non-uniform contrast present in the large diffraction discs (due to variations of thickness and
bending across the specimen field of view) can result in an incorrect determination of their position and deliver results that
are incorrect. One way to remove the systematic errors arising from the non-even intensity in the spots is to precess the

electron beam around each sampling point. This approach known as nanobeam precession electron diffraction (NPED)
leads to uniform illumination in the diffracted beams and allows the position of each spot to be more accurately
determined [101]. Additionally, a higher convergence angle can be used to form a smaller probe for improved spatial
resolution.
Both nanobeam modes, NBED and NPED, have been extensively used in the semiconductor industry to measure local
strains in nanodevices, identify crystal defects and determine crystal structures. However, there are very few publications
on electron nanodiffraction studies of ferroelectric and multiferroic materials [102]. Yet, the experiments reported to date
suggest important possibilities for the detailed structural characterization of multiferroics in the ultrathin regime or
inserted in multilayers or superlattice architectures.

Fig. 11: Ray diagrams showing the electron paths in NAED and NBED modes. For each technique, the resulting electron probe
and diffraction pattern from a PbZr0.2Ti0.8O3 thin film are shown as insets. Left: the experimental NAED probe (obtained with a
semi-convergence angle <0.5 mrad) has a diameter of ~50 nm and was used to record the diffraction pattern with lattice
reflections showing rather sharp diffraction spots. Right: the full-width-at-half-maximum of the NBED probe (obtained with a
semi-convergence angle ~1.5 mrad) is 0.6 nm and was used to record the diffraction pattern consisting of small disks where the
disk radius reflects the convergence angle of the electron probe. The ray diagrams are adapted from [88] and [92].

4 Strain mapping techniques
Driven by the need of developing new semiconductor devices substantial progress has been made in the last decade in
the advancement of transmission electron microscopy based techniques for strain mapping at high spatial resolution. Such
developments are also very valuable to the research field of multiferroic magnetoelectric materials as their ground state
can be tuned by epitaxial strain to adopt very different multiferroic phases exhibiting a number of fascinating phenomena.
Thus, the exploration of epitaxial strain due to lattice mismatch is critical for the design and growth of epitaxial

multiferroic thin films for next-generation power-efficient oxide electronics. Currently, the TEM techniques that provide
the best spatial resolution (below 5 nm) and quantitative strain maps are: nanobeam electron diffraction (NBED) and its
more advanced version nanobeam precession electron diffraction (NPED) in scanning mode, dark-field electron
holography (DFEH), high-resolution transmission electron microscopy (HRTEM or HREM) and high-angle annular darkfield scanning transmission electron microscopy (HAADF-STEM) [89,100,103].

4.1. Strain mapping from scanning electron nanodiffraction techniques
The basic principles of NBED and NPED were introduced in the previous section. The main advantage of NPED over
NBED is that a higher convergence angle can be used to form a smaller probe, thus, improving the lateral spatial
resolution. Additionally, NPED is very insensitive to thickness variations in the specimen leading to more robust results.
Hence, from these two reciprocal space techniques, NPED provides the best combination of spatial resolution (2–5 nm)
and precision (0.02-0.05%) [100]. However, both NBED and NPED require additional hardware control (an additional
condenser lens and precession coils, respectively) and the data sets can easily contain thousands of diffraction patterns
making off-line data processing lengthy and heavy.

4.2. Strain mapping from Dark Field Electron Holography
Dark Field Electron Holography (DFEH) is a variant of off-axis electron holography introduced earlier in this review.
In DFEH, an electron beam diffracted by a set of lattice planes is first selected using an objective aperture. Second, a
biprism placed below the specimen is used to interfere the electron beams that have been diffracted by both the strained
region of interest and a reference region, usually taken in the substrate. Thus, an interference pattern (or dark-field
hologram) is obtained and used to calculate the relative phase of the diffracted beam between the two regions [104,105].
The phase and exact location of a diffracted beam depend on the crystal spacing. The phase of a diffracted beam has an
additional contribution given by φ(r)=2π g·u(r), where g is the scattering vector and u(r) the displacement field as a
function of the position r [105] Since the transmitted beam has g=0, it does not carry any information about the phase, and
it is needed to select a diffracted beam for this type of holography. Hence, in order to do DFEH one needs to form a darkfield image [4] with a selected diffraction spot using an objective aperture, place the biprism between the strained and the
reference area, and form an interference pattern within that dark-field image of the strained and the reference area. From
this interference pattern, the strain map in the direction of the selected diffraction spot can be deduced. By repeating the
same procedure for at least another linearly independent diffraction spot the full-field strains can be mapped.
For the measurement of strain, the specimens are required to be thin (<100 nm) and flat in order to ensure uniform
diffraction conditions over the two regions. Any slight bending of the thin specimen is particularly prejudicial to obtain a
homogeneous dark-field contrast [106]. Additionally, DFEH is often considered practically difficult because the intensity
of dark-field holograms is low, and highly stable microscopes are needed for long acquisition times [107]. Nevertheless,
DFEH is particularly attractive since strain maps with a large field of view (up to 1 μm) and high sensitivities (as low as
0.02–0.05%) can be obtained [100,108,109]. Moreover, the DFEH technique excels in its speed of both data acquisition
and processing of strain maps. As such, this technique has been extensively used for measuring strain in semiconductor
devices and thin films [104,106,109]. But then again, there has been very limited research on quantitative measurements of
displacement and strain fields by DFEH from multiferroic/ferroelectric films. Perhaps the most relevant example is the
work by Denneulin et al. [110] on the deformation fields in epitaxial Pb(Zr0.2Ti0.8)O3 films containing 90º ferroelastic
domains; see Fig. 12. For the conditions used in their paper, they were able to measure the deformation gradients in
Pb(Zr0.2Ti0.8)O3 with a sensitivity of 0.1% and a spatial resolution of 6 nm over fields of view up to 500 nm. Thus, we
anticipate that the ability of DFEH to measure strain over very large areas shall become very valuable when it comes to
quantitatively measure strain in future nanoscale multiferroic devices and sensors.

Fig. 12: Local deformation gradients in an epitaxial Pb(Zr0.2Ti0.8)O3 film by DFEH. (a) (002) and (b) (200) dark-field electron
holograms of a 100 nm thick film containing a- and c-domains. (c) From top to bottom: εxx in-plane, εzz out-of-plane, εxz shear
deformation maps and Rxz rigid-body rotation map. Adapted from [110].

Fig. 13: Effect of random scanning errors on the strain analysis of 109º domain walls in BiFeO3. Top: HAADF-STEM image of a
stepped domain wall running vertically across the whole field of view. If the image is vertically squashed, the atomic lattice no longer
appears straight. Bottom: the unit-cell-wise shear strain εxz is depicted before and after removing the scanning errors, which are
visible as characteristic horizontal streaks. Note that although most of the scan-distortion artifacts are removed, some are preserved
in the corrected data. They are seen in blue and yellow horizontal strikes at both sides of the stepped domain wall. Adapted from
[111].

4.3. Strain mapping from high-resolution images
HRTEM and HAADF-STEM allow imaging the structure of materials at the atomic scale. Additionally, with the
development of aberration correctors, sub-Ångström resolution images can now be routinely obtained permitting the
determination of atomic column positions with picometer precision. Then, by measuring the lattice distortions and/or local
atomic displacements in the images quantitative strain maps can be extracted, provided a known reference area is present
in the image. These techniques provide the best spatial resolution but at the expense of a limited field of view.
The key difference between HRTEM and HAADF-STEM lies in their modes of image formation. In TEM, an
electron plane wave illuminates the specimen and the objective lens forms a magnified image, which is projected to the
image plane. In the STEM mode, a finely focused electron probe is scanned across the specimen and the transmitted
and/or scattered electrons from a localized volume of the specimen are collected on post-specimen (extended discs and/or
annular) detectors as a function of raster position. TEM provides almost perfect coherent imaging whereas the STEM
instrument can be configured for almost perfect incoherent imaging [112]. Hence, among the two techniques, there has
been increased interest in measuring strain from HAADF-STEM images because peak intensities are registered at the
atomic positions and are dependent on the atomic number (Z-contrast) over a large range of sample thicknesses, so that the
images are directly interpretable. On the contrary, in HRTEM changes of specimen thickness and defocus can cause
atomic columns to reverse contrast introducing artifacts in the deformation maps. Thus, atomically centered contrast in
HRTEM is only accessible when the sample is at an optimal defocus and very thin. Moreover, on aberration-corrected
microscopes, the aberrations (defocus, spherical aberrations) need to be balanced to optimize the phase-contrast that
dominates the image contrast in HRTEM. Here, specimen preparation remains a practical challenge, especially when large
fields of view are desired.
However, a major issue of using STEM imaging for strain measurements is the noise present in the images. As image
intensities are acquired pixel by pixel, the recorded image is affected by relative movements of the electron probe and
sample during acquisition, as well as systematic and random noises in the probe scan. Random scan noise is introduced
due the sudden beam position changes (fly-back distortion) in conventional line-by-line raster scans, while systematic
noise might arise from sample drift, environmental interferences, deviations from the saw-tooth deflecting voltage applied
to the scan coils, or any systematic scan noise introduced during the scan fly-back time [90]. These are serious issues
which can heavily degrade the quality of the STEM images and worsen the strain mapping precision. Hence, a stable
environment (room conditions) and a stable microscope platform are essential for quantitative STEM measurements. For
remaining instabilities, many approaches have been proposed to tackle the unwanted noise affecting STEM images. These
can be grouped into those using reference data or those using frame-averaging [113].
Reference approaches assume that distortions remain constant between images recorded at different times [114,115]
or within whole scan-lines of an image [116]. However, as actual environmental distortions cannot be assumed to be
reproducible, such methods often preserve scan-distortion artifacts in their corrected data [111,115,116]. This is illustrated
in the example of Fig. 13, where it is shown that residual scan-distortion artifacts are preserved in the corrected data.
Multi-frame acquisition approaches combined with post-processing have demonstrated significant improvements in
precision and show an increased signal-to-noise ratio. These approaches include simple rigid-alignment [117], more
advanced rigid-plus-affine registration of revolving image series [118], unconstrained non-rigid registration [119], and
non-rigid registration using the ‘row-locking’ technique [120]. Remarkably, sub-pm precision in the determination of
atomic positions has been achieved by non-rigid registration and averaging of series of 20-30 short-exposure images
[119,120]. The resulting distortion-corrected images can be subsequently analyzed in order to obtain distortion and/or
strain maps with high precision.
An example of a noisy single HAADF-STEM image and the analogous distortion-corrected image obtained from
averaging several images non-rigidly is given in Figures 14 and 15. In Fig. 14, a single HAADF-STEM image acquired
with 20 μs dwell time of a BiFeO3 thin film on a La0.7Sr0.3MnO3 layer reveals the presence of two edge dislocations [80].
Here, the enlarged view (inset) of the area highlighted with a square clearly shows the presence of errors in the beam
position along the fast scan axis (also known as “flags”). The errors in the beam position along the slow scan (“skips”)
lead to an extension or truncation of the image and are perceptible as horizontal stripes in the εZZ and εXZ strain and RXZ
rotation maps. The analogous image obtained by non-rigid registration of 20 HAADF-STEM images acquired with 1 μs
dwell time is shown in Fig. 15. Both the enlarged view and the corresponding strain and rotation maps demonstrate that
the flags and skips have been corrected resulting in a significant improvement in the strain precision.

Fig. 14: Single HAADF-STEM image acquired with 20 μs dwell time of a BiFeO3 thin film on a La0.7Sr0.3MnO3 layer revealing the
presence of two edge dislocations at a distance of 8 nm. The inset is an enlarged view of the area highlighted with a square
showing the errors in the beam position along the fast scan axis (flags). The errors in the beam position along the slow scan
(skips) lead to an extension or truncation of the image and are perceptible as horizontal stripes in the εZZ and εXZ strain and RXZ
rotation maps obtained by GPA. These fluctuations are absent in the εXX strain maps because the scanning direction is parallel
to the principal axis of the strain. The color bars give the change in strain and the rigid rotation angle in percent and degrees,
respectively. The scale bar is 2 nm.

Fig. 15: Non-rigid registration of 20 HAADF-STEM images acquired with 1 μs dwell time of the same area shown in Figure 14 ,
and corresponding strain and rotation maps obtained by GPA. The inset is an enlarged view of the area highlighted with a
square. Note that the flags and skips have been corrected. The color bars give the change in strain and the rigid rotation angle
in percent and degrees, respectively. The scale bar is 2 nm.

Several methodologies have been described in the literature to obtain strain maps from HRTEM and HAADF-STEM
images, either in Fourier space (Geometric Phase Analysis) or in real space (Peak Finding). They provide the best spatial
resolution (1–5 nm) but a relatively low precision (0.2-0.4%) as compared to the previously described deformation
mapping techniques [100].
Geometric Phase Analysis (GPA) works in the Fourier space and consists of measuring the local displacements of
atomic planes by calculating the local Fourier components of the lattice fringes in a HRTEM or HAADF-STEM image
[121]. This is done by centering a small aperture on a Bragg spot in the Fourier transform of the lattice image and
performing an inverse Fourier transform. The phase component of the resulting complex image contains information about
the local lattice displacements and the two-dimensional displacement field can be derived by applying the method to two
or more non-collinear Fourier components. Subsequently, the local strain components can be obtained by computing the
derivative of the displacement field [122,123]. The spatial resolution of the GPA technique is determined by the size of the
mask used to extract the Bragg spot.
Peak-Finding (PF) methods work in real-space and take advantage of all information recorded in an atomic resolution
HRTEM or HAADF-STEM image. They are based on locating all the intensity maxima registered at the atomic columns
and superimposing a two-dimensional reference lattice extrapolated from a distortion-free region of the material in order to
calculate the local discrete displacement field at each node. Then, by derivation of the calculated displacement field, the
strain field is obtained [116,124]. This methodology works very well for the analysis of pseudomorphic heterostructures
but the automatic image girding usually fails at defective regions, such as dislocations cores. At these positions human
intervention is typically needed to correctly construct the lattice. An alternative real space algorithm based on the detection
of pairs of intensity maxima was proposed by Galindo et al. [125]. The algorithm, known as Peak Pairs Analysis (PPA)
[126], works on a filtered image by locating pairs of peaks along two predefined basis vectors. From the deformation of
each pair across the image, the displacement field can be reconstructed and used to calculate strain maps. PPA exhibits a
good behavior at heavily distorted areas, for instance at interfaces of plastically relaxed systems, without user’s
intervention. However, PPA fails when lattice peaks are not clearly detected due to static tilts of atomic columns near
specific dislocations or grain boundaries. In these cases, GPA is recommended [125].
The TEM techniques introduced in this section are very valuable to the research field of multiferroics as the nanoscale
strain gradients are known to influence different functional properties of the films [80,127–131]. Thus, if properly
exploited, the epitaxial strain can be used as an important factor to tailor the macroscopic response towards desired
properties, such as ferroic transition temperatures, magnetic order, and ferroelectric polarization.

5 Ferroelectric polarization mapping from high-resolution
images
Aside from local strain measurements, atomic-resolution micrographs also allow for assessing the local symmetry of
individual unit cells and thus for indirectly measuring the local polarization of the sample (see DOI:
10.1515/PSR.2019.0015). The ferroelectric polarization can be determined from the atomic displacements measured in
atomic resolution images. Earlier reports on polarization mapping mostly used HRTEM techniques such as negative
spherical aberration (Cs) condition [132] or exit wave reconstruction of focal series [74]. However, in the last few years
HAADF-STEM has emerged as the preferred technique for mapping atomic polar displacements because the samples can
be thicker, which helps to preserve the native domain structure, and the interpretation of the image contrast is
straightforward and reliable [58,80,140,111,133–139]. Mapping of atomic polar displacements from HAADF-STEM
images was successfully applied to reveal various domain wall configurations [111,133–135,140,141], flux-closure
domain patterns [136], ferroelectric vortex domains [137,138], polarization gradients [58,142], as well as interface and
surface reconstructions in ferroelectric thin films [143]; see Fig. 16. In these examples, the ferroelectric films present the
pseudocubic perovskite-type structure with general formula ABO3, where A and B are cations of different size and O is the
anion bonding to both. In the perovskite structure, the larger A cations lie in the center of twelve oxygen ions in
dodecahedral coordination, and the smaller B cations are octahedrally coordinated. The polar displacement resulting from
the off-centering of the cations with respect to the oxygen octahedra induces spontaneous polarization. However, in the

HAADF-STEM images, the light elements such as oxygen are usually undetectable when the compounds contain
relatively heavier atoms; then polarization maps are effectively calculated from the relative displacements of the two
cation sublattices. As the B cations are displaced along with the oxygen octahedra, the displacement vector can be
determined by measuring the polar displacement of the B position in the image plane from the center of its four A
neighbors. Thus, the displacement vector as the manifestation of the ferroelectric polarization in ABO3 points toward the
center of the negative oxygen ions and can be used to determine the polarization vector. In the polarization maps derived
from HAADF-STEM images, the polarization vectors are typically plotted opposite to the polar displacement of the B
cations. An example of a polarization map, superimposed on a HAADF-STEM image of a Bi0.8Ca0.2FeO3 thin film,
calculated from the displacement of the Fe cation with respect to the center of mass of the Bi cell, is shown in Fig. 17(a).

Fig. 16: Mapping of atomic polar displacements from HAADF-STEM images. (a) Ferroelectric vortex domains in a
(SrTiO3)10/(PbTiO3)10 superlattice [138]. The curl of the polar displacement (∇ × 𝑃𝑃)[010] is plotted for a vortex-antivortex pair with a
red/blue color scale; clockwise (negative) is blue and anticlockwise (positive) is red. (b) Flux-closure domains in strained PbTiO3
films [136]. (c) 180º domain wall in a PbZr0.2Ti0.8O3 film displaying a mixed Ising–Néel type character [135].

Fig. 17: Periodic giant polarization gradients in a Bi0.8Ca0.2FeO3 thin film. Polarization maps superimposed to (a) an averaged
HAADF-STEM image and (b) the simultaneously recorded inverted ABF-STEM image calculated from the displacement of the Fe
cation with respect to the center of mass of the Bi cell (marked with a red cross in the model. (c) Polarization map superimposed to
the inverted ABF-STEM image calculated from the relative displacements of the center of mass of the oxygen octahedron and the
center of mass of the Bi cell (marked with green and red crosses in the model, respectively). As indicated in the models, the
polarization vectors are plotted opposite to the polar displacements of the B cations and O anions. The corresponding profiles along
the [001] direction of the in-plane (Δx) and out-of-plane (Δy) components of the atomic displacements are shown at the right side.
The gray rectangles indicate the position of two oxygen deficient layers. Adapted from [58].

A more straightforward way of obtaining polarization maps can be attained, in principle, by using annular bright-field
(ABF) STEM imaging as it allows for simultaneously visualizing both heavy and light atomic columns in a single image
[144–149]. This imaging mode uses an annular detector spanning an angular range within the direct scattering cone, which
is defined by the probe-forming aperture of the focused electron beam [144,148]. In ABF-STEM the image contrast is
mostly dominated by elastically scattered electrons and the images show, for suitable defocus values, a negative
absorptive-type signal at all (light and heavy) column locations over a large range of thicknesses [148,150]. Therefore, this
imaging mode has turned out to become an important imaging mode for the quantitative structure determination of
systems composed of a mixture of light and heavy atoms, such as oxides and perovskites [58,139,151]. However, unlike
HAADF-STEM imaging, ABF-STEM images are highly sensitive to sample mistilt [148,152–154]. Specifically, the

misalignment of the sample results in significant column-type dependent shifts, especially for thicker specimens. Recent
work on the accuracy of ABF-STEM imaging revealed that a small sample mistilt of about 6 mrad relative to the electron
beam causes an artificial displacement of 11.9 pm between the oxygen and cation columns for cubic SrTiO3 [153].
Artifacts of this magnitude can thus result in the depiction of a deformed unit cell preventing the reliable quantification of
lateral atomic displacements based on ABF-STEM images. This is exemplified in Fig. 17. By comparing the profiles in
Figures 17(a) and (b), one can easily observe that the out-of-plane (Δy) relative displacements of the two cation sublattices
are much larger for the ABF-STEM image (~47 pm) than for the HAADF-STEM image (~30 pm). Further, the profile in
Figure 17(c), calculated from the relative displacements of the center of mass of the oxygen octahedron and the center of
mass of the Bi cell, is shifted laterally away from the zero-displacement axis as a result of a small sample mistilt around
the [100] axis. When using ABF-STEM imaging for polarization mapping it is therefore extremely important to align the
sample’s zone axis to the optical axis as accurately as possible, i.e. within a precision of tilt of <1-2 mrad, which is
typically the limit of the tilt accuracy of the TEM goniometer [152].
For a practical application of the above outlined experimental approach we discuss a non-trivial example, namely the
multiferroic hexagonal manganites h-RMnO3 (R=Sc, Y, Dy-Lu), which belongs to a family of materials attracting much
interest, particularly because of the observation of antiphase structural domains clamped to ferroelectric domain walls
[155–161] (as discussed in DOI: 10.1515/PSR.2019.0014). The structural domains, when arranged in a particular phase
relation forming a clover-leaf pattern, result in the appearance of structural vortices, which in turn induce magnetic
vortices [162]. Additionally, it was shown that in hexagonal manganites ferroelectric domain walls can carry a magnetic
moment [162–164].
The high-temperature paraelectric RMnO3 structure displays P63/mmc symmetry and consists of corner-linked MnO5
trigonal bipyramid layers alternating along the c-axis with R layers. At the symmetry-lowering phase transition,
polarization emerges as a result of periodic tilts of the MnO5 bipyramids and displacements of the R ions along the c axis;
see Fig. 18. This periodic √3 × √3 × 1 lattice distortion, which is driven by the condensation of a zone boundary K3
phonon, triples the crystallographic unit cell and is often referred to as the trimerization transition. Thus, the R ions arrange
in the form of sinusoidal waves and display either a ↑↑↓ pattern with positive (+) polarization or a ↓↓↑ pattern with
negative (-) polarization. Each polarization pattern exhibits three possible permutations resulting in three distinct φ
structural domains (α, β, and γ). Therefore, the low-temperature ferroelectric phase, P63cm, presents a total of six
structural domains, labeled α+, β-, γ+, α-, β+, γ-. By driving the system through this structural transition, topological defects
are created in the form of discrete vortices around which φ changes monotonically in a clockwise or counterclockwise
fashion. The core region is typically about 3 nm in diameter and exhibits nearly zero polarization [165,166].
The crystal-lattice trimerization can be fitted by using the model proposed by Holtz et al. [166]:
𝑢𝑢 = 𝑄𝑄 cos(𝒒𝒒 ∙ 𝒓𝒓 − 𝜑𝜑)
where q is the wavevector of the K3 mode, r the position vector of the R atom, Q the amplitude of the sinusoidal wave and
φ its phase, with discrete values given by φ = nπ/3 (n = 0, 1, …, 5). The primary order parameter of the structural
trimerization is hence given by Q = (Q cos φ ,Q sin φ). Noteworthy, the two parameters Q and φ are connected to
remarkable physical quantities: Q is related to the maximum displacement (1.5 x Q) between R atoms, and φ is associated
with the six possible structural domains generated by the possible permutations of the ↑↑↓ and ↓↓↑ patterns.
From Landau theory, the polarization P can be directly calculated from the values of Q and φ from the relation [166]:
𝐏𝐏 ~ 𝑄𝑄3 cos 3𝜑𝜑
Therefore, from the fitted values of Q and φ, the polarization can be calculated. The paired charge density due to the
material polarization can then be calculated using the equation:
𝜌𝜌𝑃𝑃 = −∇ ∙ 𝐏𝐏
and allows a direct visualization of the charged domain walls.
As an example, Fig. 19 shows a HAADF-STEM image of YMnO3, where the displacement pattern of the Y atoms
changes gradually across three 180º domain walls. Thus, four distinct ferroelectric domains can be identified.
Additionally, the charge density map reveals that, due to the non-straight nature of the domain walls, in some areas the
polarization is not parallel to the wall, so that ∇ ∙ 𝐏𝐏 ≠ 𝟎𝟎. This example demonstrates that by carefully applying the above
methodology critical structural information about complex multiferroics can be obtained, on length scales which are
difficult to access by other methods.

Fig. 18: Ferroelectric order in hexagonal manganites. The side and top views of the P63cm unit cell show the lattice trimerization Q
with tilt amplitude Q (in this case away from the common center) and azimuthal tilt angle φ of the MnO5 bipyramids and the
equivalent sinusoidal corrugation pattern of the R atoms. For clarity, the oxygen atomic displacements for one of the three
bipyramids constituting the tilt are indicated. The HAADF-STEM image corresponds to a neutral domain wall in YMnO3 (marked by
the broken line) separating two neighboring domains with opposite polarization. The insets show the Y displacements observed at
each side of the domain wall.

Fig. 19: Charged domain walls in YMnO3. Top: HAADF-STEM image with a color overlay of the trimerization phase. The
displacement pattern of the Y atoms changes gradually across the 180º domain walls. Middle: plot of the polarization. Red
indicates polarization up and blue polarization down, according to the color bar. Bottom: charge density map. Positively and
negatively charged walls are indicated in red and blue, respectively.

Fig. 20: In-situ TEM observations of polarization switching using a conductive nanoprobe. (a) Schematics of the switching
experiment in the TEM. Polarization switching is induced by an applied electric field oriented along the film normal between
a surface probe in direct contact with the PbZr0.2Ti0.8O3 film surface and a planar bottom electrode. (b) Growth of a P[00-1]
domain during the initial switching cycle. (c) Reverse switching under reverse bias results in the nucleation of P[001]
domains at the bottom. The lines are contour plots of the domain outline versus time. Selected corresponding TEM images
are shown below each panel. Scale bars are 100 nm. Reproduced from [167].

6 New possibilities of in-situ measurements
The success of in-situ TEM measurements has been facilitated in recent years by the development of a number of
technologies. Progress in Micro-Electro-Mechanical Systems (MEMS) has led to the development of dedicated TEM
holders providing different stimuli (such as heating, electrical biasing, mechanical force, etc.) or a combination of multiple
stimuli at once. The investigations can moreover be carried out in vacuum, gas or liquid environment. Additionally, the
introduction of scanning/transmission electron microscopes with sub-Ångström resolution as well as fast and sensitive
detection cameras capable of high speed (with more than 1000 frames per second) support the direct observation of
dynamic phenomena in-situ down to the atomic scale.
This section covers the latest developments in in-situ TEM instrumentation which are of relevance to characterize
magnetoelectric multiferroics. In particular, we describe here recent advances of in-situ MEMS-based holders for heating
and electrical biasing experiments and provide relevant literature on in-situ observations of domain structure evolution and
phase transitions.

6.1. Heating stages
For many years the only available in-situ heating stages for TEM were furnace type holders made from tantalum or
Inconel, and designed to accommodate standard 3 mm disk specimens. These holders can reach 1200°C (when using
tantalum), but require the use of circulating water to cool down the specimen rod and to maintain the targeted temperature
at the specimen. Hence, these traditional systems suffer from slow response times, (comparably) inaccurate temperatures
and severe sample instability complicating atomic resolution imaging.
To address these issues, microfabricated heating stages with MEMS chips as disposable cartridges were developed
[168,169] and have become commercially available. The MEMS chips are typically made of silicon as the main body and
present a window which is covered with a free-standing non-electron transparent membrane consisting of an electrical
insulator material (usually silicon carbide or silicon nitride) [169–172]. The membrane is offered with either electron
transparent windows made of amorphous silicon nitride or carbon (for nanostructures) or through-holes (for FIB lamella
applications or 2D materials). The cartridges incorporate integrated circuitry which is used to pass an electrical current
and, thus, to produce localized resistive heating directly on a small region of the chip of about 0.1 mm2. The Protochips
systems [173] utilize ceramic heaters and each chip is calibrated by the supplier (using an optical pyrometer) and is
provided with a chip-specific calibration file. Instead, the other systems [174,175] utilize metal heaters and the
temperature is accurately determined from the resistance value of the heating element by using a separate pair of
electrodes in a four-point probe measurement. Precise temperature stabilization (<0.1°C/min) is achieved by continuously
monitoring the resistance in a closed control loop, hence guaranteeing accuracy and reproducibility of the in-situ
experiments. Thanks to the localized heating and the small thermal mass involved, low power consumption (few tens of
milliwatts) is achieved enabling temperatures as high as 1300°C, heating and cooling in the millisecond range, minor
sample displacement, and drift stabilization within few minutes instead of hours. Thus, with some care heat-induced
specimen modifications can be recorded at atomic resolution in real time from the first instance after a heat change [176–
178].

6.2. Electrical stages
In early studies, instruments and attachments for in-situ biasing TEM were laboratory-made systems [179–185].
Practically, these experiments required complicated sample preparation strategies and it was difficult to estimate the
magnitude of the actual electric field applied to the imaging area of the specimen. In the early 2000s, the
commercialization by Nanofactory Instruments of TEM holders with an integrated scanning probe made in-situ biasing
experiments much easier [186–190]. These in-situ holders use a conductive nanoprobe that is brought into contact to the
specimen by using a precise piezo-driven manipulator. In particular, for polarization switching experiments of ferroelectric
thin films, cross-sectional specimens are required. Thus, an electric field can be induced along the film normal by applying
a voltage between the nanoprobe (contacted at the film surface) and a bottom electrode (contacted with silver paste at the
conductive substrate or buffer layer); see Fig. 20(a). A typical ferroelectric switching process observed in-situ using a

Fig. 21: In-situ TEM observations of polarization switching using a capacitor-type geometry. The ferroelectric PbZr0.2Ti0.8O3 thin
film is sandwiched between a conductive Nb-SrTiO3 substrate and a top electrode consisting of Au and Pt. The series of darkfield TEM images show the domain-switching behavior induced by a series of external biases. The scale bar is 200 nm.
Reproduced from [191].

conductive nanoprobe is shown in Fig. 20(b) and 20(c). In this example, the nucleation and growth of a P[00-1] domain in
a PbZr0.2Ti0.8O3 film is observed to take place in the region below the tip of the probe during the initial switching cycle,
while reverse switching under reverse bias results in the nucleation of multiple P[001] domains at the bottom interface
[167]. While much research on the switching mechanisms has been conducted by using in-situ conductive nanoprobe
systems [167,186,189,190,192], they face two serious disadvantages. First, it is not possible to examine ferroelectric
switching over large areas under a uniform electric field. Instead, an inhomogeneous high field is confined to the region
below the tip of the probe [167,189,190]. Second, additional piezoelectric and flexoelectric coupling effects on the
spontaneous polarization might arise from the force contact of the probe against the film surface [193,194]. This suggests
that the employed geometry, where the film surface is in direct contact with the probe, is probably not entirely reliable. As
an alternative, a sandwich-type capacitor geometry with bottom and top electrodes would be a better choice [191,195].
Figure 21 shows the switching behavior of an epitaxial PbZr0.2Ti0.8O3 thin film sandwiched between a conductive NbSrTiO3 substrate and a top electrode consisting of Au and Pt in a capacitor-type geometry [191]. The series of dark-field
TEM images acquired at distinct external biases demonstrates that by using this configuration a uniform electric field is
attained over a very large area. Moreover, this geometry ensures that the electrical boundary conditions closely resemble

those of an actual ferroelectric capacitor [196]. Here, also, advances in MEMS technology for miniaturized TEM specimen
holders shall bring new opportunities for more consistent in-situ biasing studies. Similarly to the MEMS heating chips, this
approach uses prefabricated circuitry developed by lithography on silicon chips containing thin silicon nitride membranes.
A cross-sectional slice of the ferroelectric film sandwiched between two conductive layers is prepared by FIB. Then, the
conductive layers are connected to the circuitry by writing metal interconnects by electron or ion-beam-induced deposition
within a SEM or FIB [197]. Notably, MEMS-based holders and chips fitted with four or more contacts offer the unique
additional capability to enable simultaneous in-situ heating and biasing experiments, thus, opening up new fields of
research for in-situ electron microscopy.
For all the reasons explained above, MEMS-based TEM heating holders are becoming increasingly popular. This is
reflected in the exponential growth in the number of publications, and material conference sessions and workshops on insitu TEM organized over the last decade. In particular, it is expected that the MEMS-based in-situ technology shall
become standard for characterizing ferroelectric materials enabling a whole new level of insight into multiferroic
properties at unprecedented length scales. For example, in-situ thermal TEM experiments shall be used to study the
ferroelectric phase transition in thin films and to investigate the mechanisms controlling the Curie temperature in the low
thickness range, such as clamping of the film distortions exerted by the substrate. These experiments performed at the
atomic scale should give direct insight into the ferroelectric ordering and help clarify the displacement and order-disorder
polarization mechanisms. Dynamic measurements of the polarization reversal by applying electric fields through the
connected top and bottom electrodes will be crucial to study in-situ the polarization switching process and domain wall
propagation at the atomic scale. In-situ electron holography, at forward and reverse bias conditions, shall reveal valued
information about the charge redistribution. Also, in-situ biasing experiments shall allow for observing the response of
magnetic domains to the applied electric field, which is essential to understanding the multiferroic behavior. In conclusion,
MEMS-based TEM holders shall contribute significantly to understanding the relationship between the domain dynamics
of multiferroics and the specific microstructure of the films providing important guidance to design new devices and to
predict and mitigate failures.

7 Summary
This review focused on introducing advanced methods based on (scanning) transmission electron microscopy which
can be used to characterize complex multiferroic materials. The review did not deal with basic TEM methods, such as
bright-field/dark-field imaging, selected area diffraction, which, of course, are important for the study of materials, in
general, and undoubtedly need to be considered as the fundament upon which new and advanced methods build up.
Neither did the review deal with analytical methods, such as electron energy-loss and energy-dispersive X-ray
spectroscopies, as the focus of the present review was on analytical imaging methods. After introducing the topic, socalled phase-contrast methods were first discussed which can be used to map electrostatic and magnetic fields in TEM and
STEM modus. Diffraction methods were then covered which provide very local diffraction information; these are
particularly useful to gather structural data in materials consisting of small domains. Thereafter, methods were discussed
which allow for analyzing local strain, whereas in the subsequent section methods were introduced which allow for
measuring local polarization effects on a length scale of individual unit cells. Finally, a brief outlook was given about the
possibilities of new in-situ methods which are just about at the launch of becoming more popular, particularly in the field
of magnetoelectric multiferroics.
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