This document is the accepted manuscript version of the following article:

Arabi-Hashemi, A., Maeder, X., Figi, R., Schreiner, C., Griffiths, S., & Leinenbach, C. (2020). 3D
magnetic patterning in additive manufacturing via site-specific in-situ alloy modification. Applied
Materials Today, 18, 100512 (9 pp.). https://doi.org/10.1016/j.apmt.2019.100512

This manuscript version is made available under the CC-BY-NC-ND 4.0 license
http://creativecommons.org/licenses/by-nc-nd/4.0/

3D Magnetic Patterning in Additive Manufacturing via site-specific in-situ Alloy Modification

Authors

Ariyan Arabi-Hashemi, Xavier Maeder, Renato Figi, Claudia Schreiner, Seth Griffiths,
Christian Leinenbach

Affiliation

Empa, Swiss Federal Laboratories for Materials Science and Technology
Uberlandstr. 129, 8600 Diibendorf, Switzerland

Corresponding authors: Christian Leinenbach (Christian.Leinenbach@empa.ch) and Ariyan Arabi-Hash-

emi (Ariyan.Arabi-Hashemi@empa.ch)

Abstract

Controlling the process-microstructure-properties relationship is at the heart of materials science. Thus
in-situ compositional control in additive manufacturing has the potential to innovate present materials
AM processing. We demonstrate in-situ alloy modification during laser powder bed fusion (LPBF) pro-
cessing with the site-specific control of the para- and ferromagnetic properties in a high-nitrogen steel
part fabricated by LPBF. Nitrogen can be selectively evaporated during the LPBF process by varying the
volumetric energy density. The controlled evaporation of nitrogen stabilizes the ferromagnetic bcc phase
at the expense of the paramagnetic fcc phase as shown by experiments and thermodynamic simulations.
We demonstrate the feasibility to print complex magnetic structures by a 3D magnetic chessboard pat-
tern comprised of non-ferromagnetic and partially ferromagnetic areas. The presented approach is ap-

plicable to all alloys where volatile elements affect the microstructure.



1. Introduction

In recent years, additive manufacturing (AM) of metals (often termed as ‘3D printing’) has evolved from
a mere prototyping technology to a real production technology. Laser powder bed fusion (LPBF) or
electron beam melting (EBM) has enabled the layer by layer building (Additive) of parts with intricate 3D
geometries and new functionalities from metal powders. Different metals such as titanium, nickel, alu-
minum, cobalt, and iron-based alloys are commercially used to print parts for aerospace, medical, auto-
motive, and machine tool applications[1-4]. The performance of these aforementioned parts is deter-
mined by the alloy properties which are governed by the complex interrelationships between the alloy
composition, the processing parameters, and the resulting microstructure[3-6]. Furthermore, laser or
electron beam-based AM processed parts possess complex thermal histories including rapid solidifica-
tion of small material volumes, with cooling rates exceeding 10° K s, followed by multiple heating and
cooling cycles with the deposition of subsequent powder layers[7]. During localized melting large ther-
mal gradients (G) and high solidification front velocities (V) result in non-equilibrium elemental parti-
tioning or complete loss of elemental partitioning and meta-stable supersaturated phases[4, 5]. While
this may lead to phases with unwanted properties, it also can be exploited for producing parts from
materials that are difficult to produce using conventional manufacturing methods such as super-satu-
rated alloys with superior mechanical properties in comparison with conventional alloys[8-10] or oxide
dispersion strengthened alloys[11, 12]. The very high energy densities can further lead to compositional

variation due to the volatilization of certain elements[5, 13].

Due to directional solidification, microstructures in AM parts are often characterized by columnar grains
with (001) texture. It has been shown that microstructure and texture formation during solidification are
controlled by the thermal Gradient (G) and the solid-liquid interface velocity (V) and can thus be manip-
ulated to a certain extent by varying the process parameters[14-19]. By carefully manipulating G and V
via the process parameters during laser metal deposition and electron beam melting, single crystal laser
deposition of Ni superalloys has been achieved[14, 20]. Dehoff et al demonstrated that the grain orien-
tation in a Ni alloy can be varied on a local scale during EBM[15, 21, 22]. This was accomplished by
developping electron beam scan strategies based on principles of columnar to equiaxed transitions dur-
ing solidification. By changing the scan strategy, steady state and/or transient thermal gradients and
liquid/solid interface velocity could be promoted, resulting in an equiaxed solidification in certain re-
gions. The microstructure formation in AM fabricated parts can be further manipulated by modifying
the composition of the alloys and thereby induce certain phase transformation sequences during solid-

ification[23] or trigger the formation of inoculants that act as nucleation sites[9, 24, 25].

A majority of past research on AM was undertaken to produce equiaxed, crack-free microstructures in
order to achieve isotropic mechanical properties of AM fabricated parts. While there is an interest in
fabricating metallic components with site-specific mechanical and/or functional material properties,
those are still difficult to produce by laser-based AM methods as. The present work demonstrates the
feasibility to locally manipulate the para- and ferromagnetic properties of high-nitrogen stainless steel
during LPBF by locally controlling the phase and microstructure formation in the material consolidation

process.



High-nitrogen stainless steels (HNS) are commercially used due to their high strength and ductility, their
excellent corrosion properties, and their biocompatibility in comparison to other stainless steels[26-30].
High amounts of Ni (8-11 wt. %) are usually required to stabilize the fcc-austenite phase in stainless
steels. In HNS the austenite phase is stabilized by adding comparably small amounts of N (0.5-1 wt. %
N) without any Ni[27]. During the interaction of a laser with an HNS the amount of nitrogen can increase
or decrease depending on the nitrogen concentration in the atmosphere[31]. When high-nitrogen steels
are welded in a nitrogen-free atmosphere, nitrogen evaporates because of the low nitrogen solubility of

the Fe-rich melts[32].

This study demonstrates that the amount of evaporated nitrogen can be controlled locally by varying
the energy density, i.e. laser power and scanning speed, during LPBF. The loss of nitrogen results in a
loss of fcc phase stability and thus promotes an increase in the amount of ferromagnetic bcc phase
present in the microstructure. It is shown that by varying the process parameters, one can locally vary
the composition and thus the microstructure of the HNS. This results in a bcc-fcc duplex microstructure
with tailored amounts of bcc phase depending on the amount of Nitrogen. Since the bcc phase is ferro-

magnetic it is possible to build parts with site-specific magnetic properties.



2. Materials and Methods

2.1. Powder

The HNS (1.4452) steel powder had a dso of 45 um and a size distribution ranging from around 30 pm
to 60 um (Supplement Figure 1 a)). Based on the dso value, the slicing thickness was chosen as 40 um
throughout the study. The powder particles were fully dense and most of the particles were spherical
(Supplement Figure 1 b)). The composition of the powder was measured by combustion analysis. All
values in wt. %: Cr 16.0, Mn 13.0, Mo 3.3, Si 0.9, C 0.07 and N 0.62.

2.2. Laser powder bed fusion experiments and sample preparation

All LPBF parts were manufactured on a Sisma MySint 100 LPBF machine equipped with a 1070 nm fiber
laser, a spot size of 55 um and a maximum output power of 200 W. The build chamber contained Ar
shielding gas at atmospheric pressure. The remaining oxygen in the chamber was around 0.01 % and
kept as low as possible to minimize oxidation. The powder layer thickness was set to 40 um. The volu-

metric energy density (VED), which is calculated according to
P

with P: Laser power, v scan velocity, h: hatch distance, d: powder layer thickness was varied by varying
the laser power and the scanning speed. Laser powers used were in the range of 125 W to 200 W and
scan velocities ranged between 80 mm/s to 800 mm/s, resulting in VEDs between 31 J/mm? and
500 J/mm?

Samples were ground using #320 to #4000 grinding paper and polished using 3um and 1um diamond
suspension. Finally samples were polished using 50 nm colloidal silica. To measure melt-pool sizes, sam-
ples were etched using V2A etchant (100 ml water, 100 ml HCl, 10 ml HNO3). The scanning strategy was

chosen as simple as possible as meander. It consists of parallel single line laser tracks.

2.3. Density measurements

The density was measured using the Archimedes principle. The weight of the sample was measured in
air and in high purity ethanol at room temperature. In order to calculate the density of LPBF parts a full

density of 7.77 g/cm? was used.

2.4. Analysis of nitrogen concentration

The nitrogen concentration was measured by combustion-melting analysis using a LECO TC-500 system.
Samples were heated in a graphite double crucible to around 3000°C using an electrode oven. N was
measured by a thermal conductivity measuring cell. Certified reference samples and blanks are used for
quality assurance. For every measurement two to three independent samples were analyzed. Cylindrical
samples required for combustion analysis were directly manufactured by LPBF (Supplementary Figure
4). Weights of the samples were in the range of 250 mg to 500 mg. The error of the measurement was

below 0.02 wt. % for all measurements.



2.5. Microstructure characterization

X-ray diffraction was done on a Bruker D8 using Cu Ka radiation. A pinhole of 1T mm diameter was used.
KB radiation was filter by a Ni foil. Kol was subtracted from all patterns. XRD measurements were done

on the same surface as the EBSD measurements. The sample orientation is shown in Figure 3.

The EBSD measurements were done on a Hitachi S4800. The sample was tilted by 70°. The electron beam
voltage was set to 20 kV. The step size was 350 nm and only data points with a confidence index >0.05
were considered. Large area EBSD mapping was done in a Tescan Lyra 3 FIB-SEM, using 20 kV and 1.5
um step size, with a Digiview V camera from EDAX. Data points with a confidence index >0.01 were

considered. All grain sizes provided in the manuscript are based on area fractions.

The lamella for scanning transmission electron microscopy (STEM) analysis was produced from the 500
J/mm? sample with a FEl Helios NanoLab 600i focused ion beam (FIB). STEM was performed on an FEI
Titan Themis microscope equipped with a probe spherical aberration corrector. The microscope was
operated at 300 kV and with a 25 mrad probe convergence semiangle. An annular dark field (ADF) de-
tector with a 53 mrad inner / 200 mrad outer collection semiangle was utilized for STEM imaging. The
chemical analysis was performed with the SuperEDX (ChemiSTEM technology) system with four silicon

drift detectors. Chemical analysis was performed using the Si-K, N-K, Mn-K, Cr-K, C-K, and Fe-K lines.

2.6. Vibrating sample magnetometry

Vibrating sample magnetometry (VSM) was done on a physical property measurement system by Quan-
tum Design. All measurements were done at 27°C. Samples with a typical weight in the range of 50 mg-

100 mg (volume ~mm?3) were cut out of LPBF build parts by a rotating saw.

2.7. Thermodynamic simulations

Thermodynamic calculations were performed using ThermoCalc version 2019 in combination with the
database TCFE7. Beside the calculation of vertical sections for the given alloy composition and amounts
of N between 0 and 1 wt.%, the phase fractions of the fcc and bcc phases upon solidification were
calculated for different amounts of N between 0.3 and 0.8 wt.% using the Scheil-Gulliver model. The

calculations were performed for a pressure p = 10° Pa.

In addition, To temperatures were calculated for the phase transformations liquid—bcc and liquid—fcc
using the same database. The so called To temperature is the temperature at which the Gibbs free ener-
gies of two phases, Ga and Gg, are equal with the same composition. Under equilibrium conditions, the
energy is minimized by the formation of two phases with a different composition. However, at rapid
cooling conditions diffusion is strongly reduced, which can hinder the formation of the equilibrium
phases. The formation of the low temperature phase A is expected as soon as T < Toa-s, Where Ga < Gg.
Consequently, the formed phases are metastable as the energy of the intersection point of the Gibbs
free energy curves where Ga = Gg is always larger than the energy of the points lying on the common

tangent line.



3. Results and Discussion

3.1. Phase and microstructure formation during LPBF

Microstructure in as-printed parts

Conduction mode welding was observed in all of the conditions tested. Optical micrographs of repre-
sentative microstructures and melt pools are shown in Figure 1. Material densities of as-built parts were
measured by the Archimedes’ principle. For a VED <50 J/mm? parts were not dense due to insufficient
melting of the powder. For a VED >50 J/mm? parts with a density >99.5 % were achieved. A VED of 54
J/mm? was sufficient to create a dense part with an underlying melt pool depth of ~50 pm and a melt
pool width of ~200 um (Figure 1 c)). For the highest VED of 500 J/mm? the melt pool size increased to
a depth of ~200 pm and a width of ~350 um. For this VED each melt layer is remolten for ~5 times since

the layer thickness was constantly 40 um throughout the study.

BD
SD 200 ym

a)  31Jmmeb) 54 J/mm? C)

Figure 1: Optical micrographs showing a) insufficient powder melting b) a dense as-built part c) the melt
pool geometry revealed by V2A etching. The build direction (BD) and laser scanning direction (SD) are
shown.

In order to reveal the phases present in LPBF parts, x-ray diffraction patterns were taken from samples
produced with a VED of 50 J/mm?* (lowest VED required for full density) and the highest VED of 500
J/mm?3 (Figure 2). The diffraction pattern shows that the main phases in the build parts are fcc-austenite
and bcc-ferrite. While for a VED of 50 J/mm? the part is fully austenitic, a VED increase to 500 J/mm?
leads to a pronounced increase of the amount of the bcc phase. Based on the peak intensities of the fcc
(111) to bcc (110) peaks, the phase fraction of bcc is 55 % while the phase fraction of fcc is 45 %. These
values should be taken as first approximations because texture is present in the samples which affect
the result. Texture can be inferred by the almost absence of the bcc (200) peak for the 500 J/mm? sample
and also from the low intensity of the fcc (200) peak for the 50 J/mm?. In a texture-free sample this peak

should account for about 50 % of the intensity of the (111) peak.
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Figure 2: X-ray diffraction patterns for two different VEDs. While the 50 J/mm? sample is fully austenitic, a
VED of 500 J/mm? creates the ferritic phase at the expense of the fcc phase.

EBSD measurements elucidate the microstructural evolution as a function of the VED (Figure 3). Samples
produced at three VEDs were selected: 50 J/mm? (low VED), 160 J/mm? (intermediate VED) and 500
J/mm? (high VED). Considering the XRD results a phase composition consisting of fcc and bcc was as-
sumed for the EBSD measurements. For a VED of 50 J/mm? a comparably large grained microstructure
is observed with an average grain size of 55 um. A crystallographic analysis shows that the long axis of
the columns is parallel to the [001] direction. Each large grain consists of many small subgrains con-
nected by small-angle grain boundaries. The formation of these subgrains is typical for the LPBF pro-
cess[33]. For an intermediate VED of 160 J/mm? the amount of fcc phase decreased to 94 % and an
average grain size of 9 um is observed. Again the growth direction of the fcc grains is along the [001]
direction. Between the fcc grains, bcc grains in the size range of 2 um diameter are found. In comparison
to the intermediate VED the grain size for 500 J/mm? increased to 15 um. For the VED of 500 J/mm? the

microstructure contains 42 vol. % bcc and 58 vol. % fcc.
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Figure 3: EBSD phase maps showing the microstructural evolution for increasing VEDs. Blue: austenite fcc
and orange: ferrite bcc. a) For 50 J/mm? large austenitic grains are observed. b) For 160 J/mm? fcc grains
and bcc grains are present. The bcc phase fraction is 6 %. c) For 500 J/mm? fcc and bec grains are present.
The bcc phase fraction grew to 42 %.

The nitrogen concentration was measured for the powder and also for LPBF samples with different VEDs
(Figure 4 a)). The powder showed an initial concentration of 0.62 wt. % N. For a small VED of 31 J/mm?
(insufficient melting) the concentration of N stayed identical to the concentration of N in the powder. A
VED of 500 J/mm? resulted in a concentration of 0.34 wt. % N. A STEM/EDX measurement was done on
fcc and bcc grains of the sample with the highest VED of 500 J/mm? (Figure 4 b)). Segregation of N, Si
and Mn was observed between the fcc and bcc phases. The individual phases of the grains were identi-
fied by the analysis of the fast fourier transformations (FFT) of high-resolution ADF-STEM images which
are shown in Supplement Figure 3. Figure 4 b) shows clearly that the fcc phase is N and Mn enriched
while the bcc phase is Si enriched. All the other alloying elements (Fe, C, Cr and Mo) were homogene-

ously distributed (Supplementary Figure 3).
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Figure 4: a) The nitrogen concentration decreases for increasing VEDs. While the powder (0 J/mm?) shows
a N concentration of 0.62 wt. %, a VED of 500 J/mm? results in a N concentration of 0.34 wt. %. b) STEM-
EDX maps showing segregation of N, Si and Mn for a VED of 500 J/mm?>. No significant segregation of Fe,
C, Cr and Mo was observed. While the fcc phase is enriched with N and Mn, the bcc phase is enriched with
Si.



Nitrogen evaporation upon melting

Nitrogen influences the fcc and bcc phase formation and stability which is calculated in the pseudo-

binary phase diagrams (varying only N concentration) shown in Figure 5.

Figure 5 a) shows the calculated phase diagram that considers the gas phase, mainly consisting of N..
For the nitrogen concentration of the as-delivered powder of 0.62 wt. %, this gas phase is stable for
temperatures above approximately 1300°C. Temperatures of the melt in laser processing can exceed
2000°C’. Due to the absence of N in the atmosphere, overall the nitrogen evaporates at temperatures
above 1300°C. It can be seen that with increasing temperature the liquid phase has a decreasing solu-

bility for N which means that the driving force for N to evaporate increases.

Dong et al. observed that the extent of N evaporation during laser welding of a HNS is dependent on
the temperature and the N, partial pressure in the surrounding atmosphere[32]. Since Ar is constantly
streaming during the process, evaporated N and other alloying elements are rapidly carried away from

the melt pool.

In the present case, it is assumed that the extent of nitrogen loss is approximately proportional to the
melt pool life time and the ratio of the exposed area of liquid metal to the volume of the melt pool. The
melt pool life time and the ratio of the area of liquid metal to the voume of the melt pool can be esti-

mated by using the Rosenthal equation[34].
_ Q v(r+é)
T =T, +-2exp(-"22) (Eq. 2)
Witha = Qicand r = (£2 + y? + z?2) the radial distance from the weld beam in a reference frame traveling

with the laser beam. Q is the absorped power, k the thermal conductivity, Ty the substrate temperature,

v the laser speed, p the material density C the heat capacity
The length L and the width W of the melt pool can be approximated by
L~—2  (Eq.3)

T 2nx (Tm=To)

and

W= w/enCv(Tm_To) (Eq. 4)

with Tr, the melting temperature[35, 36]. The melt pool lifetime L/v is thus proportional to Q/v. The
ratio of melt pool area to the total volume of the melt pool scales with 1/W which is proportional to
\/v/_Q. The amount of evaporated nitrogen is then proportional to \/Q_/v The VED is given by Eq. 1 Since
the hatch spacing and the layer thickness were kept constant in the present study and assumung that
the absorped power is proportional to the laser power, the amount of lost nitrogen is proportional to
VVED. This simple model neglects the temperature-dependant solubility of N of the material. The solu-
bility of N in the melt decreases with increasing temperatures above 1300°C. Therefore, the driving force
for N to evaporate increases for increaseing maximum melt pool temperatures caused by an increased
laser power or a decreased laser velocity. Nevertheless, the suggested loss of N which should be pro-
portional to VVED agrees reasonably well with the experimental data shown in Figure 4 a) where the

largest loss of N is observed for small VEDs.



Rapid solidification and phase selection

Figure 5 b) shows the same vertical section as shown in Figure 5 a), but calculated without considering
the gas phase. Under near-equilibrium conditions for N concentrations <0.8 wt. %, the phase diagram
suggests that the primary phase upon solidification is bcc (Figure 5 b)). The amount of bcc should sig-
nificantly increase with decreasing amounts of N. However, this is not confirmed by our observations on
samples with nitrogen concentration of ~0.5 wt. %, where almost only fcc and very little bcc were de-
tected. The Scheil model does not predict the fcc/bec phase fractions correctly for N concentrations
above 0.5 ma. %. For a concentration of 0.5 wt. % N a bcc phase fraction of 50 % is predicted using the

Scheil-Gulliver model, whereas less than 5 % are observed experimentally.

Phase selection between bcc and fcc in Fe-Cr-Ni steels during solidification is a well-known phenomenon
and has been studied by various authors in the past[37-40]. A phase transition from stable bcc to met-
astable fcc has been observed with increasing solidification front velocity. The critical transition velocity
has been found to be dependent on the ratio between bcc stabilizing elements (e.g. Cr) and fcc stabiliz-
ing elements (e.g. Ni, C, N) Creq/Nieq and on the thermal gradient. A transition from fcc to bec is obtained
when the amount of fcc stabilizers is reduced or when the solidification front velocity is slowed down[38].
Assuming that the nucleation for the two competing phases bcc and fcc is abundant, the phase with the
highest interface temperature is considered to be the kinetically most stable one. The maximum interface
temperature for all competing phases can be obtained by calculating the corresponding interface re-
sponse functions. For steels with a Creq/Nieq between 1.5 and 1.8 that are subjected to thermal gradients
of G = 15 Kmm™' as they occur e.g. during welding (i.e. in comparably large melt pools) , critical solidi-

fication front velocities between approximately 0.001 and 10 mm s™' are reported[38, 39].

For powder bed fusion of stainless steel 316L at parameters comparable to the ones applied in this work,
cooling rates T on the order of 2-5x10° K s™" and thermal gradients between G = 1x10* and 1x10° K mm"
" have been reported[41]. The corresponding solidification front velocities in a single melt pool can be

estimated according to
T
V=-(Eq.5)

Assuming that the thermo-physical properties of the HNS studied in this work and 316L are similar, the
values for V thus range between 20 and 500 mm s in the present case, which is significantly higher than
the ones mentioned above. Such high solidification front velocities lead to highly non-equilibrium con-
ditions with strongly reduced diffusion that can result in (near-)partitionless solidification. It has been
shown in previous work that the phase transformations under such conditions can be predicted consid-
ering phase selection hierarchy maps based on calculated To temperatures [42]. Comparing the equilib-
rium phase diagram with the Ty calculations explains and predicts the extension of phase fields and
changed transformation behavior under rapid solidification and cooling conditions. Considering the high
cooling rates and short melt pool lifetimes, it can be assumed that the gas phase does not need to be

considered during rapid solidification.

In Figure 5 b) the calculated To temperatures for the transitions liquid—fcc and liquid—bcc are shown as
dotted lines. These lines intersect at a N concentration of around 0.38 wt. %. When considering higher
N concentrations, i.e. in samples produced at low VEDs, the fcc phase is likely to form first while at lower

N concentrations, bcc is the preferred primary phase that forms from the melt. We thus conclude that



for small VEDs and small melt pools the To concept can be applied which explains the experimentally
observed fcc phase in the range of 0.51 — 0.62 wt. % N. At the same time the To concept predicts the
formation of the bcc phase for concentrations below 0.38 wt. % which is in agreement with the experi-

mental findings where an increase of bcc is observed below a N concentration of 0.47 wt. %.

Samples produced at higher VEDs show larger melt pools and a more pronounced loss of N (Figure 4
a)). The melt pool lifetimes are longer and the solidification front velocities reach comparably low values
(V can be further decreased due to the accumulated heat in the part) so that (near-) partitionless solidi-
fication no longer occurs as shown by the segregation of N, Si and Mn obtained for a VED of 500 J/mm?
(Figure 4 b)). For a N concentration of 0.3 wt. % a bcc phase fraction of 75 % is calculated using the
Scheil-Gulliver model, while experimentally 42 % are observed. Despite this difference between the cal-
culated and measured phase fractions, these results indicate that the deviation from equilibrium condi-
tions is less pronounced for larger melt pools and that a phase selection based on the Ty concept is no
longer applicable for N concentrations below 0.47 ma. % (high VEDs). In this case, bcc becomes the
primary phase, and the amount of bcc increases with decreasing amount of N.

The situation during LPBF of the HNS is rather complex in comparison to welding due to the multiple
re-heating and cooling. In addition, changes of the solidification conditions correlate with changes of
the amount of N. However, due to the large influence of small changes of N on the phase stability of the
present alloy as discussed in the previous section it is assumed that changes in the alloy composition

are the main driving force for the phase formation of the present alloy.
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Figure 5: Phase diagram as a function of the nitrogen concentration a) with gas phase (mainly N;) in-
cluded, b) without considering the gas phase. The To temperatures for the transitions liquid—fcc and liq-

uid—bcc are shown by dotted lines. The curves intersect at 0.38 wt. % N.

3.2. Characterization of magnetic properties and 3D magnetic patterning

The bulk samples produced with different VEDs were magnetically characterized using VSM (cf. Figure 6
a)). As observed by XRD two phases are present: fcc austenite and bcc ferrite. In order to obtain the
saturation magnetizations, the linear paramagnetic response was subtracted for each magnetization
measurement. The bcc phase is the only ferromagnetic phase present. Therefore the saturation magnet-
ization of LPBF parts is linearly proportional to the bcc phase fraction. The saturation magnetization can
be used to quantify the bcc phase fraction in the LPBF samples. Phase quantification by VSM has the
advantage over the phase quantification by EBSD since VSM probes a representative bulk volume in-
stead of a small surface during EBSD measurements. In order to do phase quantification using the satu-
ration magnetization of the individual samples, the saturation magnetization of the bcc phase must be
known. This value was calculated by combining EBSD and VSM results for the 500 J/mm? sample. For
this VED, EBSD showed a phase fraction of bcc of 42 %, while VSM showed that this amount of bcc phase
corresponds to a saturation magnetization of 40 emu/g. The saturation magnetization of a fully ferritic
bcc material is thus 95 emu/g. The bcc phase fraction was calculated based on the saturation magneti-
zation obtained for different VEDs using the obtained saturation magnetization of 95 emu/g for a fully
ferritic material (Figure 6 b). Three different regions can be distinguished based on the amount of bcc
phase ranging from ~2 to 4 vol.%, ~5 to 8 vol.%, and 21 to 42 vol.%. These three different regions can
be assigned to the three different microstructures presented in the EBSD maps in Figure 3: i) Large fcc
grains with ~2 to 4 vol.% bcc, ii) small sized grains with ~5 to 8 vol.% bcc and iii) intermediate sized
grains with 21 - 42 vol.% bcc.
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Figure 6: a) Magnetization curves M(H) showing the saturation magnetization as a function of the energy
input. b) Based on the saturation magnetization the bcc phase fraction was calculated. Three different
phase regions are identified. The phase fraction and the saturation magnetization of the powder are shown
at 0 J/mm?. The N concentrations for the three regions are shown.

As shown in Figure 6 b) the phase fraction of the bcc phase can be controlled by varying the VEDs during
LPBF. For VEDs between 50 J/mm? to 500 J/mm? dense parts were obtained with varying bcc phase
fractions ranging between 2 vol.% and 42 vol.%, respectively. This allows to locally control the ferromag-
netic properties of LPBF parts. In order to reveal the high potential of processing HNS by LPBF to create
complex 3D magnetic structures a cuboid demonstrator was printed with dimensions of 4 mm x 4 mm
x 3 mm (Figure 7 a) and b)). The cuboid was manufactured using two different VEDs of 54 J/mm? and
229 J/mm?3. While 54 J/mm? gives an almost fully austenitic structure, processing with 229 J/mm?* will
locally create 21 % bcc phase. The cuboid consists of 16 small cuboids with dimensions of T mm x T mm
x 3 mm (length x width x height). Figure 7 a) shows the individual laser scanning tracks with a hatching
distance of 125 um. Each field consists of 8 scanning tracks giving a field width of 8 x 125 um = 1 mm.
For the grey regions a low VED of 54 J/mm? was used while for the green regions a VED of 229 J/mm?
was used. The alternating use of low and high VEDs creates a chessboard pattern with alternating mag-
netic properties. After LPBF the top surface was ground. An optical micrograph is shown in Figure 7 c).
From this micrograph no information about the magnetic properties can be obtained. In order to reveal
the magnetic structure, a ferromagnetic powder was dispersed over the ground surface of the cuboid
and a permamagnet was put close to the cuboid. As a consequence, the magnetic particles from areas
where the bcc phase was absent were attracted by the permamagnet due to weak magnetic bonding of
the powder particles to the surface. The particles remained on the surface at areas of magnetic attraction

due to the presence of the bcc phase (Figure 7 d)).

An optical micrograph of a polished surface shows the different regions processed with low and high
VEDs (Figure 7 €)). The areas are not equivalently sized as planned in the CAD input file where each
square should have dimensions of Tmm x Tmm. Instead, the areas created by the higher VED of 229
J/mm? are larger compared to the areas created by the lower VED of 54 J/mm?. Therefore the desired
dimensions of equally large magnetic and non-magnetic domains were not achieved. The increased size

of the magnetic areas is attributed to the larger melt pool dimensions underlying the higher VED. By



properly considering the melt pool dimensions a precise control of the size of magnetic and non-mag-

netic areas should be achievable.

An EBSD phase map of four areas is shown in Figure 7 f). These four areas are marked by a green rec-
tangle in Figure 7 d). The cuboids printed with 54 J/mm? are indeed fully austenitic as expected, i.e.
Figure 7 e) marked in green. The regions printed with 229 J/mm? reveal an inhomogeneous distribution
of the bcc phase. Gradients of the bcc phase distribution within each of two bcc containing T mm x 1 mm
squares are visible: From top to bottom the amount of bcc phase is increasing. Additionally at the hori-

zontal borders of the different areas straight lines with almost 100 % bcc phase fraction are observed.

The spatial resolution of phase patterning due to N evaporation is directly linked to the melt pool size.
As mentioned above melt pool sizes (depth x width) ranged between 50 pm x 200 um and 200 pm x 350
um for a VED of 54 J/mm3and 500 J/mm?, respectively. The Nitrogen content of the alloy can locally be
reduced by increasing the laser power and decreasing the speed which increased the width of the melt
pool. The increase of the width of the melt pool is detrimental to achieve a high patterning resolution.
Multiple rescanning with low energy densities of the same area might be a way to evaporate sufficient

N while maintaining a high spatial resolution of the patterning process due to small melt pool sizes.
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Figure 7: For all images shown the building direction is pointing towards the reader. a) Applied scanning
strategy showing the individual laser scan tracks with a hatching distance of 125 pum. Two different VEDs
were used: Green 229 J/mm? and black 54 J/mm?. b) 3d image of the cuboid c) The ground surface indi-
cates a dense part. d) Magnetic spheres reveal the magnetic chessboard pattern. The green box indicates
the area of the measurement shown in e) to g). e) Optical micrograph showing differences in the micro-
structures for the different VEDs. f) EBSD phase map (blue: fcc and orange: bcc) revealing the phase com-
position of four different fields. g) EBSD inverse pole figure map shows larger grains in the fully austenitic
regions and a fine grained microstructure for the bcc and fcc containing areas.



4. Conclusion

This work demonstrates the feasibility of manipulating the para- and ferromagnetic properties on a local
scale of a high-nitrogen stainless steel during LPBF by site-specific in-situ alloying. In the present case
the controlled evaporation of the fcc-stabilizing element N was achieved by local variations of the melt
pool geometry, which is a function of the VED. Samples produced at low VEDs showed almost no bcc
phase which is explained by a kinetic preference to form fcc at high solidification front velocities. The
amount of bcc phase increased with increasing VED. An increase of the VED causes longer lifetimes of
the meltpool alongside higher maximum temperatures of the liquid phase. Assuming nitrogen is mainly
lost during the melting step, both the increase of the maximum temperature and the increase of the
melt pool lifetime favors the loss of nitrogen. In addition to an increase of temperature and melt-pool
lifetime, the melt-pool size, i.e. depth and area, increased for increasing energy densities. A multiple
remelting of layers (each layer up to 5 times for 500 J/mm?) and an increase of the melt pool area in
contact with the gaseous Ar phase favors the loss of nitrogen. Besides a loss of the austenite stabilizing
element N, a segregation of N between the fcc and bcc phases was observed (Figure 4 b)). Varying the
VEDs allows fabricating parts with spatially varying magnetic properties. A 3D magnetic chessboard was

printed to reveal the potential of the process of in-situ alloy modification.

The generally undesired evaporation of elements, in this case N, is deliberately used to control the phase
composition between fcc and bcc over a wider range. The approach to locally control the fraction of a
volatile element can also be used for other alloys as for example NiTi shape memory alloys. For NiTi a
small change of composition in the range of 0.1 at. % has a severe impact on the phase transformation
temperatures. The volatile element Ti could be locally evaporated to change the local phase transfor-
mation temperature. Following this approach NiTi shape memory alloys with unique thermo-mechanical
properties could be fabricated. The presented approach is also applicable for all alloy compositions close
to phase boundaries where slight changes of volatile elements have a severe impact on the local phase
content. By gradually changing the power or scanning speed of the laser along a scan line, graded ma-
terials with locally continuous microstructural transitions could be manufactured. LPBF is a unique pro-
cess to manufacture materials with locally varying properties. The presented approach can be used for

other materials containing volatile elements.
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