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Abstract 

The coarsening behavior of Al3Zr precipitates during aging was investigated for two Al-Mg-Zr 
alloys (Al-3.6Mg-1.2Zr and Al-2.9Mg-2.1Zr, wt.%) processed by selective laser melting 
(SLM). Scanning transmission electron microscopy (STEM) investigations of peak-aged 
(400˚C, 8 h) samples reveal both continuous (~2 nm in diameter) and discontinuous (~5 nm 
wide and hundreds of nanometers in length) coherent, secondary L12-Al3Zr precipitates. In-situ 
STEM experiments showed that aging at 400˚C results in the appearance and growth of both 
grain-boundary Al3Zr precipitates, and intragranular nanometer-sized spherical Al3Zr precipi-
tates in Zr-rich dendritic arms. Heating to 500˚C resulted in the disappearance of most Al3Zr 
precipitates and oxide particles. This microstructural evolution sheds light on the evolution of 
the alloy strength at elevated temperature.  For short-term yield tests, as-fabricated samples 
displayed higher yield strengths than peak-aged samples at temperatures above 150˚C (e.g., 87 
vs 24 MPa at 260˚C). This is attributed to coarsening of grain-boundary precipitates during 
aging, decreasing their ability to inhibit grain-boundary sliding (GBS) of the fine equiaxed 
grains (~1 µm). For longer term creep tests at 260 ̊ C, both as-fabricated and peak-aged samples 
displayed near-identical creep behavior during a long-duration (168 h) creep test; by contrast, 
during a shorter duration creep test (8 h), as-fabricated samples are more creep-resistant than  
samples previously aged at 260 ̊ C (threshold stresses of ~40 vs. ~14 MPa, respectively). Again, 
the creep behavior is consistent with coarsening of grain-boundary precipitates, occurring now 
during long-duration creep tests at 260 ˚C. An exact creep mechanism could not be isolated due 
to microstructural changes during testing but is believed to be a combination of GBS and dis-
location motion. 
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1 Introduction 

Additive manufacturing (AM) of metallic materials has been the focus of intense industrial 
and academic research efforts due to the many advantages the process can offer over conven-
tional processing techniques, such as (i) more geometric freedom, (ii) minimal custom tooling, 
and (iii) rapid prototyping [1]. The process, in a simplistic way, can be viewed as a multipass 
weld; therefore, it suffers from all of the same problems that plague welded structures, such as 
hot tearing and high residual stresses. Only weldable metal alloys, such as Al-Si alloys, Ti-6Al-
4V and 316 stainless steel, are thus well suited for AM processing. Unfortunately, this limitation 
implies that a sizeable portion of engineering alloys used in conventional processing routes, 
namely the precipitation strengthened alloys such as CM247LC, Al-Mg-Si based 6000 series 
alloys, and the Al-Zn-Mg based 7000 series alloys, cannot easily be manufactured via AM 
without the occurrence of substantial hot cracking [2,3]. A combination of alloy modification 
and/or process control to mitigate hot cracking susceptibility (reduction of material freezing 
ranges and reduction of thermal gradients) is thus required for many precipitation-strengthened 
aluminum alloys. 

Initially, most research on AM of aluminum alloys focused on the Al-Si system [4–8] due 
to the inherent weldability of this alloy family. Parts have been successfully produced by AM 
using this class of aluminum alloys; however, they suffer from relatively low strength and low 
ductility compared to the precipitation-strengthened 2000 (Al-Cu), 6000 (Al-Mg-Si), and 7000 
(Al-Zn-Mg) series alloys. Unfortunately, the 2000, 6000, and 7000 series exhibit larger freezing 
ranges compared to the Al-Si alloys, which make them more prone to hot cracking. Hot crack-
ing during AM of 7000 series alloys could successfully be mitigated by modifying the alloys 
composition and the powder characteristics. Sistiaga et al. [9] fabricated dense, crack-free parts 
with selective laser melting (SLM) by using an Al7075 powder blended with elemental Si pow-
der (4 wt.%). The authors attributed the improvement to the lower viscosity of the molten alloy; 
however, adding large amounts of Si is detrimental for ductility. Martin et al. [2] added na-
noscale hydrogen-stabilized Zr particles to the surface of 6061 and 7075 Al powders in order 
to preferentially nucleate equiaxed grains during solidification, due to the primary precipitation 
of Al3Zr. Equiaxed grain microstructures, when compared to the typical columnar grain micro-
structures of AM aluminum parts, can better accommodate the strain induced by the AM pro-
cess, thus resulting in crack-free parts. 

Recent research on AM of aluminum alloys has focused on Sc- and/or Zr-modified Al-Mg 
based alloys [10–17]. This class of alloy benefits from solid-solution strengthening from Mg as 
well as precipitation strengthening from coherent L12 structured Al3(Sc,Zr) secondary nano-
precipitates, formed on aging, that have a high dislocation cutting resistance and resist coars-
ening up to temperatures above 400˚C [18]. Primary Al3(Sc,Zr) precipitates formed on solidi-
fication also serve as grain-refiners which promote fine, equiaxed, Al matrix grains that increase 
alloy strength, and are thus also beneficial for hot-crack mitigation. Another benefit of AM 
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processing is related to the extremely high cooling rates, which allow for increased solute sol-
ubility of Sc and Zr. Upon aging, this supersaturated solution induces the precipitation of higher 
volume fractions of the strengthening L12-Al3(Sc,Zr) secondary precipitates compared with that 
of conventional processing. Designing alloys optimized for fast cooling rates is thus the key to 
taking full advantages of AM processing. One such alloy is the Al-Mg-Sc-Zr alloy Scalmalloy® 
(Al-4.6Mg-0.49Mn-0.66Sc-0.42Zr (wt%)) which was shown to have good processability via 
SLM [16]. Spierings et al. [17] obtained dense (>99%), crack-free Scalmalloy® parts with yield 
strengths up to 300 MPa in the as-fabricated (SLM) condition, and in a separate study [19], 
reported a yield strength of 470 MPa for SLM processed Scalmalloy® in the aged condition 
(325˚C / 4 h). In a second example, Jia et al. [10] also developed an Al3(Sc,Zr)-strengthened 
alloy, Al-4.52Mn-1.32Mg-0.79Sc-0.74Zr-0.05Si-0.07Fe (wt%), that takes advantage of the 
high cooling rates of SLM to allow for supersaturation of Mn. The use of Mn for solid solution 
strengthening, instead of Mg, would minimize the disadvantages associated with Mg such as: 
(i) Mg suffers from significant in-process (SLM) evaporation [15] and (ii.) precipitation of the 
β-phase(Mg2Al3) can lead to increased grain boundary corrosion susceptibility [20]. A bimodal 
microstructure of fine equiaxed grains and columnar grains was also observed, and yield 
strengths of ~440 MPa and ~560 MPa were reported for the as-fabricated and peak-aged con-
dition (300˚C / 5 h), respectively. 

A third example of an aluminum alloy developed specifically for the AM process, is Ad-
dalloy®, a Sc-free Al-Mg-Zr-based alloy which is strengthened, after aging, by metastable L12-
Al3Zr nanoprecipitates instead of stable, but much coarser D023-Al3Zr precipitates.  The alloy 
also precipitates, upon solidification, primary Al3Zr precipitates with the same metastable L12-
structure, when high enough cooling rates are achieved [21], such as that experienced in AM. 
These primary L12-precipitates again act as grain-refiners which result in an alloy with fine, 
equiaxed grains. The ability to partially or completely replace the very expensive Sc by much 
less costly elements, such as Zr, to produce L12 primary and secondary precipitates is already 
applied in conventionally cast alloys [22–24]. We have demonstrated in previous studies 
[15,25] that high density (>99%), crack-free Addalloy® parts can be fabricated via SLM; when 
peak-aged (400˚C / 8 h), high yield strengths and ductility (~345 MPa and ~20% respectively) 
are achieved [15].  

Prior to more widespread industrial implementation of the aforementioned precipitation 
strengthened aluminum alloys for additive manufacturing, additional microstructure character-
ization and understanding of mechanical properties are required. Room temperature mechanical 
property testing has been investigated for SLM-fabricated aluminum alloys but high-tempera-
ture properties are few and even non-existent for the AM fabricated Al3(Sc,Zr) precipitate 
strengthened alloys. Significant amount of literature is available on conventionally-cast, L12-
strengthened aluminum alloys, with various elements replacing partially or fully Sc: (i) transi-
tion metals (Zr [26], Ti [26], V[27,28], Nb [27,29], Ta [27,29], Hf [30], Mo [31]) which also 
improve nanoprecipitate coarsening resistance, or (ii) lanthanides  (Er, Y, Sm, Gd, Tb, Dy, Ho, 
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Tm, Yb, Lu) which improve creep resistance [32,33] by increasing the lattice mismatch between 
nanoprecipitates and matrix [18], and (iii) solid-solution strengthener (Mg, Li) [34,35]. Due to 
the lower lattice mismatch provided by L12-Al3Zr nanoprecipitates with the matrix (0.75%), as 
compared to Al3Sc (1.32%) [18], the creep resistance of binary Al-Zr alloys is lower than for 
binary Al-Sc alloys, at a given nanoprecipitate size and volume fraction [36]. The high super-
saturation of Zr achievable in the AM process, and thus the high volume fraction of nanopre-
cipitates, could however further improve the creep resistance of Sc-free Al-Zr based alloys, 
despite the low lattice mismatch. The effect of Mg solid solution on creep resistance at 300 °C 
was investigated in the case of a Al-2Mg-0.2Sc (wt.%) alloy. While the presence of Mg did not 
affect the estimated creep threshold stress, for a given nanoprecipitate size and volume fraction, 
the active deformation mechanism appears to change from dislocation climb in Al-0.2Sc (wt%) 
to dislocation glide in the ternary alloy, as evidenced by the change in stress exponent. Uzan et 
al. [37] reported on the creep properties of an SLM printed Al-10Si-Mg (wt.%) tested in the 
225-300˚C temperature range at stresses in the 117-147 MPa range. They described a disloca-
tion creep mechanism and likened the creep resistance of the SLM printed alloy to that of par-
ticle reinforced aluminum composites.  

The aging response and room-temperature mechanical properties of SLM-produced Ad-
dalloy® have been previously reported [15], albeit without a nanometric-level microstructural 
investigation. When isothermally aged at 400˚C , the alloy exhibits two hardness peaks, the first 
after 2 h, and the second after 6-8 h of aging, which were hypothesized to correspond to L12-
Al3Zr precipitation occurring discontinuously (elongated fan-like precipitates) and continu-
ously (equiaxed precipitates), respectively [15]; however, no microstructural evidence was pre-
sented. After aging to the second peak hardness (400˚C / 8 h), the alloy exhibits a ~354 MPa 
tensile yield strength with a ~20% tensile elongation [15]. The combination of high yield 
strengths and high ductility was attributed to the bimodal grain structure of the alloy.  

Here, we present a thorough investigation of the nano-scale precipitation with the aim of 
elucidating the origin of the two hardness peaks reported in Croteau et al. [15]. We also inves-
tigate the Al3Zr coarsening behavior of Addalloy® with a combination of in-situ and ex-situ 
scanning transmission electron microscopy (STEM) experiments. Elevated temperature creep 
properties are reported (for the first time for a SLM fabricated L12 precipitate-strengthened Al 
alloy) and correlated with the concurrent  microstructure evolution. 
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2 Experimental methods 

2.1 Materials and additive manufacturing 

Addalloy®, an Al-Mg-Zr alloy developed by NanoAl LLC (Ashland, MA, USA) for addi-
tive manufacturing, was inert-gas atomized by Nanoval (Berlin, Germany) in two variants, with 
low and high Zr content: Al-3.60Mg-1.18Zr and Al-2.90Mg-2.10Zr (wt. %, as measured by 
ICP-OES). For the lower-Zr alloy, two batches were used, with different powder size distribu-
tions: Batch 1 (10-45 µm, d50=14 µm) and Batch 2 (25-45 µm, d50=37 µm). For the higher-Zr 
alloy, a single batch was utilized (Batch 3, 10-45 µm, d50=24 µm). The small batch sizes of the 
experimental Al-Mg-Zr alloy necessitated the use of numerous batches. Comparisons between 
results, such as mechanical property results, were only made between samples fabricated from 
identical batches.   

Samples were fabricated using a powder-bed, selective laser melting machine (M2 Concept 
Laser, Germany) outfitted with a 200 W 1070 nm fiber-laser operating in continuous wave 
mode with a 90 µm spot size. Argon shielding gas kept oxygen content in the build chamber 
below 1% during processing. All batches were processed using a chess scanning strategy with 
full 200 W laser power, 200 mm/s scanning speed, and a 135 µm hatch spacing. Batch 1 and 3 
powders were processed with a 30 µm layer thickness and Batch 2 with a 40 µm layer thickness 
(due to the larger powder size). Cubical samples (8×8×8 and 10×10×10 mm) were fabricated 
from the three powder batches for microstructural characterization purposes. Cylindrical sam-
ples (10 mm diameter, 34.5 mm height, with build direction along the long axis) and bar sam-
ples (10 mm wide, 75 mm long, 34.5 mm height, with build direction along the height axis) 
were fabricated from the high-Zr alloy (Batch 3) for mechanical testing. 

2.2 Mechanical testing 

The bar samples were machined into dog-bone tensile samples (long axis of dog-bone trans-
verse with the build direction) with threaded grips and a gauge section with 3 mm diameter and 
12 mm length. These samples were tested either in their as-fabricated state or after a thermal 
treatment conducted in air. High-temperature tensile tests were conducted in air using a me-
chanical test frame operated at a fixed strain rate of 10-4 s-1. Each sample was tested at multiple 
temperatures by deforming the sample just beyond its yield stress followed by unloading. The 
first such mechanical cycles was performed at 260˚C, followed by five subsequent load-unload 
cycles performed at 205, 177, 150, 100 and 20˚C, with a 30 min soaking time after the sample 
reached each temperature.  

For the creep tests, the cylindrical and bar samples were machined into dog-bone tensile 
samples (with their long axis parallel to the build direction for the cylinders, and transverse for 
the bars) with threaded grips and a gauge section with 3 mm diameter and 12 mm length. Creep 
tests were conducted on the dog-bone specimens in air using tensile dead-loading, with the 
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deformation of the sample measured by a digital displacement gauge in the cold part of the load 
train. After reaching thermal equilibrium, mass was added incrementally to the dead-load ap-
paratus. Steady-state creep rate was taken as the linear region of the displacement curve. After 
a steady-state creep rate was reached, additional mass was added. Following this procedure, a 
full creep curve was generated in approximately one week. A variant of this test was performed 
in which mass was added at 30 min intervals until the first deformation was observed, at which 
time we reverted to prior method of observing steady-state creep, so that this test took approx-
imately 8 h to generate a full curve. 

2.3 Microstructure characterization 

Sample cubes for microstructure characterization were cold-mounted in epoxy, ground, pol-
ished with a 3 µm monocrystalline diamond suspension and lapped with 50 nm colloidal silica. 
Sections parallel to the build direction were characterized with a Scanning Electron Microscope 
(FEI NanoSEM 230) in backscatter mode. Fractured creep samples were cold-mounted in 
epoxy (sections parallel to the build direction), ground (halfway through the gauge section), 
polished with a 3 µm diamond suspension and lapped with 50 nm colloidal silica. 

Lamellae for scanning transmission electron microscopy (STEM) analysis were extracted 
from the aforementioned sample cubes (lamellae is perpendicular to build direction) and frac-
tured creep dog-bone samples (lamellae is perpendicular to build direction and taken from the 
deformed gauge section) using an FEI Helios NanoLab 600i focused ion beam (FIB). The use 
of Ga+ ions in the lamellae preparation resulted in some Ga contamination at the grain bound-
aries and at precipitate-matrix interfaces. STEM was performed on an FEI Titan Themis micro-
scope operated at 300 kV and equipped with a probe spherical aberration corrector and a Su-
perEDX system (ChemiSTEM technology) with four silicon drift detectors for energy-
dispersive X-ray (EDX) spectroscopy. A convergence semi-angle of 25 mrad was used in com-
bination with an annular dark field (ADF) detector with inner and outer collection semi-angles 
of 53 and 200 mrad, respectively. STEM-EDX spectrum images (background corrected) were 
pre-filtered and displayed as quantified wt.% maps.  

Two in situ STEM thermal aging experiments were performed with a Protochips Fusion 
500 heating stage on the same FEI Titan Themis microscope described above. A first sample 
was extracted from the coarse-grain region of a sectioned Al-3.60Mg-1.18Zr (wt.%) cube 
(Batch 1) and a second sample was extracted from a fine-grain region of the same cube. Both 
extractions were done with an FEI Helios NanoLab 600i focused ion beam (FIB) so that the 
lamellae were perpendicular to the build direction. The in situ aging experiment of the coarse-
grain sample began with a 160 s ramp from 20 to 400˚C. The sample was held for 480 s before 
it was quenched back to 20 ºC. EDX mapping was conducted on regions of interest on the 
quenched sample. The sample was subsequently held at 400˚C for 600 s. Finally, the sample 
was heated to 500˚C and held at that temperature for 116 s until the diffusion of Pt from the 
protective layer of the lamella destroyed the sample. The fine-grain sample was exposed to a 
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range of temperatures, from 150 to 350˚C (with 25˚C increments) over 64 min. Once the sample 
reached 350˚C, it was held there for 48 min to observe the precipitate growth. The sample was 
then heated from 350 to 600˚C (with 25˚C increments) over 40 min until its destruction at 
600˚C. 
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3 Results 

3.1 Microstructure of As-fabricated Samples 

Both as-fabricated and aged samples display a duplex grain microstructure consisting 
of fine-grain regions at the bottom and sides of the melt pool, and coarser-grained regions in 
the remainder of the melt pool (Figure 1(a)). No significant difference in grain microstructure 
was observed between samples fabricated from the high- and the low-Zr containing powders. 
As shown in previous studies [15,25], the fine-grain regions consist of sub-micron (~0.8 µm) 
equiaxed grains with a random crystallographic orientation, and the coarse-grain regions com-
prise columnar grains (~1x10 µm), with a slight (100) texture. The fine-grain region displays 
sub-micron (~100 to 200 nm) L12-structured Al3Zr primary precipitates, which are coherent 
with the matrix and have a similar number density as the α-Al grains (Figure 1b), consistent 
with these primary precipitates nucleating α-Al grains [15,25]. The coarse-grain regions do not 
display these primary L12-Al3Zr precipitates but contain Zr in solid solution [15,25]. Similar 
microstructures have been observed by Spierings et al. for as-SLM-fabricated Al-Mg-Sc-Zr-
Mn alloys containing primary L12-Al3(Zr,Sc) precipitates.  

 
Figure 1: (a) BSE image of an as-fabricated sample (Al-2.90Mg-2.10Zr, wt. %, Batch 3) with 30 µm 
layer thickness, showing bands of fine-grain regions containing primary Al3Zr precipitates (white 
dots) and coarse-grain regions free of Al3Zr precipitates. (b) ADF STEM image of a precipitate-rich 
region in Al-3.60Mg-1.18Zr (wt.%, Batch 2) showing cuboidal, submicron L12-Al3Zr precipitates 
and micron-sized  α-Al grains. 
 

Figure 2 shows an ADF-STEM image and a series of STEM EDX maps taken from a 
coarse-grain region of the Al-3.60Mg-1.18Zr, wt.% as-fabricated sample. As expected, no pri-
mary L12-Al3Zr is present, and Zr is detected uniformly throughout the mapped region, indica-
tive of solid-solution. Magnesium enrichment and Al depletion are observed at the grain bound-
aries, but there is no evidence of a continuous secondary phase (i.e., β-Al2Mg). Three types of 
precipitates are visible: (i) Mg- and O-rich particles, ~100 nm in diameter, which are likely 
oxide inclusions originating from the powder surface and/or created during the printing process; 
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(ii) Mg- and Si-rich precipitates, ~50 nm in diameter, which are located both within the grains 
and at grain boundaries; (iii) Fe-rich precipitates, ~50 nm diameter, on the grain boundaries. 
The occurrence of Fe-rich and Si-rich precipitates is discussed below. 

 
Figure 2: Coarse-grain region of an as-fabricated sample (Al-3.60Mg-1.18Zr, wt.%, Batch 1) imaged 
via STEM (ADF- image and elemental EDX maps using Si-K, Zr-K, Al-K, Mg-K, Fe-K and O-K lines) 
showing three types of precipitates : (i) Mg- and O-rich oxide particles, ~100 nm in diameter; (ii) Mg- 
and Si-rich particles, ~50 nm in diameter, (iii) Fe-rich particles, ~50 nm diameter, on the grain bounda-
ries. One example for each type of precipitates is highlighted on the ADF-STEM image, with labels O, 
S and F, respectively.  

3.2 Aging Response 

Figure 3 displays an ADF-STEM image and the corresponding STEM-EDX maps taken 
from the coarse-grain region (grains appear sub-micron as the TEM lamellae was sampled per-
pendicular to the grains long dimension) of a sample aged at 400 ̊ C for 8 h (second peak aging). 
In addition to the Zr-enriched precipitates, the same three types of precipitates as in the as-
fabricated state (Fig. 2) are present. First, Zr-rich precipitates are observed at the grain bound-
aries (larger, equiaxed in shape), expected to be primary L12-Al3Zr formed during solidifica-
tion; finer L12-Al3Zr nanoprecipitates within the grains, filamentary in shape, have also ap-
peared due to aging. Second, the same Mg- and O-rich equiaxed oxide particles formed during 
printing (~100 nm in diameter) are still present, and mostly at grain boundaries. Finally, the 
same Fe-rich particles are also observed, albeit at a lower number density and larger size when 
compared to as-fabricated state (Fig. 3 shows a ~100 nm precipitate, twice the original size in 
Fig. 2). 
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Figure 3: Coarse-grain region of a peak-aged sample (400˚C for 8 h, Batch 1) imaged via STEM 
(ADF- image and elemental EDX maps using Si-K, Zr-K, Al-K, Mg-K, Fe-K and O-K lines) showing 
three types of precipitates : (i) Al3Zr precipitates consisting of larger, equiaxed precipitates (labelled 
Z1) and finer, elongated precipitates within grains (labelled Z2); (ii) Mg- and O-rich oxide particles 
(O) located at grain boundaries; (iii)  Fe-rich precipitates (F) located grain boundary. 
 

Closer examination of the peak-aged sample shown in Figure 3 illustrates the two types 
of Zr-rich precipitates (spherical and acicular) within the grains (Figure 4(a)). Although both 
types of precipitation are observed in the fine-grain region as well, to a lesser extent, the fol-
lowing figures and discussion focus on the observations made in the coarse-grain region. High-
resolution ADF-STEM of the upper half of the highlighted region of Figure 4(a) reveals spher-
ical precipitates ~2 nm in diameter (Figure 4(b)). A fast Fourier transform (FFT) of Figure 4(b), 
which for our purpose can be treated as a selected area diffraction pattern (SAD), reveals the 
010-type superlattice reflections of the L12 structure (Figure 4(c)), consistent with metastable 
L12-Al3Zr precipitates which forms upon aging of super-saturated solid solution. A high-reso-
lution ADF-STEM image of the bottom half of the highlighted region in Figure 4(a) shows the 
presence of narrow (~5 nm wide), highly elongated (hundreds of nm) filamentary precipitates 
(Figure 4(d)). An FFT of Figure 4(d) reveals again the 010-type superlattice reflections of the 
L12 structure (Figure 4(e)). STEM-EDX mapping of the boxed region in Figure 4(a), shown in 
Figure 5, indicates that these filamentary precipitates are enriched in Zr, indicating that they are 
also the L12-structured Al3Zr phase.  



11 
 

 

 
Figure 4: (a) STEM ADF-image of a coarse-grain region of a peak-aged (400˚C / 8 h) sample (Al-
3.60Mg-1.18Zr, wt.% Batch 1) showing: (i) nanometric equiaxed Al3Zr precipitates formed via contin-
uous precipitation (upper grain) and (ii) elongated, aligned Al3Zr precipitates formed via discontinuous 
precipitation. An oxide particle (O) is present at the image center (b) High-resolution ADF-STEM image 
of equiaxed Al3Zr nano-precipitates (2 nm in diameter, continuous precipitation) in the upper half of 
boxed region in (a). (d) High-resolution ADF-STEM image of the 5 nm-wide, highly-elongated Al3Zr 
precipitates formed by discontinuous precipitation in the lower half of boxed region in (a).  (c, e) FFT 
of images (b) and (d), respectively, show the 010-type superlattice reflection of the metastable L12 struc-
ture for Al3Zr.  
 

 
Figure 5: STEM ADF-image and elemental EDX maps of the region highlighted by the black box in 
Figure 4, showing elongated, discontinuous L12-Al3Zr precipitates (labelled Z1) and one Mg- and O-
rich oxide particle (O) at the interface between continuous and discontinuous precipitation (dashed line). 
Chemical analysis was performed using the Zr-K, Al-K, Mg-K, and O-K lines.  
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3.3 In-Situ Aging Response  

Two in-situ STEM aging experiments were carried out to investigate the evolution of 
primary and secondary precipitates during thermal exposure. The use of in-situ STEM experi-
ments, as opposed to ex-situ, allows for the direct monitoring of individual features of interest. 
The first experiment was performed with a lamella taken from a coarse-grain region, with no 
primary Al3Zr phase, in an as-fabricated Al-3.60Mg-1.18Zr (wt.%, Batch 2) sample. An ADF-
STEM image of the lamella prior to thermal exposure is shown in Figure 6(a). Several spherical, 
Mg- and O-rich particles, ~100 nm in diameter and assumed to be oxides, are observed both on 
grain boundaries and within the grains (a few are identified by black arrows in Fig. 6(a)). The 
sample was ramped from room temperature to 400˚C in 160 s and then held at this temperature 
for 480 s. An ADF-STEM image taken thereafter is shown in Figure 6(b). Numerous white 
precipitates, assumed to be L12-Al3Zr, are observed to nucleate both on the grain boundaries 
(~100 nm diameter, highlighted by white arrows, nucleation began during the ramp at 360˚C) 
and within the grains (nanometer scale, observed starting at the end of the ramp to 400˚C). The 
L12-Al3Zr nanoprecipitates within the grain are grouped in dendritic regions, as evidenced in 
the inset of Figure 6(b)), consistent with the peritectic solidification of dilute Al-Zr alloy caus-
ing Zr segregation in Zr-rich dendritic arms and Zr-poor interdendritic regions [38].  

Figure 6(e) shows a STEM-EDX map taken after quenching the sample back to room 
temperature after 480 s at 400˚C. The ring-like features highlighted by the black arrows in Fig-
ure 6(a) are Mg- and O- rich oxides particles. Particles similar to the small dark precipitates 
highlighted in Figure 6(c) are enriched in Mg, F, and O. Although the source of the F is un-
known, the particles are assumed to be oxides. The bright nanoparticles observed during the 
aging treatment are enriched in Zr. Crystallographic data was not obtained during this specific 
experiment, but given the crystallographic data obtained from the peak aged sample shown in 
Figure 4, they are assumed to be the metastable, L12-structured Al3Zr.  

Figure 6(c) presents a subsequent ADF-STEM image taken after an additional 600 s of 
exposure at 400˚C. Compared to Figure 6(b), there is a decrease in the number of grain-bound-
ary Al3Zr precipitates (in particular on the right grain boundary) which is associated with a 
growth of the Al3Zr precipitate located in the lower right quadrant (black arrow). Also, a new 
acicular precipitate grew in the bottom left (white arrow), which may be the Al3Zr with the 
stable D023 structure, identified based on its acicular geometry (but this was not confirmed via 
crystallographic analysis). Furthermore, an increase in the number of small (~10-20 nm in di-
ameter) dark precipitates (highlighted by empty arrow) was observed. The increase in number 
of oxide particles during the experiment may be the result of the coarsening of existing oxide 
particles that make them more visible. Further aging at 500˚C was performed on the sample 
(Figure 6d); only the disappearance of the intragranular Al3Zr particles and growth of the acic-
ular Al3Zr precipitate were observed.  
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Figure 6: In-situ experiment of coarse-grain region of as-fabricated Al-3.60Mg-1.18Zr (wt.%), Batch 2. 
(a) ADF-STEM image of the region of interest prior to thermal exposure. Oxides are highlighted by 
black arrows. (b) ADF-STEM image after 420 s of exposure at 400°C showing Al3Zr precipitates (white 
arrows) and nano-scale Al3Zr precipitates within the grains, highlighted by the white box and enlarged 
in the inset. (c) ADF-STEM image after 1000 s of exposure at 400 °C. Coarsening of equiaxed L12-
Al3Zr precipitates at grain-boundary occurred (black arrow). An acicular precipitate expected to be D023-
Al3Zr is observed (white arrow). (d) ADF-STEM image after 30 s at 500ºC showing further growth of 
the acicular D023-Al3Zr precipitate (white arrow) (e) Higher magnification ADF-STEM image and 
STEM EDX map of the region highlighted by the black box in (c). Two spherical Mg- and O-rich oxide 
particles are surrounded by much finer Al3Zr nanoprecipitates (white arrow).  Particles enriched with F 
and Mg are also observed, but of unknown origin. Chemical analysis was performed using the Zr-K, Al-
K, Mg-K, F-K and O-K lines.   
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Figure 7 presents a second in-situ STEM experiment performed on a lamella taken from 
a fine-grained region of as-fabricated Al-3.60Mg-1.18Zr (wt.%, Batch 2). An ADF-STEM im-
age of the room temperature condition is shown in Figure 7(a). Numerous primary L12-Al3Zr 
precipitates are observed within the central grain. During the 64 min ramp to 350˚C, a grain 
boundary precipitate (unidentified) is observed to form at 200˚C and later disappears at 300˚C 
(not shown). Precipitate coarsening at the grain boundaries is assumed to occur faster due to 
short circuit diffusion on the boundaries. Figure 7(b) shows the ADF-STEM image taken after 
a 64 min ramp to 350˚C. Two horn-like features are observed growing from the corners of one 
of the Al3Zr precipitates. The grain boundary also appears to shift from its initial position, be-
fore being pinned after the appearance of a dark particle (black arrow). The horn-like feature 
was observed to grow during the course of the 48 min of exposure at 350˚C (Figure 7(c)). A 
further movement of the grain boundary is observed to follow the horns. A high-resolution 
ADF-STEM image of the rightmost horn is shown in Figure 7(e). The horn is epitaxially grown 
from the Al3Zr precipitate, with the corresponding FFT, shown in Figure 7(f), confirming the 
existence of 010- and 100- type superlattice reflections consistent with an L12 structure. The 
sample was subsequently heated to 500˚C , Figure 7(d). The horn-like features disappeared and 
the particle corners became rounded. Further heating to 600˚C induced additional coarsening 
(not shown).  

 
Figure 7: In-situ STEM heating experiment of a fine-grain region of as-fabricated Al-3.60Mg-1.18Zr 
(wt.%, Batch 2): (a) ADF-STEM image of the region of interest prior to thermal exposure (b) ADF-
STEM image taken after a 64-min ramp to 350˚C . Horns have grown on the nanoprecipitate corners 
(white arrow) and grain-boundary movement has occurred (black arrow) (c) ADF-STEM image taken 
after a subsequent 48 min-exposure at 350˚C . Further growth of the horn features occurred. (d) ADF-
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STEM image taken after temperature was increased to 500˚C  during a 28-min ramp. The horns previ-
ously observed at 350˚C disappeared at 450˚C, during the ramp to 500˚C. (e) High-resolution ADF-
STEM image of a horn feature, from precipitate imaged in (c), showing epitaxial growth of a horn fea-
ture. (f) Diffraction pattern created by FFT of images (e) and (d), respectively) showing the 100- and 
010-type superlattice reflections of the metastable L12 structure for Al3Zr.  

3.4 High-Temperature Mechanical Properties 

3.4.1 Tensile Properties 

The temperature-dependence of the yield strength is shown in Figure 8 for Al-2.90Mg-
2.10Zr (wt.%, Batch 3), in the as-fabricated, peak-aged, and overaged states. Each data point is 
the value of one transverse samples (additional mechanical property tests on as-fabricated and 
peak-aged samples are shown in Supplement Figure 3). The peak-aged samples (400°C / 8h) 
exhibit the highest room-temperature yield strength (330 MPa) but lower strengths as compared 
to the as-fabricated sample at temperatures at and above 150°C, dropping to 24 MPa at 260˚C. 
The alloy in the overaged state (aged at 400˚C for 60 h, corresponding to a 10% drop from 
peak-hardness [15]) shows a lower room-temperature strength (300 MPa) as compared to the 
peak-age state; this difference is maintained up to 150 ˚C  (173 MPa), but disappears above that 
temperature. Interestingly, the as-fabricated samples, which have a lower room-temperature 
strength (295 MPa) than the aged samples, have far superior strength at elevated temperatures 
(87 MPa at 260˚C).  

 
Figure 8: Temperature dependence of yield strength for the high-Zr alloy, Al-2.90Mg-2.10Zr (wt. 
%, Batch 3), in three conditions: as-fabricated, peak-aged (400ºC, 8 h), and over-aged (400ºC, 60 
h). Tests were performed on single samples (transverse orientation), from the highest to the lowest 
temperature. 
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3.4.2 Creep Properties 

Results of creep testing at 260˚C (total creep duration tc = 168 h and tc = 8 h) of as-
fabricated, peak-aged, and under-aged high Zr-alloy (Al-2.90Mg-2.10Zr, wt.%, Batch 3) sam-
ples are shown in Figure 9, in  double-logarithmic plots of secondary strain rate vs. stress (A 
displacement vs. time plot for the as-fabricated sample crept for 168 h is shown in Supplement 
Figure 4). For the long duration creep tests (168 h), tensile loading started at ~5 MPa and was 
incrementally increased; no deformation was measured within the first 120 h, until a stress of 
15 MPa was reached for the peak-aged condition. The short duration tests (8 h) were started 
with a ~25 MPa, load, which was incrementally increased every 30 min so that the full test was 
concluded within 8 h. In Fig. 9, the 25 MPa point is not marked, since no strain was observed 
within the 30 min duration of this first step. For the two lowest stress/strain rate data points (as-
fabricated, tc = 8 h) plotted on Fig. 9 - for 48 and 58 MPa - steady-state deformation may not 
have been achieved. The strain rates plotted in Fig. 10 might thus be overestimated. 

The very high stress sensitivity of strain rate in Figure 9 is indicative of a threshold 
stress, likely due to the presence of precipitates. In order to estimate the threshold stress, we 
used a modified version of the Mukherjee-Bird-Dorn power-law equation for the minimum 
strain rate ε :̇ 

    ( ) expn
th

B

QA
k T

ε σ σ
 −

= −  
 

      (1) 

where A is a constant, σ is the applied stress, σth is the threshold stress, n is the matrix stress 
exponent (n indicates the creep mechanism), Q is the matrix creep activation energy, kB is the 
Boltzmann constant, and T is the absolute temperature. A best-fit procedure was employed to 
estimate the threshold stress, using stress exponents of n = 1 (diffusional creep), n = 2 (GBS) 
and n = 3 (viscous glide), which correspond to the rate-controlling mechanisms most likely for 
this alloy. It is apparent from Figure 9 that n = 2 and 3 both give satisfactory fit over many 
orders of magnitudes in strain rates. 

The threshold stress for the peak-aged condition (aged 400˚C  for 8 h) crept for a long 
duration (168 h) was determined to be 13.4 MPa from fitting the data with a stress exponent of 
n = 3, and 13.7 MPa for n = 2. The as-fabricated condition crept for a long duration (168 h) 
displayed a threshold stress of 14.0 MPa (n = 3) and 14.8 MPa (n = 2). The as-fabricated sam-
ples crept at high loads for short durations (8 h) displayed significantly higher threshold 
stresses, 39.3 and 41.5 MPa in the parallel and transverse direction, respectively (n = 3), and 
44.4 and 45.6 MPa in the parallel and transverse direction, respectively (n = 2). Again, no sig-
nificant difference exists in the creep resistance of samples loaded parallel or transverse to the 
build direction, consistent with isotropic mechanical properties. Finally, the under-aged sample 
(aged at 260 ˚C for 168 h), shows a low threshold stress of 15 MPa (n = 3) and 20 MPa (n = 2), 
however this test started with a stress of ~25 MPa with a steady-state strain rate already above 
10-5 s-1, so the accuracy of the threshold stress is lower than for the other tests. 
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Figure 9: Double logarithmic plot of secondary creep rate vs. stress for creep testing at 260˚C  of high-
Zr alloy, Al-2.90Mg-2.10Zr (wt.%, Batch 3) in three conditions: as-fabricated, under-aged (260˚C , 168 
h), peak-aged (400˚C , 8 h); total creep time is given in parentheses. Data for the as-fabricated state, 
with a short total creep time of 8 h, were collected by increasing the stress every 30 min, so that steady-
state strain rate may not have been achieved at the two lowest strain rates (which are marked with black 
circles).  

3.4.3 Creep Microstructure 

Two as-fabricated samples, fractured after creep at 260˚C for 8 and 160 h respectively, were 
chosen for further microstructural investigation, as they represent two extreme states in the 
creep data. Fractography (shown in Supplement Figure 5) of the fracture faces of both samples 
revealed the presence of dimple features indicative of micro-void coalescence during ductile 
fracture. In a minority of the fracture surface, regions of intergranular fracture were also ob-
served. No significant differences were observed between the two fracture faces.  

Figure 10 displays ADF-STEM images and corresponding STEM-EDX maps from the coarse-
grain regions of the fractured, as-fabricated samples crept for 8 h (Figure 10a) and 168 h (Figure 
10b). The first specimen (as-fabricated and crept for 8 h) exhibits four types of precipitates: (i) 
Mg- and O-rich particles, ~50-100 nm in diameter, which are located both within the grains and 
at grain boundaries (ii) Mg- and Si-rich precipitates, ~50-100 nm in diameter, which are located 
both within the grains and at grain boundaries; (iii) Fe-rich precipitates, ~20-80 nm diameter, 
on the grain boundaries, (iv) discontinuous Al3Zr precipitation (shown more clearly in Supple-
ment Figure 6). The other specimen (as-fabricated and crept for 168 h) displays the same pre-
cipitates mentioned above, but with larger sizes and lower number density, except for the dis-
continuous Al3Zr precipitates: the Mg- and O-rich particles are ~50-100 nm in diameter, the 
Mg- and Si-rich precipitates at grain boundaries are ~70-180 nm in diameter, and the grain-
boundary Fe-rich precipitates are ~50-100 nm diameter.  
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Figure 10: a.) ADF-STEM image and elemental STEM-EDX maps of the coarse-grain region (trans-
verse microstructure) of an as-fabricated sample (Al-2.90Mg-2.10Zr, wt. %, Batch 3, vertical direc-
tion) crept-tested to fracture at 260˚C for 8 h. b.) ADF-STEM image and elemental STEM-EDX maps 
of the coarse-grain region (transverse microstructure) of an as-fabricated sample (Al-2.90Mg-2.10Zr, 
wt. %, Batch 3, vertical direction) crept-tested to fracture at 260˚C for 168 h. The Fe-rich and Mg+Si-
rich precipitates are significantly larger and fewer in the long-duration creep sample when compared 
to the short-duration creep sample. 
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4. Discussion 

4.1 Microstructure Evolution 

We proposed in a prior study [25] that the mechanism behind the observed (Figure 1) 
bimodal grain microstructure revolves around the peritectic nature of the Al-Zr phase diagram 
and the changing solidification conditions present in a laser-formed melt pool. At the bottom 
of the melt pool, the solidification front velocity is low enough that primary Al3Zr precipitates 
nucleate and grow in the melt, before inoculating α-Al grains, resulting in a fine, equiaxed, 
untextured grain structure. As the solidification front velocity increases towards the top of the 
melt pool, Zr becomes trapped in solid solution and, without Al3Zr inoculation, columnar grain 
growth dominates. 

After peak aging, grain boundary Al3Zr particles, fine Al3Zr nanoprecipitates within the 
grains, and line-like Al3Zr precipitates within the grains are observed (Figure 3). Mikhay-
lovskaya et al. [39] observed line-like Al3Zr precipitates, similar to those in Figure 4, after an-
nealing a cast Al-3Mg-0.25Zr (wt.%) alloy for 8 h at 360˚C . Similar filamentary morphology 
has been observed in many other Al-Zr alloys and is commonly referred to as discontinuous 
precipitation [39–41]. Phases which are continuously-precipitated within a supersaturated 
crystalline matrix tend to be uniformly distributed throughout the matrix, and typically have 
equiaxed, plate- or rod-like shapes showing crystallographic relationships with the matrix; the 
spherical, coherent Al3Zr precipitates shown in the upper half of Figure 4(a) are a good exam-
ple of such continuous precipitates. By contrast, discontinuous precipitation is a form of 
grain-boundary precipitation that results in colonies of thin lamellar or filamentary precipi-
tates, extending from grain boundaries into the grains, often with a much higher aspect ratio 
than continuously precipitated rods or plates. Nes and Billdal studied Al3Zr precipitation in 
Al-0.8Zr (wt.%) alloys and proposed that grain-boundary movement into a saturated matrix 
was responsible for the lamellar discontinuous precipitation [40]. In this mechanism, Al3Zr 
precipitation initiates at the grain boundary. Since grain boundary diffusion is faster than bulk 
diffusion, Zr diffuses to the existing precipitates via the grain boundaries. As the precipitates 
grow, they drag the grain boundary into the supersaturated matrix resulting in lamellar growth 
and a bowed grain boundary. The driving force for this acicular growth results from surface 
energy minimization between the Al3Zr precipitates, the supersaturated matrix, and the de-
pleted matrix. The surface energy between the Al3Zr and the supersaturated matrix is the 
highest, hence the system minimizes this surface.[40] 

As seen in Figure 2, there are numerous precipitates other than Al3Zr present in the as-
fabricated condition. Mg- and O-rich particles are observed and are likely oxides from either 
the powder surface or in-process oxidation. Also, Mg- and Si-rich particles are located both 
within the grains and on grain boundaries. Finally, Fe-rich particles are dispersed along the 
grain boundaries. Silicon and iron are common impurities present in aluminum alloys: Fe has 
very low solubility in Al and thus precipitates as Fe-rich intermetallic phase, while Si has a 
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higher solubility in Al, but, in the presence of Mg, it precipitates as the Mg2Si phase [42]. 
While the aforementioned elements are impurities and their concentration is kept low, they 
still play a significant role in mechanical properties as they likely lead to grain boundary pin-
ning. After thermal aging, it was observed that these impurity grain-boundary precipitates 
coarsen, which effectively reduce their ability to pin grain boundaries. The Fe-rich grain-
boundary particles show a significant reduction in number density and increase in size in the 
peak-aged condition as compared to the as-fabricated condition.  

Both grain-boundary Al3Zr and continuous Al3Zr precipitation, but not discontinuous 
Al3Zr precipitation, were observed during the in-situ STEM experiment of the coarse grain 
region (Figure 6). The lack of discontinuous Al3Zr precipitation observed in situ may be due 
to the limited number of grains examined during the experiment (not all grains have discon-
tinuous precipitation). Also, the contribution of surface diffusion of the thin lamella sample 
may alter the precipitation behavior by increasing the kinetics of the continuous Al3Zr precip-
itation. Furthermore, the finite volume associated with a thin lamella will result in less Zr be-
ing available for precipitation. Grain-boundary Al3Zr precipitates were observed to coarsen 
during the 400˚C exposure and once a temperature of 500˚C was reached, only one Al3Zr par-
ticle remained in view (Figure 6(d)). Grain-boundary particle coarsening during thermal expo-
sure will reduce the boundary pinning which, as described later, will have implications on the 
mechanical properties. The oxide inclusions remained stable even at temperatures of 500˚C, 
which suggest they play a critical role at impeding grain growth during 400˚C aging [15]. 

Primary Al3Zr precipitate stability and coarsening behavior was studied in the second in-
situ STEM experiment (Figure 7). Horn-like features were observed growing from a primary 
Al3Zr precipitate. Corner growth of precipitates has been observed for L12-Al3Zr [43], and L12-
Al3Sc [44] growing from the liquid and L12-Ni3Al [45] precipitates growing from solid solution 
within a Ni(Al) matrix. Preferential corner growth of cuboidal precipitates exists for Ni3Al pre-
cipitates with positive misfits (larger lattice parameter for precipitate than matrix) in Ni-base 
superalloys [45]. In the case where there is a positive misfit, as is the case with Al3Zr in an Al 
matrix, the compressive stresses on the precipitate are at a minimum in the <111> direction 
which therefore becomes the favorable growth direction [45]. The low strain also allows for a 
more favorable diffusion path resulting in further <111> growth [45]. Haugan et al. observed 
Al3Zr precipitates with a dendritic appearance in an Al-1.4Zr (wt.%) alloy cooled at intermedi-
ate cooling rates (~200˚C/s). Precipitates with a dendritic appearance have also been observed 
in our alloy (shown in Supplement Figures 1 and 2). Hyde et al. observed the same behavior 
for Al3Sc precipitates in a Al-0.7Sc (wt.%) alloy cooled at 1000˚C/s and attributed the corner 
growth due to the large constitutional undercooling gradients that are present at the cube corners 
compared to the cube faces. In the in-situ experiment shown in Figure 7, it is likely that the 
corner growth mechanism observed previously for Ni3Al precipitates is active since the other 
mechanisms are operative during solidification rather than in the solid state. The horn-like fea-
tures eventually disappeared at 450˚C and this may be due to dissolution into the matrix and/or 
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re-precipitation to nearby coarsening precipitates. Interestingly, the grain boundary that was 
pinned earlier in the experiment (Figure 7(b)) by the dark particle still remains pinned even at 
a temperature of 500˚C (Figure 7(c)). This is direct evidence for impurity particles effectively 
pinning grain boundaries during elevated temperature exposure.  

4.2 High-temperature mechanical behavior 

The trend in room-temperature yield strengths (Figure 8) for the high-Zr alloy (Al-2.90Mg-
2.10Zr, wt. %, Batch 3) is expected for a precipitation strengthened alloy: (i) aged, precipitated 
samples show higher yield strengths than the as-fabricated samples without precipitates. At test 
temperatures of 177˚C and above, the yield strengths of the aged, and overaged samples fall 
below that of the as-fabricated samples, dropping by a factor of three at 260˚C. The elevated 
temperature behavior is not as expected from an alloy that is precipitation-strengthened by ther-
mally-stable ordered intermetallic phases with a uniform microstructure, as described below.  

When considering this material's elevated temperature mechanical behavior it is important 
to recall that the bimodal grain microstructure consists of fine-grained regions with sub-micron 
equiaxed grains, and coarse-grain regions of columnar grains 1 to 5 µm in width and up to 40 
µm in length. Despite the columnar grains being referred to as the coarse-grain region, the mi-
crostructure is still fine-grained compared to a conventionally-cast alloy. In a prior study, we 
reported an equiaxed grain size of 770±340 nm for a peak aged sample (8 h at 400˚C) and an 
equiaxed grain size of 1280±660 nm for an overaged sample (144 h at 400˚C) [15]. While grain 
coarsening occurs at elevated temperatures, the very modest growth suggests that grain bound-
ary precipitates, such as Fe-rich intermetallics, Mg2Si particles, grain-boundary Al3Zr and es-
pecially Mg-rich oxides (as they do not change even at elevated temperatures as described 
above), are effective at impeding coarsening and maintaining the fine-grain size. Elevated tem-
perature deformation of fine-grain aluminum alloys is often controlled by grain boundary slid-
ing (GBS). Li et al. performed tensile tests between 450 and 570˚C on an Al-5038 alloy (Al-
4.5Mg-0.18Fe-0.6Mn-0.1-Si-0.12Cr-0.02Ti wt.%) with a 20 µm grain size and found that the 
material had superplastic behavior, which was attributed to GBS, controlled by intergranular 
dislocation climb, and conventional dislocation creep [46]. While the temperature range tested 
by these authors is much higher than in the present study, the grain size in our material is ~20 
times smaller (corresponding to ~8,000 time decrease in grain volume). Small grain sizes are 
well known to reduce the temperature required for superplastic behavior [47]. The high-tem-
perature deformation in alloys with our observed grain sizes can likely be attributed to GBS, 
however, the grain boundary precipitates responsible for maintaining the fine grain size during 
elevated temperature will also serve to impede grain boundary sliding. The lower yield strength 
of the thermally treated samples over the as processed state is potentially due to the coarsening 
of grain boundary strengthening phases such as Fe-rich intermetallics and Mg2Si particles. Tang 
et al. [48] tested the high-temperature properties of an ultrafine-grained Al-5083 alloy and an 
ultrafine-grained Al-5083 that had SiC reinforcement and found the reinforced alloy had supe-
rior high-temperature strength. They attributed this difference to the presence of grain-boundary 
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SiC particles that inhibited GBS [48]. A similar situation may be at play in our alloy but, instead 
of SiC on the grain boundaries, a combination of Fe-rich intermetallic, Mg2Si particles, and 
grain boundary Al3Zr inhibits GBS. While these grain boundary particles will occur in both the 
aged and as-fabricated alloy, the coarsening during thermal treatment, as shown in Figure 3, 
will reduce their effectiveness, explaining the greater yield strengths of the as-fabricated alloy. 

The fine grain size of the tested alloy may mean that grain boundary diffusion is dominant, 
hence a stress exponent of 1-2 could be active. Sklenicka et al. [49] performed creep tests at 
200 ºC on an ultrafine-grained (0.55 µm) Al-0.2Sc (wt.%) alloy produced by equal channel 
angular processing and in a second study [50] attributed this behavior to superplastic flow via 
GBS, which is generally associated with a stress exponent of n = 2. Marquis et al. [35] per-
formed creep testing at 300˚C of an Al-2Mg-0.2Sc wt.% alloy, which is also solid-solution- and 
L12-precipitation strengthened, and attributed the creep behavior to dislocation glide creep with 
a stress exponent of n = 3. As can be seen in Figure 9, using n values of 1 leads to a poor fit, 
while n = 2 or 3 more accurately fit the experimental data for the tested samples; a better fit is 
achieved with n = 3, suggesting that dislocation glide is the limiting creep mechanism; however, 
GBS may still contribute to the overall strain as Rachinger GBS (grain boundary sliding without 
grain shape change that is accommodated by intragranular dislocation movement in adjacent 
grains) was found to have a stress exponent of 3, as this form of GBS is dislocation controlled 
[51]. The presence of the grain boundary precipitates likely inhibits GBS to some extent, forc-
ing GBS to make up a smaller portion of the total creep strain, but the potential contribution 
from dislocation and Rachinger GBS was not calculated.  

STEM analysis of the microstructure of the as-fabricated samples crept for 8 h and crept 
at 168 h revealed the presence of discontinuous precipitation (Figure 10). Since discontinuous 
precipitates were not present in the as-fabricated samples, the precipitation may occur during 
the creep test. The diffusivity of Zr in Al at the temperature of the creep test, 260˚C , is six 
orders of magnitude lower than the diffusivity at peak aging temperature, 400 ˚C (1.4 x10-25 vs. 
1.6 x 10-19 m2s-1) suggesting that minimal to no Al3Zr precipitation would usually be expected 
during 8 h at 260˚C; however, most theories describing the growth kinetics of discontinuous 
precipitation consider grain-boundary diffusion and not bulk diffusion [52]. Since grain bound-
ary diffusion is several orders of magnitude faster than bulk diffusion [53], it is plausible that 
discontinuous precipitation can occur at 260˚C. It is also important to note that discontinuous 
precipitation reactions can be enhanced by the presence of strain [52], which is present in a 
creep test. Microstructural changes during creep testing of the as-fabricated samples suggest 
that the fitted stress exponent of 3 may not be representative of the actual creep limiting mech-
anisms. 

Both as-fabricated and peak-aged alloys exhibit similar creep properties at 260˚C for 
the long duration test. The similarity of the creep behavior between the as fabricated and peak 
aged conditions for the long duration test may be due to aging that occurred in the as-fabricated 
sample during the 120 h of high-temperature exposure, before measurable deformation was 
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achieved at 15 MPa. The short duration creep tests (8 h) show substantially improved creep 
behavior for the as-fabricated samples with a threshold stress that is triple that measured in the 
long-duration creep test (41 vs. 13 MPa). A possible explanation for this behavior is grain-
boundary particle coarsening occurring during the long duration creep test as clearly observed 
in Figure 10. Coarsening would result in less effective grain-boundary pinning, thus lowering 
threshold stresses for deformation. The annealed samples have reduced creep performance 
compared to the as-fabricated sample during the short duration creep test, which may also be 
explained by grain-boundary particle coarsening that occurs during the under-aging treatment. 
Again, isolating the exact creep limiting mechanisms is difficult due to the many microstruc-
tural changes occurring during creep testing.  
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5. Conclusions 

The microstructural response to aging and creep deformation was investigated in two Al-
Mg-Zr alloys (Al-3.6Mg-1.2Zr and Al-2.9Mg-2.1Zr, wt.%) processed by laser-based 
powder-bed additive manufacturing. It was concluded that: 

- Both continuous and discontinuous precipitation of coherent, secondary L12-Al3Zr 
occurs during peak aging (400˚C, 8 h). The continuous precipitates are spheroidal (~2 
nm in diameter) and the discontinuous precipitates are highly elongated (~5 nm wide 
and hundreds of nanometers in length). 

- The grain microstructure of the as-fabricated samples consists of fine-grained regions 
with sub-micron equiaxed grains, and coarse-grain regions of columnar grains 1 to 5 
µm in width and up to 40 µm in length. Submicron precipitates - including Fe-rich 
particles, Mg2Si particles, and Al3Zr - are observed at the grain-boundaries of the 
alloys in the as-fabricated and peak-aged (400˚C, 8 h) conditions.   

- The as-fabricated alloys display higher yield strengths than the peak-aged alloys at 
temperatures of 150˚C and above. At 260˚C, the as-fabricated and the peak-aged al-
loys (400˚C, 8 h) show widely different yield strengths of 87 and 24 MPa, respec-
tively. This strength reduction in the aged condition is attributed to the coarsening of 
grain-boundary precipitates during aging, which leads to less inhibition of grain-
boundary sliding. 

- Creep data at 260 ºC can be well fitted with a stress exponents n=2 or 3 (indicative of 
GBS or dislocation motion) and a threshold stress (from precipitation strengthening). 

- During long-duration (168 h) creep tests, both as-fabricated and peak-aged samples 
display nearly-identical creep behavior, with the same threshold stress of ~14 MPa. 
The similarity in creep properties is explained by the in-situ aging that occurs for the 
as-fabricated sample during the creep test at 260 ºC.  

- For short-duration (8 h) creep tests, as-fabricated samples show a much higher thresh-
old stress than samples previously aged at 260 ˚C for 168 h (~40 vs. ~14 MPa). This 
is again consistent with different exposure times at 260 ˚C (8 vs. 176 h), during which 
grain-boundary particles are coarsening. 
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