Materials and Design 201 (2021) 109531

Contents lists available at ScienceDirect

Materials and Design
journal homepage: www.elsevier.com/locate/matdes

Microstructure and defects in a Ni-Cr-Al-Ti γ/γ’ model superalloy
processed by laser powder bed fusion
Anthony De Luca a,⁎,1, Christoph Kenel b,⁎,1, Seth Grifﬁths a, Shreyas S. Joglekar a,
Christian Leinenbach a, David C. Dunand b
a
b

Empa – Swiss Federal Laboratories for Materials Science and Technology, Überlandstrasse 129, 8600 Dübendorf, Switzerland
Department of Materials Science and Engineering, McCormick School of Engineering, Northwestern University, 2220 Campus Drive, Evanston, IL 60208, USA

H I G H L I G H T S

G R A P H I C A L

A B S T R A C T

• Solidiﬁcation and liquation cracking are
eliminated in a model Ni-Cr-Al-Ti alloy.
• Ductility-dip cracking of high-anglegrain-boundaries
is
the
active
mechanism.
• The inherent weakness of grain boundaries in Nickel superalloys is evidenced.
• Trace O in the powder lead to the in-situ
formation of Al2O3 oxide dispersoids.

a r t i c l e

i n f o

Article history:
Received 14 September 2020
Received in revised form 14 January 2021
Accepted 24 January 2021
Available online 28 January 2021
Keywords:
Additive manufacturing
Laser powder bed fusion
Nickel superalloy
Cracking mechanism

a b s t r a c t
Additive manufacturing (AM) of non-weldable high-γ’ Ni base superalloys is challenging due to various issues,
but notably because of their inherent cracking propensity. Typically, the segregation of melting pointdepressant elements to grain boundaries (GB) drastically increases the solidiﬁcation interval, allowing the high
processing-induced stresses in the parts to pull apart the liquid ﬁlm at GBs. To achieve a better understanding
of the consolidation process of nickel superalloys as well as the origin of defects and cracks, a simpliﬁed model
γ/γ’-strengthened Ni-Cr-Al-Ti alloy with reduced solidiﬁcation interval, related to the commercial CM247LC
alloy, is investigated under a large parameter survey. The consolidation behavior is typical of nickel superalloys
produced by AM, with the optimal condition being a compromise between cracking and porosity. The cracking
mechanism is, however, changed to solid-state cracking, localized at high-angle GBs, and likely due to the lack
of GB strengthening phases and the inherently low strength of this simpliﬁed alloy. Transmission electron microscopy and atom probe tomography reveal elemental segregation of Ti, and to a lower extent Cr and Al, to
the solidiﬁcation cell boundaries, in agreement with Calphad calculations. No γ’ precipitates are observed in
the as-processed condition, indicating that all elements remain in solid solution. No chemical differences are observed between cracked and non-cracked boundaries. Trace amounts of oxygen contained in the powder lead to
Al2O3 slag formation, as well as nano oxide dispersoid incorporation. Sulfur, a critical contaminant in superalloys,
is detected but rendered harmless by the formation of TiS nanoprecipitates.
© 2021 The Author(s). Published by Elsevier Ltd. This is an open access article under the CC BY license (http://
creativecommons.org/licenses/by/4.0/).

1. Introduction
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Additive manufacturing (AM) of γ’-containing Ni-base superalloys
has attracted much interest due to potential replacement of conventionally cast parts to achieve optimized designs, including internal cooling
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present study, thus has the potential to shed light on the validity of
alloying concepts that have been established decades ago on complex
commercial alloys for processes quite different from the capabilities of
modern AM machines. Such concepts include: i) the critical inﬂuence
of the Al + Ti content on processability, ii) the importance of grainboundary strengthening elements, iii) the solidiﬁcation challenges associated with heavily segregating elements, often also acting as grain
boundary strengtheners, iv) the detrimental nature of large solidiﬁcation intervals, v) the importance of controlling powder contamination,
vi) the formation of dispersoids during L-PBF from strong oxide forming
elements present in the alloy. Individually, all these effects have been
observed on various commercial alloys processed by L-PBF, depending
on alloy composition and processing conditions. In order to deepen
the understanding of the key factors and also interactions between
these challenges, studying selected model alloys can provide insight
into the alloy behavior without interference due to the compositional
complexity of commercial alloys.
Here, the laser powder bed fusion of a Ni-8Cr-5.5Al-1Ti (wt%) model
alloy is studied. This model alloy inherits its Cr, Al and Ti content from
CM247LC but eliminates all other alloying elements. This provides a
model Ni-base superalloy with a high Al + Ti content, high γ’ fraction
and solvus temperature and a narrow freezing range free of any additional phases. It provides insight into the processing characteristics
and defect formation with reduced interference from the complex composition of established Ni-base superalloys. L-PBF processing maps are
created, taking into account resulting material density, crack formation
and melt pool metrics. The formed defects are characterized in detail to
study their origin, nature and location. In-depth electron microscopy
provides insight into the potential cracking mechanism and formation
of native oxide and sulﬁde dispersoids in the alloy. Atom probe tomography is employed to study the formation of enriched zones within the
supersaturated γ matrix present after processing. The observed behavior is compared to commercial Ni-base alloys and conclusions for future
alloy and process development are drawn.

and repair [1]. Based on their alloy design optimized for slow casting
into polycrystalline, directionally solidiﬁed or even monocrystalline
parts, such alloys are typically highly alloyed to maximize strengthening
contributions from solid solution, carbide formation and a high volume
fraction of γ’-Ni3(Al,Ti) precipitates [2,3]. However, these alloys are typically difﬁcult to weld and, consequently, have proven to be challenging
for AM processing. Typically, cracks are observed and classiﬁed as
(i) solidiﬁcation cracks due to segregation in the liquid and rupture of
remaining liquid ﬁlms, (ii) liquation cracks by melting of low-melting
point phases previously formed by segregation, (iii) ductility-dip cracks
formed in the solid-state when the alloy has minimal ductility and cannot withstand residual stresses and (iv) strain-age cracking occurring
during post-process heat treatment due to the formation of second
phases and an increase in yield stress [1].
Research on AM of γ/γ’ Ni-base superalloys has predominantly focused on the commercial alloys Inconel 738LC [4–17], due to strong
commercial interest for industrial gas turbines, as well as CM247LC,
originally developed for directional solidiﬁcation casting, and its parent
MarM247 [1,18–25]. Further alloys studied for AM include CMSX-4,
Rene 104, and others [26–35]. Being the ﬁnal product of decades of
alloy development and process optimization, all the above alloys are
highly alloyed and have complex microstructures. Solidiﬁcation cracks
in laser powder bed fusion (L-PBF) processed IN738LC were attributed
to strong Zr segregation upon solidiﬁcation [4], in agreement with casting literature [36]. Additionally, higher Si content of the powder was observed to lead to increased solidiﬁcation cracking [5]. Recent atom
probe studies reveal that Si and Zr segregation is only observed at
high-angle grain boundaries, while C and B segregate to every grain
boundary [9]. High-angle grain boundaries have been identiﬁed as susceptible to solidiﬁcation cracking in several alloys [4,10,33]. As a result
of several studies into the segregation behavior and resulting cracking,
reduction of Zr and Si has been adopted as a successful alloy modiﬁcation strategy to reduce solidiﬁcation cracking in IN738LC processed by
L-PBF [5,9]. However, atom probe data on modiﬁed IN738LC with
lowered Zr and Si suggest that the actual grain boundary segregation
level of Zr and Si is unchanged by the alloy modiﬁcation, indicating
that the actual cracking mechanism is more complex [9]. Liquation
cracking is observed as a second cracking mechanism, typically after directed energy deposition, and is related to re-melting of carbides or formation of γ’/γ eutectics [10,14–16]. Additionally, Al-Si-W-based oxide
formation during L-PBF has been reported as another cause for cracking
in IN738LC with 70 ppm oxygen [13]. In CM247LC, solidiﬁcation cracking has been studied in connection to its Hf content [24]. Interestingly,
both an increase [24] and a decrease [37] in Hf lead to lower cracking
after laser powder bed fusion (L-PBF), suggesting a complex interplay
between Hf and other alloying additions. High dislocation densities in
solidiﬁcation cell walls are attributed to localized crack formation due
to resulting thermal stresses [18,19]. Similar to IN738LC, high angle
grain boundaries are generally found to be susceptible to cracking
across various alloys [1,33,38]. Apart from alloy-speciﬁc adaptions,
higher levels of B, Zr, Si, and S are generally observed to increase cracking in γ/γ’, as well as solid solution strengthened, Ni-base alloys during
AM, in agreement with existing welding literature [4,9,12,24,33,39–43].
While B and Zr are deliberately added to increase the creep performance, Si and S are impurity elements.
Despite the success of alloy modiﬁcation to suppress cracking in selected alloys, this approach requires extensive studies into each alloy.
Identiﬁcation of the problematic alloy component, adaption of alloy
speciﬁcations and processing of custom-produced alloy batches,
followed by in-depth analysis, is a lengthy process. Additionally, the
complex nature of highly alloyed Ni-base superalloys gives rise to a
multitude of interactions in the optimized alloys, making the generalization of results difﬁcult. Interestingly, processing studies of model alloys are scarce in the literature, which is largely focused on existing
commercial alloys originally developed for casting, with varying degrees of weldability. Studying simpliﬁed model alloys, as we do in the

2. Experimental procedures
2.1. Pre-alloyed powder and laser powder bed fusion
The Ni-Cr-Al-Ti experimental pre-alloyed powder was inert-gas atomized by Nanoval (Berlin, Germany) with its composition indicated
in Table 1. The powder also contained trace amounts of O and S whose
concentration, as determined by melt combustion methods, is also reported in Table 1. The pre-alloyed powder size distribution has an average size d50 = 25 μm (d10-d90 = 12–48 μm). Micrographs of the powder
are presented in Supplementary Fig. 1. While the powders are typically
spherical, with smooth surfaces, a cross-sectional investigation reveals
the presence of internal porosity in some powders, which will ultimately lead to porosity in the printed parts. A 63 μm sieve was
employed to remove powder agglomerates prior to printing. The acquisition of a X-ray powder diffraction pattern, allowed the identiﬁcation of
the diffraction peak position and thus the lattice parameter a = 3.506 Å.
Considering the FCC crystal structure of nickel, and the alloy's composition, a density of 8.399 g/cm3 for the model alloy is estimated.
Cubic 5 × 5 × 5 mm samples were fabricated using a L-PBF machine
Sisma MySint 100 (Sisma S.p.A., Italy) equipped with a 200 W, 1070 nm
ﬁber-laser operating in continuous wave mode, with a 55 μm spot size.
The cubes were built on 34.5 mm diameter stainless steel build plates,
using a bidirectional scan strategy (90 degree rotation between layers),
Table 1
Model alloy nominal composition and impurity elements in the pre-alloyed powder. O
and S determined by melt combustion (*).
Ni

Cr (wt%/at.%) Al (wt% /at.%) Ti (wt% /at.%) O (wt.ppm)* S (wt.ppm)*

Bal 8 / 8.4
2

5.5 / 11.1

1 / 1.1

180

40
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laser atom probe tomography was performed with a CAMECA LEAP
5000XS Atom-Probe Tomograph (Cameca Instruments, USA) at a
pulse frequency of 500 kHz, specimen temperature of 40 K and 25 pJ
pulse energy using an ultraviolet laser (355 nm) focused to the diffraction limit. Data processing was performed in IVAS 3.8.5.
Data plotting is performed in Python (Anaconda, Continuum Analytics). Perceptually uniform colormaps are retrieved from the cmocean
package [44].

followed by a contour strategy (with the same parameter than in the
part). A large parameter ﬁeld was surveyed to investigate the effects
of printing parameters on consolidation quality. The volumetric energy
density E (J/mm3) referenced throughout this manuscript is calculated
using the following formula:
E¼

P
vht

ð1Þ

The layer thickness t (30 μm) and hatch spacing h (75 μm) were kept
constant throughout the study, and the laser power P and scanning
speed v were varied from 100 to 175 W, and from 100 to 1250 mm/s, respectively. Argon shielding gas kept oxygen content in the build chamber below 0.01% during processing. The parts were removed from the
build plates by electro discharge machining (EDM).

2.3. Phase transformation temperatures
The phase transformation temperatures of the model alloy produced
by L-PBF, in as-printed condition, were determined by differential scanning calorimetry (DSC) measurements, conducted using a NETZSCH
DSC 404C Pegasus thermal analyzer. Two samples of 13.7 and 20.1 mg
were used, with their surfaces ground with SiC grinding paper to
P4000 to ensure a better thermal conduction with the crucible. The experiments were carried out under high-purity Ar atmosphere
(99.9999% Ar) with a ﬂow rate of 40 ml/min. The Al2O3 crucibles were
heated at a rate of 10 K/min from room temperature to 1430 °C and
cooled down at the same rates. Only the heating thermograms are considered in this study and compared with Thermocalc simulations, conducted using the TCNI5 database. Time-transformation-temperature
diagram calculations are performed using TC Prisma with the TCNI5
and MOBNI5 databases.

2.2. Microstructure and defect characterization
The consolidated parts densities were measured by the Archimedes
method in ethanol. The specimens were then cold mounted in epoxy,
ground, and polished down to 1 μm diamond suspension. The ﬁnal
polishing was done with 50 nm colloidal silica. All specimens were
ground to reveal the X-Z plane, allowing to image the top melt pools.
Specimens for Electron Backscatter Diffraction (EBSD) measurements
were extensively lapped with silica and Ar ion beam polished (Leica
EM TIC 3X). Selected specimens were etched with Glyceregia (15 ml
HCl, 10 ml glycerol, 5 ml NHO3) for melt pool and microstructure analysis by optical microscopy.
A Leica VZ700C optical microscope was employed to measure the
crack density of the samples, and approximately 250–300 images at
200× magniﬁcation were stitched together to generate one uncompressed image of the cube's vertical cross-section. The image analysis
was performed using ImageJ. The uncompressed stitched images were
ﬁltered with a 3 pixels median ﬁlter, followed by manual thresholding
to generate a binary image. The analyze particle function of ImageJ
was applied to the binarized images. Particles smaller than 20 pixels,
touching edges, or with a circularity above 0.35 (pores) were ﬁltered.
The cracks were ﬁtted by ellipses, with the long dimension taken as
the crack length. Additionally, horizontally inclined ellipses (± 20 degrees) were ﬁltered, as lack of fusion defects and slags were not removed by the circularity ﬁlter, and cracks typically propagate
vertically through the part.
Scanning electron microscopy (SEM) was conducted on a FEI
NanoSEM 230 in backscatter mode (BSE), or with the Through the
Lens Detector (TLD) to image crack surfaces. The composition of observed phases was measured by EDX using an Oxford Instruments detector. Electron backscatter diffraction (EBSD) was performed on a FEI
Quanta 650 ESEM equipped with an Oxford Aztec EBSD detector, with
step sizes of 1 μm and 0.4 μm. Data post-processing was performed in
AztecCrystal.
A lamella for transmission electron microscopy (TEM) analysis was
extracted from the region at the tip of a crack (Supplementary Fig. 2)
located in the specimen center, with a FEI Helios NanoLab 600i focused
ion beam (FIB). The lamella was extracted perpendicular to the build direction. Scanning transmission electron microscopy (STEM) was performed on a FEI Titan Themis microscope operated at 300 kV and
equipped with a probe spherical aberration corrector and a SuperEDX
system (ChemiSTEM technology) with four silicon drift detectors for
energy-dispersive X-ray (EDX) spectroscopy. A convergence semi
angle of 25 mrad was used in combination with an annular dark ﬁeld
(ADF) detector with inner and outer collection semiangles of 53 and
200 mrad, respectively. The semi-quantitative EDX data processing
was performed in Velox 2.12, with a pre-ﬁltering applied to improve
the counting statistic per pixel.
Atom probe sample tips were prepared with a FEI Helios Nanolab
600 FIB, the wedge being sampled from the specimen center. Pulsed-

2.4. Microhardness
The microhardness of samples with various printing parameters was
measured with a Fischerscope HM2000 hardness tester, with a load of
1.8 N, for 60 s. Between 10 and 20 indentations were made per sample,
typically in one line parallel to the build direction to asses any effect of
build height on mechanical properties. No signiﬁcant trend in the indentation position (i.e. top or bottom of the sample) was observed, nor between samples printed with various conditions. Across all samples
tested, we measured an average microhardness of 3130 ± 160 MPa.
3. Results
3.1. Model alloy characteristics
Fig. 1 shows the calculated solidiﬁcation characteristics of the Ni-CrAl-Ti model alloy using the TCNI5 database. The alloy is a prototype
Ni-base superalloy featuring a high γ’ fraction and a high γ’ solvus temperature (Fig. 1a). No phases beyond γ, γ’ and liquid are predicted to be
stable. The predicted equilibrium freezing range is 13 °C (Fig. 1b). The
theoretical freezing range remains <100 °C under Scheil conditions assuming no diffusion within the solid but perfect mixing in the liquid.
This continuously removes elements preferentially partitioning to the
solid from the remaining melt, which then becomes enriched in segregating elements. In the model alloy, Ti is predicted to partition most
strongly to the liquid upon rapid solidiﬁcation (Fig. 1c). Ni is depleted
in the liquid and preferentially partitions to the solid. Cr weakly partitions to the liquid. Al increases in the liquid by 50% in the course of
solidiﬁcation while Ti increases 4-fold. While the Scheil conditions provide insight into potential segregation, it remains a simpliﬁcation of a
complex process. The assumption of an inﬁnite diffusion coefﬁcient in
the liquid and perfect mixing does not necessarily hold in rapid solidiﬁcation, as experienced in L-PBF, where there is little time for concentration equilibration throughout the melt pool. The Calphad calculations
are compared to DSC measurements on L-PBF specimens (Table 2).
The experimentally obtained γ’ solvus is higher than predicted
(+36 °C), whereas the extrapolated solidus is slightly lower (−13 °C).
The experimentally measured liquidus is in good agreement (−2 °C)
with the predicted value. The determined freezing range for the used
alloy is 24 °C.
3
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Fig. 1. Ni-Cr-Al-Ti model alloy design and characteristics. a) Phase fraction, b) Scheil solidiﬁcation and c) elemental enrichment in the liquid calculated for the Ni-8.4Cr-11.1Al-1.1Ti
(at. %) model alloy using the Calphad approach. Only γ-(Ni, Cr), γ’-Ni3(Al,Ti) and liquid are stable, with >50% γ’ below 800 °C. The alloy has a low predicted equilibrium solidiﬁcation
range of 13 °C. Under Scheil conditions, Ti shows the strongest segregation tendency to the liquid, reducing the solidus temperature together with Al.

correlated to an increased crack frequency and crack length. Despite
the very high energy density used to consolidate certain specimens,
no keyhole porosity was observed in the investigated parameter ﬁeld.
Although the inhomogeneous distribution of the lack of fusion defects
prevents us to precisely estimate the true porosity from micrographs,
the crack density could be measured in a smaller parameter ﬁeld
(125–175 W, 500–1000 mm/s) (Fig. 2b). A strong relationship is observed between crack density and energy input, also displayed in
Fig. 2f. At 56 J/mm3, no crack was observed in an entire cross-section,
and the crack density reaches a saturation at ~2 mm/mm2, in the investigated ﬁeld. Additionally, slag is incorporated into the consolidated material (Fig. 2c). With increasing energy input, less slag is observed within
the parts (cf. Fig. 2c and f).
The melt-pool widths and depths were measured on the top layers
of etched cross-sections and converted to vertical and horizontal overlaps, between layers and lines respectively, reported in Fig. 2d and
Supplementary Fig. 5. The lateral and vertical overlaps are calculated
as OL = 100∙(1-hatch/width) and OV = 100∙(1-layer thickness/depth), respectively. The melt pool width-to-depth ratio is around 3 for highdensity specimens, comparable to observations on commercial
CM247LC investigated in previous studies on the same L-PBF machine
[37]. The highest densities are achieved for melt pool overlaps between
30 and 50% vertically and 55 to 65% horizontally (Supplementary
Fig. 5). At low vertical and/or horizontal overlap, the lack of fusion defects reduce the material density. Crack density increases with increased
melt pool overlap (Fig. 2e). Deeper and wider melt pools are observed
for higher energy inputs, enhancing the columnar growth of grains
across many layers, and thus correlate with the occurrence of cracks.
Material density and crack density are compared based on the volumetric energy density (Fig. 2f). Upon achieving maximum density, cracks
start to appear while the incorporation of slag is reduced. Higher energy
inputs lead to more cracks being formed and thus an overall lower density. The maximum density is achieved at 66.6 J/mm3. Based on Fig. 2a, a
laser power of 100 W is generally insufﬁcient to consolidate the powder,
leading to outliers in the density curve in Fig. 2f. The upper envelope of
density is formed by values obtained at 125 to 175 W. Further studies
into the detailed defect characteristics are conducted on specimens produced at 150 W, 1000 mm/s (highest density, low cracking) and 175 W,
750 mm/s (near peak density, increased cracking).

3.2. Laser powder bed fusion
Fig. 2 shows the consolidated results from material density, crack
density, slag fraction and melt pool overlap measurements. Multiple series of cubes were consolidated by L-PBF, and cover a wide range of parameters from 100 to 175 W and 100 to 1250 mm/s, with an energy
density input as low as 44 J/mm3 and as high as 556 J/mm3. Hatch spacing (75 μm) and layer thickness (30 μm) are kept constant. Fig. 2a shows
a part density map, as measured by the Archimedes method, as a function of scanning speed and laser power. To highlight regions of low and
high energy input in this map, calculated isocontours of energy density
are overlaid. The highest density achieved is 7.965 ± 0.006 g/cm3
(150 W and 1000 mm/s, equivalent to 66.7 J/mm3), the lowest is
7.800 ± 0.001 g/cm3 (125 W and 1250 mm/s, equivalent to 44
J/mm3). Although not as prominent, a decrease of density is also
observed in the top left corner of the map.
For comparison, a porosity value of 0.34% was determined on a cube
full cross section using optical microscopy and pore thresholding for the
sample with highest density (150 W, 1000 mm/s), Supplementary
Fig. 4. The observed porosity is identiﬁed as gas porosity, as all pores
are spherical. The discrepancy between Archimedes method and optical
imaging of cross-sections can be explained by i) the high porosity content of the powder (cf. Supplementary Fig. 1), estimated to be at least
2%, and ii) the presence of contour porosity. As the study herein was focused on the bulk consolidation, the contouring strategy is not optimized, which leads to the formation of vertically aligned pores,
typically at one hatch distance of the part's edges, and expected to represent a signiﬁcant amount of the total porosity. All samples are expected to be equally affected, regardless of the printing parameters.
Additionally, surface roughness is known to affect density estimation
by Archimedes method. The Archimedes method thus underestimates
the true material density in the core of all specimens.
To assess the origin of the density variation in the investigated
parameter ﬁeld, optical microscopy was conducted on all samples (cf.
Supplementary Fig. 4). Overall, the strong decrease in part density in
the bottom right corner of the map is due to a higher frequency of
lack of fusion defects, while in the top left corner of the map, it is

Table 2
Thermal properties determined by DSC (Supplementary Fig. 3) and by Calphad
calculated using Thermocalc software with the TCNI5 database.

DSC
Calphad

γ’ solvus (°C)

Lowest
melting (°C)

Solidus (°C)

Liquidus (°C)

ΔTL-S (°C)

1111
1074

1368

1381 (onset)
1394

1405
1407

24
13

3.3. Microstructure and defects
Fig. 3 shows the grain microstructure and characteristic defects observed in our L-PBF -processed Ni-Cr-Al-Ti model alloy. As cracks are
wider at higher energy density, the crack surface analysis was conducted on the sample printed at 175 W - 750 mm/s. In general, a ﬁne4
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Fig. 2. Laser powder bed fusion processing. Maps of a) material density, b) crack density, c) incorporated slag area fraction, and d) horizontal melt pool overlap as a function of laser
power and scan speed at a constant layer thickness of 30 μm and hatch of 75 μm. Maps are linearly interpolated between measured conditions. For a), isoenergy density lines are
shown overlaid. e) Crack density as a function of vertical and horizontal melt pool overlap. f) Material density, crack density and slag fraction as a function of volumetric energy
density. Cracking occurs as soon as maximal densiﬁcation is achieved at 66.6 J/mm3. Slagging decreases with increased energy input.

where they form upon a subsequent melting, and are incorporated in
the host matrix due to strong melt pool convection. Such embedded
slag lenses with sharp corners are likely to reduce the fatigue and
high-temperature strength of the material due to crack initiation. The
presence of alumina slag at the interfaces of lack of fusion defects additionally indicates that once the slag is present it effectively separates the
molten alloy. This is consistent with the observation of lack of fusion defects at high energy densities (cf. Supplementary Fig. 4). While typically formed due to insufﬁcient heat input and incomplete melting,
here the alumina slags hinder coalescence of adjacent melt tracks, creating a similar defect as classical lack of fusion.
Fig. 4 shows EBSD data obtained on a specimen processed at 150 W
and 1000 mm/s, achieving maximum density. The microstructure is
highly columnar with individual grains spanning over 500 μm vertically
(in the build direction), indicating epitaxial growth of grains through
>15 layer thicknesses (layer thickness: 30 μm). The inverse pole ﬁgure
coloring shows no strong preferred orientation alignment with the
build direction. Grains close to 100 (red), 110 (green) and 111 (blue)
orientations grow into large columns. Inverse pole ﬁgure colored
maps for the x and y directions are shown in Supplementary Fig. 6,
along with the unit cell orientation. After processing, the alloy contains

grained, columnar microstructure is observed (Fig. 3a). Grain columns
extend over multiple build layer thicknesses (layer thickness:
30 μm)). No secondary phases in the grain, at the grain boundaries,
nor any dendritic structure is observed by SEM, consistent with minimal
segregation upon solidiﬁcation, in agreement with Calphad predictions.
Four types of defects are observed: i) cracks, ii) lack of fusion defects, iii)
gas pores and iv) alumina slag. Cracks follow grain boundaries and appear along the build direction (Fig. 3b). Locally, the cracks appear jagged
when propagating through an area with small grain columns. When following a vertically aligned grain boundary, the cracks appear straight.
High-magniﬁcation imaging shows smooth crack faces, indicating
solid-state grain boundary decohesion as the main cracking mechanism.
Liquid phase cracking is excluded based on the absence of segregating
liquid, the lack of observation of any secondary phases and the absence
of a dendritic structure on the crack surfaces.
Lack of fusion defects are observed even at the process conditions
where maximum density is achieved (Fig. 3c). Gas pores from hollow
powder particles also persist in the microstructure, appearing spherical.
The free surfaces of lack of fusion defects, as well as the part's surface
(Fig. 3c inset), are partially coated with alumina slag. Slag lenses embedded in the metallic matrix are likely drawn away from the free surfaces
5
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Fig. 3. Microstructure and processing-related defects. a) Columnar grain structure spanning over multiple layers (layer thickness: 30 μm) revealed by BSE SEM. The build direction z is
indicated and valid for all ﬁgures. b) Cracks formed aligned with the columnar grain structure. Magniﬁed view (right) shows smooth crack faces indicating solid-state cracking. c) Lack of
fusion defects and gas pores from hollow powder particles. Magniﬁed view (right) shows the formation and incorporation of alumina slag lenses at free interfaces and within the metallic
matrix.

(Supplementary Fig. 2) to provide insight into the local microstructure
of susceptible grain boundaries (Fig. 5a). The crack plane is perpendicular to the lamella and opens horizontally in mode I along a grain boundary. A high dislocation density is observed within the grains consistent
with the material exceeding its yield strength and being subjected to
high residual stresses (Fig. 5b). Closer inspection reveals the presence
of small dispersoids in the alloy, which further pin the dislocations.
Local chemical analysis conﬁrms two types of dispersoids present after
processing: Al2O3 and Ti-,Cr- and S-rich particles (Fig. 5c), the Cr containing particles being relatively rare. The Ti:S ratio of 1:1, suggests
(Ti,Cr)S. These precipitates are found to form as individual Al2O3 and
(Ti,Cr)S dispersoids, and regularly also as co-precipitates where both
types occur together. Co-precipitates have a globular shape with distinct
parts being either Al2O3 or (Ti,Cr)S type. Large area mapping shows the
presence of O and S at distinct precipitate locations, where the occurrence of both elements indicates co-precipitation (Fig. 5d). The two
types of dispersoids being comparable in size, shape and contrast, it is
difﬁcult to differentiate them without measuring their composition.
Counting 200 particles, the radius of both Al2O3 and (Ti,Cr)S precipitates
is estimated at 11.6 ± 5.6 nm. The Al2O3 nanoparticles are, however,
more prevalent than (Ti,Cr)S. Neither γ’ nor any other phase are observed, indicating that the cooling rate upon L-PBF is sufﬁciently high
(and that subsequent temperature excursions are short enough) to suppress γ’ precipitation and preserve a supersaturated fcc Ni-Cr-Al-Ti matrix. The initial cooling rate on solidiﬁcation is very high, and is
estimated to be 1.1 ± 0.4 106 K/s using [45]:

many small angle grain boundaries with 2–15° misorientation (Fig. 4b).
They appear inhomogeneously distributed, forming vertical bands
with a distance comparable to the hatch spacing used for processing
(75 μm). Pockets of small, misoriented grains are formed locally between large grain columns (Fig. 4c). The length of these pockets is
in the order of the layer thickness of 30 μm. The abrupt change in
grain orientation and size indicates a pronounced layer-by-layer effect
upon building, leading to nucleation and termination of grains. The
nucleation of grains and their growth over at least one layer, again, indicates no dominant selected crystal direction upon solidiﬁcation.
Cracks are correlated with high angle grain boundaries present in
the alloy (Fig. 4d) and intragranular fracture is not observed. Cracks
are clearly identiﬁed from the band contrast map (Supplementary
Fig. 6d). The disorientation angle between the grains adjacent to the
cracks, in Fig. 4d, is >40° across all cracks. The overall texture of the
alloy is rather weak without any distinct ﬁber textures observed
(Fig. 4e). A tendency for alignment of 110 and 100 directions close
to the build direction is observed, whereas 111 appears to be comparably unfavorable. This is also visible by a comparably low number of
blue grains in Fig. 4a. Inverse pole ﬁgures along the principal directions also show this slight alignment of 110 with the build direction,
alignment of 100 with the transverse x direction, and alignment of
100 and orientations close to 〈112〉 and 〈113〉 with the transverse y direction (Supplementary Fig. 6e).
Fig. 5 shows detailed TEM micrographs of the alloy close to a crack
tip. The TEM lamella is extracted by FIB in front of the open crack
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Fig. 4. Grain structure and orientation (a) Inverse pole ﬁgure map along the build direction (z). Cracked high angle grain boundaries (GB) are marked with arrows. (b) Grain boundary
map with high angle grain boundaries (>15°) in black and small-angle grain boundaries (2–15°) in blue. Small-angle grain boundaries are concentrated in vertical bands along the build
direction. The crack locations are indicated with arrows. (c) Higher resolution of the center area in (a) showing pockets of misoriented grains between large columnar grains growing in
different orientations overlaid with the grain boundary map (small angle: gray, high angle: black). The build direction (z) is indicated and valid for (a-c); the layer height (~30 μm) is also
illustrated. (d) Magniﬁed view (shown in a)) of selected cracked grain boundaries visualized by a spatial map of the Euler angle Φ. Disorientation angles across the cracks are indicated. (e)
Pole ﬁgures derived from the full area shown in (a) for 100, 110, and 111 directions along the build orientation z.

 −0:360:01
∂T
λ1 ¼ 97  5
∂t

are observed in the top-most layer that did not experience any further
thermal cycles preventing further grain boundary movement. Based
on the performed TEM measurements, no differences (neither structural nor chemical) between the cracked and intact grain boundaries
are observed.

ð2Þ

with a measured cell spacing λ1 = 0.65 ± 0.070 μm.
Chemical mapping (Fig. 5 d,e) also reveals enrichment of Ti, from
~1 at.% in the cells, to ~2 at.% in the solidiﬁcation cell boundaries. Enrichment in Cr and Al in the cell boundary areas is also observed, while Ni is
depleted. The measured Ti content is close to the segregation values estimated from DSC and Scheil calculations, however, intrinsic heat treatment during L-PBF likely reduced the maximum amount of segregation
prior to observation. The (Ti,Cr)S particles are predominantly observed
in the solidiﬁcation cell boundaries, highlighted by their higher Ti content (Fig. 5c). (Ti,Cr)S appears as dark spots in the Ti map. The Al2O3 precipitates are found throughout the metal matrix and are visible as dark
spots in the Al map. Detailed tracing of the grain boundaries observed in
Fig. 5a and overlay with the chemical map reveals grain boundary
movement (Fig. 5e). Several solidiﬁcation cells can share a common orientation and later be part of the same grain, but different cell colonies
are expected to have a grain boundary along their common solidiﬁcation cell boundary. However, the resulting grain boundary location
does not coincide with the original solidiﬁcation cell boundaries, with
an estimated movement 0–0.5 μm. This indicates a slight grain growth
during the complex thermal history during L-PBF including several
rapid heating and cooling cycles. This is occurring most likely after the
cracking occurred along those Ti-enriched grain boundaries, as cracks

3.4. Local chemical structure
Atom probe measurements were conducted to study the local chemical structure, and are shown in Fig. 6. Tip compositions are indicated in
Table 3, and the mass-to-charge spectrum of the largest tip (No. 2) is
shown in Supplementary Fig. 7. In agreement with TEM, no second
phases or γ’ are observed within the tip (Fig. 6a). Ti enrichment is observed within a ~ 110 nm wide zone across the APT tip (Fig. 6b).
Based on TEM observations (Fig. 5), this region is identiﬁed as a solidiﬁcation cell boundary. Zone lines dominate the observed compositional
ﬂuctuations for Ni, Cr and Al (Cr and Al evaporate preferentially from
zone lines increasing the apparent local concentration). A compositional
proﬁle along the tip axis is obtained from a reduced cylinder volume
(20 nm diameter) placed in the tip center, outside of the poles and
zone lines (Fig. 6c). Ti increases from ~1 to ~1.9 at.% (+90%) while Cr increases from ~7.5 to 9 at.% (+20%). Ni compensates for the local enrichment and consequently shows a drop. No enrichment is observed for Al.
The observed decrease in Al concentration is an artefact of the diverging
zone lines, leading to a reduced contribution of the high-evaporation intensity areas to the cylinder volume further down the tip. The
7

A. De Luca, C. Kenel, S. Grifﬁths et al.

Materials and Design 201 (2021) 109531

Fig. 5. STEM HAADF microstructural characterization. a) Low magniﬁcation image of a cracked boundary ahead of the crack tip (central). The build direction is out of plane. b) High
dislocation densities are observed within the grains. Dispersoids embedded in the matrix (arrows) lead to dislocation-dispersoid interaction. c) EDS maps of Al2O3 and (Ti,Cr)S coprecipitates. d) EDS maps for Ti, Cr, Al, Ni, O and S along the cracked grain boundary. e) Overlay of large area EDS Ti map and traced grain boundaries identiﬁed from HAADF
micrographs. Grain boundaries are shifted by ~0–0.5 μm from the original solidiﬁcation cell boundaries. EDS maps are adjusted for visualization, data extends beyond the displayed
range (e.g. in precipitates).

Fig. 6. Local chemical structure measured by atom probe tomography. a) Volumetric reconstruction of a tip showing the distribution of Ni, Cr, Al and Ti atoms. No second phase or small
clusters are observed. b) Concentration contour plots averaged over a slice thickness of 10 nm from the tip center. Ti and Cr are enriched in a solidiﬁcation cell boundary. For Ni, Cr and Al
the presence of zone lines dominates over the compositional change. c) Concentration proﬁle along the tip center indicated in a), spanning a solidiﬁcation cell boundary but outside the
poles and zone lines. Ti and Cr are enriched, Ni is depleted. Al is dominated by the diverging zone lines.
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Table 3
Atom probe tip composition. Concentrations of alloying elements (Ni, Cr, Al, Ti), Co (from Ni metal), impurities (V, Fe, Cu) as well as trace elements (C and Si, the latter measured using
the Si2+ signal). Contributions from Ga, O and H are ignored. B is below the detection limit of 3 ppm. No S peaks were detected in the mass spectra due to overlap with Ni. Tip #3 is shown in
Fig. 6. Tip #2 fractured in the Ti-enriched zone. Mean and standard deviations are weighted using the tip ion count.
Tip No.

Ion count (M)

1
26
2
102
3
50
4
32
Weighted mean Weighted SD

Ni (at.%)

Cr (at.%)

Al (at.%)

Ti (at.%)

Co (at.%)

V + Fe + Cu (at.ppm)

C (at.ppm)

Si2+ (at.ppm)

77.3
78.3
77.6
78.1
78.0
0.4

8.7
8.7
8.7
8.8
8.7
0.1

12.4
11.6
12.3
11.4
11.9
0.4

1.1
1.2
1.3
1.3
1.2
0.1

0.4
0.1
0.1
0.3
0.2
0.2

427
200
192
354
250
100

41
71
50
62
61
13

81
142
145
187
142
32

produced part. Based on the calculated TTT (Time-Temperature-Transformation) diagram for Ni-8Cr-5.5Al-1Ti (wt%) and the absence of γ’
in the center of the produced parts, the alloy experienced less than
3 ms at 970 °C, the temperature of fastest γ’ formation
(Supplementary Fig. 8). This is consistent with the observed high
cooling rate of 1.1 ± 0.4 106 K/s at solidiﬁcation and also shows that
the subsequent thermal history does not exceed this threshold. Residual
heat buildup in the part during the 15 min of processing on top of a center position (total processing time: 30 min) also does not lead to γ’ formation and can thus be estimated to not exceed ~520 °C.

continuation of zone lines and poles throughout the full tip indicates
similar crystal orientations above and below the enrichment zone.
This is in agreement with TEM measurements showing several solidiﬁcation cells belonging to the same grain.
A comparison of compositional proﬁles from APT and TEM EDS
across the solidiﬁcation cell boundary is shown in Fig. 7. Both techniques are subject to different limitations and artefacts, e.g. TEM-EDS
is dependent on the lamella thickness while APT is sensitive to peak
overlap in the mass spectrum. Thus, they can deliver complementary information. Fitting of Gaussian proﬁles allows to estimate the 95% percentile width of the zone as 4σ. Both techniques reveal a Ti enriched
zone with a width of 110–120 nm. The TEM-EDS proﬁles measure a
higher matrix level of Ti (~1.4 at.%), due to the limited integration
width of each proﬁle. Manual integration of each cell improves the
EDX counting statistic, allowing to estimate a cell core composition of
~1 at.% Ti, comparable to APT (~1.1 at.%). Both techniques deliver a similar maximum enrichment of ~1.9 at.% Ti. Chromium is also observed to
segregate to the solidiﬁcation cell boundaries, as revealed by TEM-EDS
and APT. TEM-EDS suggests a similar width of the Cr distribution
(~120 nm) compared to the Ti enrichment, while APT suggests a zone
width of ~300 nm. Cr is heavily affected by the presence of zone lines
and poles in APT, artiﬁcially widening the zone with a low-Cr tail;
thus the TEM measurement is considered more reliable. Although Al is
observed to segregate as well to the cell boundaries, the precise quantiﬁcation of its segregation appears particularly challenging by TEM, as
the thickness of the sample drastically affects the absorption of the Al
K-line (1.5 keV). It should be remembered that any ex-situ measurements underestimate segregation at the ﬁnal stage of solidiﬁcation
due to a certain amount of diffusion of solutes in the solid-state during cooling. Additionally, in beam-based AM processing, the material
is cyclically heated and cooled, and may also experience elevated temperatures for prolonged times due to build-up of residual heat in the

4. Discussion
4.1. Model alloy characteristics
The present model alloy is inspired by CM247LC, a complex industrial Ni-base superalloy with a nominal composition of Ni-9.5 W9.2Co-8.1Cr-5.6Al-3.2Ta-1.4Hf-0.7Ti-0.5Mo-0.075C-0.015Zr-0.015B
(wt%). This alloy, optimized for casting, is highly alloyed with W, Ta and
Hf to promote high-temperature strength and carbide formation, combined with Al and Ti to form a high volume fraction of γ’. IN738LC
(Ni-16Cr-8.5Co-1.75Mo-2.6 W-1.75Ta-0.9Nb-3.4Al-3.4Ti-0.01B-0.05Zr
wt%) is a casting alloy of similar complexity and similar high Al + Ti
content (>6 at.%). Additive manufacturing of CM247LC, IN738LC and
other high γ’-containing Ni base superalloys remains challenging due
to the segregation tendency of alloy constituents, especially Zr, B and
Hf, leading to cracking along grain boundaries with impurity elements
such as Si [4,5,9,24]. Eliminating heavily segregating elements and
studying a simpliﬁed model alloy thus provides insight into the processing characteristics and defect formation with reduced interference from
the complex composition of these established Ni-base superalloys.

Fig. 7. Comparison of Ti enrichment in solidiﬁcation cell boundaries. a) Ti and b) Cr concentration proﬁles derived from APT and TEM EDS. TEM data is averaged over 91 measured
boundaries. The full segregation zone width is estimated as 4σ based on a Gaussian ﬁt of the data. The width from APT data is corrected for the non-orthogonal measurement direction
of the line proﬁle. The large Cr distribution width measured by APT is inﬂuenced by the presence of poles.
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boundaries and liquation cracking. The absence of any strong segregation thus rules out solidiﬁcation and liquation as the cause of cracking
for the model alloy.
The smooth crack surfaces are indicative of cracking in the solid state
during processing by decohesion along grain boundaries. The grain
boundaries are natural weak points in the structure, especially if they
are oriented perpendicular to the predominant tensile stresses [46].
Under AM processing conditions high thermal stresses are induced in
the material, with the highest tensile stresses occurring parallel to the
build plane [47]. This renders the columnar microstructure inherently
susceptible to cracking, as the grain boundaries are subjected to normal
tensile loads. The high internal stresses are consistent with the observed
high-density dislocation networks formed within grains. If the fracture
strength of the grain boundary is lower than the internal stress, a
crack will form and propagate. Due to the simpliﬁed nature of the
model alloy, no grain boundary strengthening phase was created upon
solidiﬁcation. The observed cracking is thus considered to be a type of
ductility-dip cracking.
In the literature, several mechanisms are discussed that can cause
transient low ductility at elevated temperature such as i) embrittlement
by impurities, especially S, ii) formation of precipitates that increase
high-temperature strength but reduce ductility and iii) grain boundary
sliding where the grain boundaries do not withstand a persistent high
temperature creep load and fracture [48]. The model alloy studied in
this work contains40 ppm S, which has beenshown to leadtoa signiﬁcant
reduction of hot ductility in pure nickel [40,49]. However, in technical alloys, S is efﬁciently gettered by Ti, Zr and lanthanoids forming stable sulﬁdes [40]. In the studied model alloy, S indeed reacts with Ti, and to a
lesser extent Cr, forming stable (Ti,Cr)S particles. While these particles
act as obstacles for dislocations and thus increase the yield strength (see
4.4), they prevent free S in the matrix and its detrimental effects.
A reduction of ductility by the formation of coherent precipitates
such as γ’ during processing and the following cyclic heating can be
ruled out as no precipitates were detected by TEM or APT, within the solidiﬁcation cells or at their Ti-enriched boundaries. The cell boundaries
would be particularly expected to form γ’ due to a higher γ’ solvus at
higher Al and Ti contents. The atom probe tip was extracted from the
center of a 5x5x5 mm3 SLM L-PBF specimen. As such, the volume observed is buried ~2.5 mm (i.e., ~ 83 layers) within the part. The observed
volume has thus experienced a complex thermal history after initial
melting and solidiﬁcation, including several solid-state heating cycles
with decaying magnitude, as well as a low-intensity heat treatment
through heat accumulation within the part during the L-PBF process.
For the tested specimen size, this cyclical heat treatment is insufﬁcient
to achieve γ’ formation.
The third mechanism, grain boundary sliding leading to
high-temperature fracture, is considered the most likely cause for
crack formation in this model alloy. In the absence of grain boundary
strengthening elements, such as Zr and B, or any grain boundary phases,
such as carbides or borides, the model alloy provides little resistance to
such a cracking mechanism. Additionally, the alloy has an increased
yield strength due to supersaturation of Al and Ti within the γ matrix
during L-PBF and suppression of γ’ formation. The solid solution
strengthening contribution ΔσSS in nickel can be estimated using

The present Ni-Cr-Al-Ti model alloy has a narrow freezing range of
only 13 °C under equilibrium conditions. This is signiﬁcantly smaller
than for commercial Ni-base superalloys (IN738LC: 117 °C, CM247LC:
130 °C, calculated with the TCNI5 database). Additionally, it has a low
content of C (~60 at.ppm by APT) and Si (~140 at.ppm) and no measurable Zr or B. The model alloy thus combines the experimentally observed beneﬁcial characteristics that have been attributed to enhanced
AM processability and reduced cracking while maintaining a high γ’ volume fraction: i) low segregation tendency of major alloying elements
eliminating solidiﬁcation and liquation cracking, ii) low combined (or
even absence) of B and Zr, and iii) minimal Si.
Despite these characteristics, the processing maps (Fig. 2) reveal the
typical behavior of high-γ’ nickel superalloys processed by L-PBF: a
trade-off between densiﬁcation and cracking [22]. As cracks are observed in samples fabricated with volumetric energy densities for
which full densiﬁcation is not yet achieved, such an alloy cannot be successfully processed in a crack-free condition without further measures,
such as hot isostatic pressing to close cracks in post-processing steps.
4.2. Microstructure and crack formation
Typical of nickel alloys produced by additive manufacturing, directional growth is prominent along the build direction, leading to a columnar microstructure with layer-to-layer epitaxy. The BSE and EBSD
micrographs highlight the columnar nature of the grain growth, with
grains that can be longer than 0.5 mm. However, no pronounced ﬁber
texture is clearly identiﬁed for the model alloy. The predominant grain
orientations are 100 and 110, with a tendency to grow into large columns. Published research on IN738LC typically reports 100 textures in
the studied parameter ﬁelds [4,6,7]. In CM247LC, mixed 100/110 textures along the build direction have been observed after L-PBF using a
unidirectional scan strategy; typically, higher energy inputs lead to reduced texture as melt pool sizes increase and thermal gradients are reduced [21]. In our simpliﬁed alloy, cracks appear to propagate only
along high-angle grain boundaries, as it has been observed abundantly
in related literature. Over the complete cross-section, all grains with
cracked boundaries have disorientation angles larger than 30°. Based
on the EBSD data on the x-z plane, the material contains 77 mm/mm2
high angle grain boundaries (>15°) of which 15% have disorientation
angles over 50°, 23% over 40° and 22% over 30°. This provides plenty
of susceptible grain boundaries for crack formation. However, this criterion is not sufﬁcient to predict crack formation, as most high angle grain
boundaries do not crack. The comparison between Fig. 4a, b, and d indicates that cracks are also preferentially formed in areas close to a large
number of small-angle grain boundaries with locally high stored energy
and dislocation densities indicating high stress in the solid state. The
TEM micrographs did not reveal signiﬁcant differences between the
structures of a cracked and nearby non-cracked grain boundaries, both
exhibiting similar Ti segregation in adjacent solidiﬁcation cell boundaries, and Al2O3/(Ti,Cr)S nanoparticle distribution within the grains.
The crack surfaces of the model alloy appear smooth in nature, unlike those observed in CM247LC, from which the current alloy is derived
[18,37]. Due to the heavy segregation of melting point depressant elements such as Hf, CM247LC suffers from solidiﬁcation cracking as well
as from liquation cracking. In this case, the grain boundary is being
pulled apart while a liquid remains, leading to crack surfaces with dendritic features. While Ti appears to segregate to solidiﬁcation cell
boundaries in the model alloy (up to 2 at.%), it does not lead to solidiﬁcation cracking. This local segregation of Ti is expected to reduce the
local melting point only slightly. Using the composition of the solidiﬁcation cell boundaries determined by APT (Ni-8.7Cr-12Al-2Ti, at.%), the
calculated solidus is 1375 °C (TCNI5). This is only 7 °C higher than the
lowest melting detected by DSC (Table 2). However, the calculated
local solidus reduction compared to the bulk value of only −19 °C is
considered unlikely to lead to remelting of the solidiﬁcation cell


n
1
Δσ SS ¼ ∑ki n ∙ci

ð3Þ

with kithe element-speciﬁc strengthening coefﬁcient, ci the solute concentration, and n ¼ 12 [50,51]. The estimated ΔσSS for the model alloy is
148 MPa for the bulk concentration, and 167 MPa in the Ti-rich solidiﬁcation cell boundaries. Additional strengthening of ~150 MPa is provided by natively formed dispersoids through the Orowan mechanism
(see 4.4 and Fig. 5). In combination, these effects increase the yield
strength of the as-processed material by ~300 MPa, at room temperature. With increased yield stress, the material can build up high residual
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available as free solute. The concept of O gettering and native dispersoid formation has been successfully used to create in-situ oxide and
nitride dispersion strengthened steels processed by wire-fed arc
melting [57] and L-PBF [58]. For the present Ni base alloy, however,
a signiﬁcant amount of the formed Al2O3 particles accumulate at the
melt pool surface and form a buoyant, low-density Al2O3 slag. The
bad wettability between Ni and Al2O3 then potentially prevents reintroduction of the oxide into the melt pool, leading to steady slag
agglomeration at the melt pool sides, which then is incorporated
as slag lenses, as shown in Fig. 3.
Slag located on the freshly solidiﬁed melt tracks has is present on the
last layer (top surface) of all printed parts (cf. inset of Fig. 3c), regardless
of the printing parameters. Additionally, as the successive melt tracks
partially overlap, the subsequent laser track remelts the metal alloy as
well as the slag. Depending on processing parameter, the slag remains
in place or ﬂoats again to the fresh surface. If the energy input is high
enough, the higher melt pool temperature, and the associated stronger
melt ﬂow and larger melt pool sizes, potentially partially re-dissolves or
breaks up the slag to create more dispersoids. At low energy input, the
slag is covered by the fresh melt track, forming lenses which are embedded in the matrix after solidiﬁcation. Lack of fusion defects are likely due
to the poor wettability of the metallic melt on the oxide lenses, locally
hindering consolidation. Additionally, a higher fraction of oxide slag
might be ejected from the melt pool, alongside metal spatters, as energy
density increases. This hypothesis is consistent with the estimated slag
area fraction, which reaches values as high as ~0.06% at 55 J/mm3,
close to the estimated total Al2O3 in the alloy, and decreases to under
0.01% above 140 J/mm3. In terms of successful processing strategies,
the need for excessively high energy input to prevent embedded slag
is however not compatible with the need for low energy input to prevent cracking. In a slag-forming alloy, optimal processing conditions
thus become a compromise between cracking and slag/porosity formation (see Fig. 2f).

stresses that may then cause grain boundary cracking along the most
vulnerable direction, i.e., the long columnar high angle grain boundaries
oriented perpendicular to the horizontal tensile stress. This is in agreement with welding literature, where straight, precipitation-free grain
boundaries were observed to lead to cracks, while a small amount of
grain boundary carbides, as well as tortuous grain boundaries, provide
higher resistance [52].

4.3. Slag formation in oxygen-containing nickel alloy
The formation of Al2O3-based slag is observed in all processed specimens (Figs. 2 and 3). The O content of the Ni-Cr-Al-Ti model alloy powder is 180 ppm, comparable to the lower concentration range reported
by Engeli et al. for IN738LC powder batches (160–1000 ppm) [5]. However, oxide slag formation has been reported in IN738LC with only
70 ppm oxygen after L-PBF [13]. Hastelloy X and In718 have been
found to form Cr and Al-rich surface oxides on powders recovered
after EBM [53]. The presence of Al2O3 and TiN in the powder later
leads to defects in EBM-manufactured In718 parts with increased defect
frequency with increasing powder recycling cycles [54].
Considering the O content of the powder, the theoretical matrix density of 8.4 g/cm3, and the density of Al2O3, the as processed material can
contain up to 0.08 vol% of oxide, assuming all measured O in the powder
is scavenged into Al2O3. To rule out oxygen pick up from the process
chamber atmosphere during L-PBF, control experiments were conducted in an atmosphere containing up to 0.1% oxygen. No noticeable
differences were observed in terms of slag formation, as compared to
the normal processing condition with 0.01% oxygen. The oxide exists
in two forms: as separated slag and dispersed as nanoparticles. In casting, any slag formed on the top of the melt is skimmed off before casting,
but this is inherently impossible to do in additive manufacturing. In the
absence of a dedicated in-situ monitoring experiment, the precise
mechanism behind the slag formation remains unclear. However,
based on the current experimental evidence, a possible mechanism is illustrated in Fig. 8.
While molten Ni can dissolve a high concentration of oxygen
(>10 at.% at 1700 °C) [55], the model alloy contains three very potent
oxide-forming elements: Cr, Al and Ti. According to the experimental
evidence, Al appears to have the strongest afﬁnity with O during the
melting of this model alloy. Ti and Cr were found in the slag at ~1 at.%,
and Ni at ~4%. Excess O thus predominantly reacts with Al to form
Al2O3 dispersoids, that separate from the molten alloy. The newly
formed nanoparticles are then dispersed throughout the melt pool,
based on the strong Marangoni convection driven by the surface tension
gradients. Both sulfur and oxygen have been shown to reduce or even
invert the surface tension gradients in liquid Fe and Ni [56], thus possibly affected surface segregation. As demonstrated by TEM, both O and S
are gettered by Al and Ti, respectively, forming dispersoids and are not

4.4. Role and potential of natively formed dispersoids
The presence of oxygen and sulfur in the powder, and their strong
afﬁnity to aluminum and titanium, respectively, leads to the in situ
formation of Al2O3 and (Ti,Cr)S dispersoids within the melt pool upon
L-PBF. Due to the strong Marangoni ﬂow in the melt pool, the nanoparticles appear evenly distributed, as evidenced by TEM (Fig. 5). The presence of a second phase in the melt during solidiﬁcation can induce grain
nucleation, and grain reﬁnement when present in sufﬁciently high
number density, as observed with Al3Zr/Al3Sc in aluminum alloys,
their crystal structure promoting grain inoculation [59,60]. However,
this does not appear to be the case with Al2O3 in nickel nor with in
situ ODS steels [57]. Based on TEM-EDX mapping, the solidiﬁcation
cell boundaries are revealed by their higher Ti content. Comparing the

Fig. 8. Slag formation and particle incorporation. a) Upon laser melting, liquid oxide slag is formed on top of the melt pool due to local heating by the laser. The low-density ionic liquid
separates from the metallic melt and is carried to the melt pool side by the Marangoni convection. b) After solidiﬁcation, oxides are present as trapped nanoparticles (not to scale) within
the metallic matrix and as μm-size slag lenses.
11

A. De Luca, C. Kenel, S. Grifﬁths et al.

Materials and Design 201 (2021) 109531

under service conditions and negative effects on processability needs
to be achieved.
The current GB cracking mechanism highlights the inherent
weakness of high angle grain boundaries subjected to large tensile
residual stresses. One option to mitigate GB cracking would be the
control of the grain microstructure to prevent excessive columnar
growth of grains, and achieve an equiaxed microstructure, which
however decreases creep resistance. This has been achieved in
electron-beam melting controlling the thermal gradients [35]. However, this is challenging for nickel alloys due the high thermal gradient involved in L-PBF manufacturing, and the difﬁculty to induce
grain inoculation by a second phase. Controlled additions of GB
strengthening elements, i.e. to form carbides and borides, is thus
an interesting potential area for alloy modiﬁcation. Considering
that carbide formers are usually heavily segregating elements such
as Hf and Zr, this creates potentially conﬂicting requirements requiring a trade-off and optimized additions. To further improve
the strength of the matrix, solid solution strengthening elements,
such as Co and Fe [2,3], can be added to increase the yield strength
of the alloy above the residual tensile stress in the part, which is
the expected source of cracking in the material.
Lastly, nanometric dispersoids, either formed natively or added deliberately, allow to strengthen the metal matrix independent of the
presence of efﬁcient solid solution strengthening elements. This concept
is classically used in oxide dispersion strengthened alloys but has been
recently revisited in light of the potential to process ODS alloys by AM
[66–72]. If the dispersoids can be distributed homogenously at a small
size, without slag formation, this approach might allow designing alloys
for AM that do not rely on high additions of elements deleterious to the
AM process but rather maintain a simple, low segregation alloy matrix
with a narrow freezing range.

Ti map to the distribution of O and S shows that larger Al2O3 and (Ti,Cr)S
nanoparticles are regularly found at, or close to, grain and cell boundaries. This indicates that the dispersoids formed in the melt are at
least partially rejected by the solidiﬁcation front and pushed into the remaining liquid. The location of dispersoids at the grain boundaries,
which have moved slightly away from the solidiﬁcation cell boundaries
due to the thermal history imposed during L-PBF, indicates that these
particles also can lead to grain boundary pinning. This might improve
high temperature creep properties or impede grain growth during
solutionizing and heat treatment required to obtain the ﬁnal γ/γ’
microstructure.
While the volume fraction of dispersoids remains low in the studied
alloy, it can be expected that they will lead to dispersoid strengthening
of the matrix, as evidenced by the observed dislocation-dispersoid interaction (Fig. 5b). While Al2O3 is a less stable dispersoid in Ni–Cr alloys
compared to other oxides such as Y2O3 [61], its coarsening is still expected to be slow during following heat treatments. The dispersoids
may also have the potential to interact with the high volume fraction
of γ’ precipitates that can form during subsequent heat treatments.
The strengthening contribution of the dispersoids from the Orowan
mechanism ΔσOr can be calculated using
 pﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
Δσ Or

0:4 Gb
pﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
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2

1:5∙〈R〉
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λ

ð4Þ

where M = 3.07 [62], b = 0.249 nm [63], G = 78.9 GPa [63], ν=0.296
[64], 〈R〉 is the mean dispersoid radius and λ is the interparticle distance
[65]. Based on the measured 〈R〉 = 11.6 ± 5.6 nm and λ =
191 ± 114 nm (uncorrected) or λ = 213 ± 116 nm (corrected for
TEM lamella thickness of 100 nm) the estimated ΔσOr is between 133
and 149 MPa. This is similar in magnitude to the effect from solidsolution strengthening of Cr, Al and Ti in the supersaturated γ phase
(see 4.2).

5. Conclusions
To investigate the defect formation in additively-produced highγ’ nickel-base superalloys, the commercial CM247LC alloy composition was simpliﬁed to contain only four of its core components: Ni,
Cr, Al, and Ti. The model alloy successfully prevented the typical solidiﬁcation/liquation cracking which often affect L-PBF processing.
The simpliﬁed composition comes, as expected, at the cost of reduced alloy strength which leads to the cracking of high angle
grain boundaries in the solid state due to the high internal stress
from thermal gradients. A successful high-γ’ superalloy for L-PBF applications can thus safely contain Cr, Al and Ti, but will require a
combination of grain boundary strengthening phases and solid solution strengthening elements to resist cracking under stress. Segregating elements such as Hf and Zr are ideally avoided, or added in
controlled amounts. Additionally, there is a need to identify contamination levels in reported studies on AM more accurately in order to
assess their criticality. Here, the presence of slag is an indication of
excess O, which can lead to lack of fusion defects and potentially
cracking. Interestingly, if the slagging issue can be mitigated, the
trace oxygen in the powder allows for the in-situ formation of
oxide dispersoids, which provide additional strength to the material. Ultimately, alloy modiﬁcations to increase processability and
to mitigate the various defect-forming mechanisms of high-γ’ Nibase superalloys seem required. However, such changes need to
have the ultimate applications and the required mechanical properties of these alloys in mind. If such changes are implemented in
existing, optimized alloys, inferior mechanical properties would be
a likely result, albeit better processability would be achieved.

4.5. Future alloy development and modiﬁcation
The present investigation conducted on a model Ni-Cr-Al-Ti superalloy, as well as the results reported in the literature on more
complex superalloys, highlight some speciﬁc alloy design criteria
that need to be fulﬁlled to achieve defect-free parts of γ/γ’ Ni base
superalloys by L-PBF.
The results reported in this paper indicate that defects like porosity,
slag formation and – as a result – lack-of-fusion defects are related to the
powder quality. The experimental powder batch was not optimized, like
commercial alloy powders, with regard to internal gas porosity. While
its quality is sufﬁcient for the purpose of this study, the detected amount
of internal porosity is assumed to be detrimental to part integrity. More
importantly, the accurate control of trace contaminants in the powder is
required. A tight control on the oxygen and oxide content of the powder
is important to prevent Al2O3 slag formation. In general, slag formation
in high Al/Ti containing Ni alloys during L-PBF needs to be further studied, as it is only scarcely reported in the literature, but some results indicate that it can occur at low oxygen contents (< 100 ppm) [13]. The
presence of trace amounts of S does not appear to be critical in this system, as it is gettered by Ti and Cr forming nanometer-sized (Ti,Cr)S.
Other elements detected in the alloy by atom probe are Co, Fe, V, Cu,
Si, and C but they are deemed innocuous at their low concentrations.
It is however of crucial importance for the developing additive
manufacturing ﬁeld to report on trace contaminants, as they can have
detrimental effects if present in excess.
With regard to the high sensitivity of γ/γ’ Ni superalloys to solidiﬁcation and liquation cracking, elements which tend to heavily segregate
to solidiﬁcation cell boundaries and induce a signiﬁcant decrease of the
melting point, i.e. Hf and Zr, need to be added in optimized, small
amounts. For these elements, a trade-off between positive effects
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