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recrystallization of the initial elongated grain microstructure, characteristic of L-PBF pro-



C induces significant

cessing. Grain-boundary pinning by dispersoids affects the recrystallization efficiency,
Keywords:

leaving behind pockets of fine 1e10 mm grains in-between 200e400 mm large grains with

Additive manufacturing

complex shapes. The Y2O3/Y2O2S dispersoids exhibit excellent coarsening resistance dur-

Laser powder bed fusion

ing solutionizing, and are stable during subsequent aging heat treatments at 850  C. The

Nickel superalloy

slow cooling from solutionizing promotes the formation of secondary and tertiary g0 pre-

Oxide dispersion strengthening

cipitates, with the ODS particles located within the g channels. Within the timescale of the

Precipitation strengthening

isothermal aging, up to ~1000 h, the coarsening rate of the g0 precipitates is slightly faster in
the ODS material. This allows to independently optimize the g0 volume fraction and size for
balanced properties. Additionally, the capability of hot isostatic pressing (HIP) to close and
heal cracks is investigated under various consolidation parameters. This post-process
treatment allows to significantly widen the L-PBF processing window of the alloy.
© 2021 The Author(s). Published by Elsevier B.V. This is an open access article under the CC
BY license (http://creativecommons.org/licenses/by/4.0/).

1.

Introduction

Oxide dispersion strengthened (ODS) alloys have been extensively studied for their superior strength, corrosion- and creep
resistance at temperatures beyond those where precipitation

strengthening is effective [1e3]. The development of mechanical alloying sparked the development of a range of ODS
alloys starting in the 1970s including Ni-, Fe-, Co-, W-, Cu- and
Al-based alloys [1]. Compared to a cast alloy forming precipitates, the matrix composition of the ODS alloy and
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dispersoid size, type and fraction can independently be varied
to tailor the resulting properties [4]. Early generations of ODS
Ni alloys included thoriated Nickel and NieCr-based ODS with
improved oxidation resistance [2,5e7]. While superior at high
homologous temperatures, these alloys suffered from low
strength at intermediate temperatures, being outperformed
by conventionally cast Ni-base superalloys. This was
addressed by the development of ODS Ni-base superalloys
combining matrix solution-strengthening, g0 precipitation,
and dispersoid strengthening, culminating in the development
of
commercial
MA6000
(SpecialMetals,
PM3030
Nie15Cre4.5Ale2.5Tie4We2Tae2.5Fee1.1Y2O3),
(Plansee, Nie17Cre6Ale2Moe3.5We2Tae0.9Y2O3), ODM751
(Dour Metal, Nie16.5Cre4.5Ale0.6Tie1.5Moe0.5Y2O3) and a
few other similar variants [8e13]. In such alloys, the contributions of g0 and dispersoids are additive, leading to a superior
creep resistance of the ODS alloy compared to its matrix and
its g/g0 counterparts [14]. However, if ODS alloys are heated
above the dissolution temperature of g0 , the presence or
absence of a preexisting g0 population at room temperature
does not affect the creep resistance, as only the dispersoids
contribute to it [9]. As such, ODS alloys are considered superior
to an optimized, potentially single-crystalline, g/g0 Ni-base
superalloy counterpart only at medium stresses, when the
temperatures exceed the g0 coarsening or dissolution temperatures and when high microstructural stability is required
[15]. For complex components such as uncooled small turbine
blades (which experience low temperatures at the root but
temperatures at the tip above the capabilities of conventional
Ni-superalloys), g/g0 ODS Ni-base superalloys would offer the
required properties at all temperatures [8]. However, ODS alloys remain a niche solution, due to the need for a costly
powder metallurgy processing route and extensive heat
treatments to adjust the microstructure, the challenges
involved with making near-net shaped parts and with joining
of ODS materials and conventional alloys [4,16].
With the advent of laser-based additive manufacturing
(AM), ODS alloys have attracted renewed interest as early
trials showed promising retention of the dispersoid distribution after rapid melting and solidification [17,18]. The ability to
process these alloys by AM greatly increases the achievable
complexity of parts and eliminates the additional steps
involved in the powder metallurgy processing route. Alloys
containing oxide dispersoids can be generated in AM by
accidental or deliberate addition of oxygen to the processing
atmosphere or as contamination of the powders themselves,
forming typically Fe-, Al-, Cr- or Mn-based oxide dispersoids
[19e27]. Deliberate additions of highly stable oxides, not
naturally formed in the alloy system or the direct use of ODS
powders have been reported in numerous studies in steels, Ni, Cu-, Al-, W-, and TiAl-base alloys [17,18,28e54]. Fe-based
ODS alloys received most attention as they find applications
in nuclear fission and fusion environments [13]. By contrast,
ODS Ni-base alloys have been scarcely studied. For example,
an ODS variant of IN625 (Nie20Cre9Moe3.75Nb) modified
with Y2O3 was additively manufactured by Spierings et al. [40].
The dispersoid particles present after processing were identified as 30e500 nm NbeCreYeAl complex oxides. ODS IN625,
produced by spark plasma sintering (SPS) was also shown to
show superior oxidation resistance compared to IN625 [55].

Recently, Kenel et al. studied the potential of Y2O3 modified Ni
superalloys produced by additive manufacturing of an Y2O3ODS Nie8.5Cre5.5Ale1Tie0.5/1Y2O3 (wt.%) model alloy [56]
whose matrix is derived from the commercial CM247LC [27]. A
wide parameter survey of the ODS-free and ODS-modified
Nie8.5Cre5.5Ale1Ti alloys was conducted to identify the
microstructural changes induced by the addition of dispersoids. One major challenge was the significant slagging of
oxides during PBF consolidation. Trace O in the Y2O3-free
powder leads to the formation of Al2O3 slag [27]; while Y2O3
reacted with Al to form Y4Al2O9 slag in the ODS alloy. While
slagging could be effectively mitigated by consolidating at
higher energy, for this particular model alloy devoid of grainboundary-strengthening phases, it came at the cost of intense
cracking, effectively narrowing the processing window. In the
textured and fine grained (Ni, Cr, Al, Ti) matrix, nano oxide
dispersoids were observed to coexist: native Al2O3 and (Ti,Cr)S
in the base and Y2O3/YeOeS dispersoids in the ODS variant.
Partial dissolution of Y2O3 during PBF was observed in the
form of YeNi-rich compounds and intermixed Y2O3/YeNi
composite particles. Ti and Al remained in solid solution.
In this work, the thermal stability of the dispersoids
incorporated during laser PBF and their effects on the g0 precipitation kinetics of ODS Nie8.5Cre5.5Ale1Tie0.5Y2O3 are
studied, to aid in the development of an additively manufactured g/g0 strengthened ODS Ni-base model alloy. Hightemperature solutionizing and recrystallization is required
to eliminate micro-segregation from rapid solidification and
to coarsen the fine and textured as-processed grain microstructure. The composition and size of the dispersoids are
measured to evaluate their stability during high-temperature
post-processing treatments. Aging heat treatments up to
1000 h at 850  C are conducted to monitor the g0 size and
resulting hardness of the alloy, so as to achieve the maximum
g0 strengthening at low and intermediate temperatures as well
as follow their coarsening rates. Control measurements of the
identically processed, ODS-free base alloy are performed to
assess the influence of dispersoids on the microstructure,
hardness and g0 size evolution. The effectiveness of hot
isostatic pressing to remove existing processing defects is
evaluated in terms of defect density and microstructure.

2.

Experimental procedures

2.1.

Powder modification and powder bed fusion

Cubic 5  5  5 mm specimens for the solutionizing and aging
study were manufactured on a Sisma Mysint 100 (Sisma, Italy)
powder bed fusion (PBF) machine using gas-atomized
Nie8.5Cre5.5Ale1Ti (wt.%, d50 ¼ 25 mm, d10ed90 ¼ 12e48 mm,
Nanoval, Germany) powders. The ODS powder is created by
rotational milling of the as-received Nie8.5Cre5.5Ale1Ti
powder with addition of 0.5 wt.% Y2O3 (99.99%, 10 nm, US
Research Nanomaterials, USA) with ZrO2 media (5:1 ball-topowder ratio) in polypropylene containers. PBF is performed
with a continuous mode operated fiber laser (1064 nm, spot
size: 70 mm) at 150 W power, 1000 mm/s scan speed, 30 mm
layer height and 75 mm hatch spacing, with a meander scan
strategy (90 layer rotation) under Ar shielding gas
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(O2 < 0.01%). These conditions were previously optimized for
this ODS alloy [56]. After PBF processing, the specimens are
removed
from
the
stainless
steel
baseplate
(diameter ¼ 34.5 mm) by electro-discharge machining. Solutionizing and aging are performed for the optimized PBF
parameter in muffle furnaces (±1  C) in static laboratory air,
and terminated by air cooling. Samples produced at various
energy densities (power of 150e175 W, with 500e1000 mm/s
scan speed), for both base- and ODS variants, were HIPed at
Deloro HTM GmbH (Biel, Switzerland) at 1225  C and 1030 bar
for 5 h, followed by a two-step cooling, at 2  C/min and
1.5 bar/min down to 600  C, then a slower 0.33  C/min and
0.25 bar/min. The procedure was conducted under Ar
atmosphere.

2.2.

Microstructure and defect characterization

Specimens for scanning electron microscopy (SEM) were polished to a 20 nm colloidal silica finish and vibropolished. For
subsequent EBSD analysis, Ar ion beam polishing (Leica TIC)
was used to remove remaining surface deformation. General
imaging was done using a backscatter electron (BSE) detector.
EBSD was performed at a step size of 2 mm, with data analysis
performed in AztecCrystal. Crack densities were measured on
polished xez cross sections (where z is the build direction) by
recording 250e300 optical micrographs at 200 magnification
followed by stitching and image analysis based on thresholding. Filtering is applied to remove small particles <20
pixels, cut particles at edges and round ones (circularity > 0.35)
to exclude round pores. Cracks are then fitted with ellipses
yielding the crack length as their long axis. As microcracks are
formed vertically, ellipses that are aligned horizontally (±20 )
are identified as lack-of-fusion defects and slag, and filtered
out.
Hardness was measured on polished cross-sections with a
Fischerscope HM2000 hardness tester and a load of 1.8 N,
applied for 60s.
Transmission electron microscopy (TEM) was performed
on lamellae extracted from polished specimens by focused ion
beam (FIB) using FEI Helios NanoLab 600i. Lamellae were
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always extracted perpendicular to the original build direction.
Scanning transmission electron microscopy (STEM) was performed at 300 kV on a FEI Titan Themis equipped with a
SuperEDX System (ChemiSTEM technology) with four SDD
detectors and a probe spherical aberration corrector. High
angular dark-field imaging was performed with a convergence
semi-angle of 25 mrad and an annular dark field detector with
53 and 200 mrad inner and outer collection angles. Energy
dispersive X-ray spectroscopy analysis was performed in
Velox 2.13.
Non-site-specific atom probe tomography tips were prepared by FIB re-sharpening of electropolished blanks
(0.3  0.3  5 mm). Pulsed-laser atom probe tomography was
performed with a CAMECA LEAP 5000XS Atom-Probe Tomograph (Cameca Instruments, USA) at a specimen temperature
of 40 K, a pulse frequency of 500 kHz, and 25 pJ pulse energy
using an ultraviolet laser (355 nm) focused to the diffraction
limit. Data processing was performed in IVAS 3.8.5.
General data visualization was performed in Python
(Anaconda, Continuum Analytics). Perceptually uniform colormaps were retrieved from the cmocean package [57].

3.

Results

3.1.

Solutionizing post-processing heat treatment

3.1.1.

Recrystallized microstructure

Fig. 1 shows the microstructure of ODSeNieCreAleTie0.5Y2O3 solutionized at 1260  C for 2 h. The post-process heat
treatment, used to remove the initial compositional gradients
within the dendritic structure, leads to recrystallization and
grain growth resulting in a coarsened microstructure (Fig. 1b).
Processing defects such as round gas pores, slag inclusions
and lack of fusion are not affected, while fine cracks present in
the as processed material are partially closed or dulled by
sintering. The remaining cracks show blunted crack tips
reducing their impact on mechanical properties. Recrystallization is only partial with fine-grained regions, reminiscent of
the PBF structure, remaining in the structure (Fig. 1b). The

Fig. 1 e Microstructure ODS NieCreAleTie0.5Y2O3 alloy in the solutionized state. a) Low magnification overview of the
microstructure showing recrystallization, twinning, grain growth and sintering of microcracks. Build direction (z) and laser
scan direction (x) are indicated. b) Columnar fine-grained regions (shaded in blue) retained between large recrystallized
grains. c) Fine g-(Ni,Cr) þ g′-Ni3(Al,Ti) structure formed during air cooling after solutionizing, also showing grain
boundaries.
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fine-grained regions are typically elongated along the build
direction indicating a correlation between build direction and
resulting texture with the recrystallization process. During air
cooling of the sample after solutionizing, g0 -Ni3(Al,Ti) precipitates form throughout the g-(Ni,Cr) matrix (Fig. 1c).
Fig. 2 shows grain orientation maps on as-PBF and solutionized base and ODS alloy obtained by EBSD. After PBF, an
elongated grain structure with grains spanning 100e200 mm
horizontally and up to 1 mm vertically (>33 layers) is observed
on both the base alloy and the ODS variant (Fig. 2a,d). The (100)
grain orientation is preferentially aligned with the scan directions x and y, reflecting the 90 hatch rotation between
each layer (pole figure insets). The ODS variant shows a
stronger 100 texture along the build direction z compared to
the base alloy, reflected in a higher prevalence of red in the
inverse pole figure (IPF) colored EBSD map and clustering of
high intensity in the pole figure around the z direction. The
color shades within larger grains show sub-grains separated
by small-angle grain boundaries. During solutionizing,
recrystallization and grain growth convert the elongated fine
microstructure into a more globular one, reducing the aspect
ratio of grains (Fig. 2b,e). The (100) pole figures show a combination of (i) likely newly formed grains that grow off-axis to
the scan and build directions and (ii) grains oriented along
x,y,z directions, indicating that the initial orientation relationship is partially retained, either by retaining pockets of the
fine PBF structure or by seeding from existing, aligned grains.
The grain boundaries are in general wavy and convoluted,
consistent with roughening by g0 precipitates. By contrast, the
twin
boundaries
remain
straight.
Kernel
average

misorientation mapping better highlights the presence of
pockets of the fine-grained structure between larger, recrystallized grains free of sub-grain boundaries (Fig. 2c,f). The ODS
variant retains a higher fraction of fine-grained areas
compared to the base alloy, indicating effective grain boundary pinning by the dispersoids. In both variants, the finegrained areas show vertical and horizontal alignment, more
noticeable on the base alloy as the regions are better isolated,
indicating that the retention is correlated to the layer-wise
deposition as well as laser hatch spacing and potentially
orientation.

3.1.2.

Dispersoid stability and g0 formation

Fig. 3 shows the local microstructure in the solutionized
NieCreAleTi base alloy obtained by TEM. The region of interest was localized at the boundary between two large
recrystallized grains. HAADF imaging reveals a homogeneous
distribution of fine g0 precipitates and the presence of a low
number density of dispersoids (Fig. 3a). Detailed EDS mapping
reveals the presence of Al2O3 and (Ti,Cr)S dispersoids that
typically are coprecipitating (Fig. 3b). Al2O3 is natively formed
in high-Al Ni-base superalloy powders and is later incorporated into the alloy. The low S concentration of the alloy
(40 ppm) is effectively scavenged by Ti to form TiS [27]. The
NieCreAleTi model alloy contains no further elements and
retains clean grain boundaries, free of topologically close
packed (TCP) phases or elemental segregation (Fig. 3c). A
second FIB lamella was sampled within a fine grain region
(Supplementary Fig. 1). In addition to the g0 precipitates within
the g matrix and a low number density of Al2O3/(Ti,Cr)S

Fig. 2 e Grain orientation evolution upon solutionizing of (aec) base alloy and (def) ODS alloy. Inverse pole figure (IPF)
colored orientation maps of a,d) as-PBF alloys and b,e) solutionized (1260  C/2 h) alloys, showing grain growth and partial
recrystallization. IPF axis is parallel to the build direction (z). Insets: (100) pole figures. c,f) Kernel average misorientation
maps of the same areas as (b,e), highlighting fine-grain regions embedded within the recrystallized matrix. The scale bar in
(f) is valid for all maps.
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Fig. 3 e Secondary phases in base NieCreAleTi alloy in the solutionized state. a) HAADF micrograph of the region sampled
at the boundary between two large, recrystallized grains. White arrows indicate dispersoids. b) HAADF and EDS maps,
highlighting the presence of nanodispersoids as well as g′ precipitates. The (Ti,Cr)S phase is always observed coprecipitated with the Al2O3 phase. c) HAADF and EDS maps of the grain boundary, revealing that no element or dispersoids
are segregated. d) high-resolution EDX maps (Ni, Ti, Al and Cr) highlighting the presence of tertiary g′ precipitates formed
within the g channels. The Al- and Ti-enriched g′ precipitates are darker than the Ni- and Cr-enriched matrix in the HAADF
micrograph.

dispersoids, large blocky Al2O3 particles are found in colonies,
with some of them still pinning grain boundaries. High
magnification EDS mapping reveals the formation of globular
secondary g0 (35.9 ± 6 nm) and nanometric tertiary g0 within
the g channels (Fig. 3d). As expected, Al and Ti are enriched
within g0 , while Ni and Cr are enriched in the g matrix. The
small dimensions of the tertiary g0 precipitates, associated to
the weak contrast with the surrounding matrix render accurate size estimation difficult, only allowing to identify the
largest one at a maximum radius of 5 nm. High-resolution
imaging of the g channel shows signs of short-range
ordering, but does not allow either the clear identification
and size measurement of the tertiary g0 (Supplementary
Fig. 2).
Fig. 4 shows the local microstructure in solutionized ODS
NieCreAleTie0.5Y2O3 alloy. The FIB lamella was extracted at

the boundary between a large recrystallized grain (left) and a
pocket of the fine-grained region (right). HAADF reveals no
difference in g0 precipitation between recrystallized coarseand fine-grained regions (Fig. 4a). Detailed EDS mapping reveals the presence of g0 and YeOeS nano-dispersoids
distributed throughout the microstructure (Fig. 4b). Unlike in
the as-printed state, which contains four types of secondary
phases (YeO, YeOeS, YeNi and complex YeNi/YeO mixed
structure) [56], only YeOeS-rich phases are observed. The
solutionizing thus dissolved the YeNi-rich phase and equalized the YeO and YeOeS dispersoids. The YeOeS dispersoid
radii increased from 8.3 to 10.4 ± 3.8 nm between as-PBF and
solutionized conditions. As for the base alloy, no segregation
to grain boundaries is observed by EDS mapping (Fig. 4c).
Based on our prior results using atom probe tomography on
PBF-processed Y2O3-based ODS Ni superalloy, the grain
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Fig. 4 e Secondary phases in NieCreAleTie0.5Y2O3 alloy in the solutionized state. a) HAADF micrograph of the region
sampled at the boundary between a large, recrystallized grain (left) and a fine-grained region (right). b) HAADF micrograph
and EDS maps, highlighting the presence of nanodispersoids as well as g′ Ni3(Al,Ti) precipitates. YeOeS nanodispersoids
are distributed throughout the grain (white arrows). c) HAADF micrograph and EDS maps of the grain boundary, revealing
that no element or dispersoids are segregated. d) high-resolution EDX maps (Ni, Ti, Al and Cr). The Al- and Ti-enriched g′
precipitates are darker than the Ni- and Cr-enriched matrix in the HAADF micrograph.

boundaries potentially remain enriched with Y below the
resolution limit of EDS [56]. With g0 outnumbering the dispersoids, the local elemental distribution of Ni, Cr, Al and Ti is
not affected by the ODS modification (Fig. 4d). HAADFlocalized contrast fluctuations within the g channel suggest
the presence of tertiary g0 . Given the small dimensions of both
secondary g0 and oxide dispersoids, their potential superposition within the TEM lamellae does not allow to unequivocally identify the position of the dispersoids within the g/g0
structure. Several YeOeS particles were however observed
fully within g channels.
Atom probe tomography was conducted in solutionized
samples of both alloys to investigate if dissolved Y influences
g0 precipitation. Fig. 5 shows the local elemental distribution
in solutionized ODS NieCreAleTi obtained by atom probe
tomography. 3D tip reconstructions confirm the presence of
globular secondary g0 precipitates, rich in Al and Ti, and the
formation of nanometric tertiary g0 precipitates in the g

channels (Fig. 5a). The tertiary g0 precipitates are less than
5 nm in diameter and are more prominent in wider channels,
further away from the secondary g0 precipitates (Fig. 5b,c).
Around the secondary g0 precipitates, a precipitate-free zone
is observed with only g present. Comparing the proxigrams of
the interface of the secondary and tertiary g0 precipitates, they
show similar segregation tendencies for both (Fig. 5d,e). As
secondary and tertiary g0 precipitates form at different temperatures during cooling e the secondary at higher temperature followed by the tertiary at lower temperature e they are
expected to have slightly different compositions. Based on a
higher Al solubility in Ni with temperature, secondary g0 is
expected to be Al-richer than tertiary g0 . Indeed, APT shows a
slightly lower Al concentration in tertiary g0 , but this difference remains within experimental error. Comparing the base
and ODS variants, no difference in Ni, Cr, Al and Ti distributions is observed (Fig. 5e,f). The ODS variant shows partitioning of the impurity elements C, Zr and Si to g0 . Zirconium
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Fig. 5 e Local elemental distribution in ODS (a,b,d,e) and base (c,f) NieCreAleTi(e0.5Y2O3) alloys in the solutionized state. a)
Atom probe tomography reconstructions of Cr, Al, Ti and Al þ Cr. Al concentration map revealing g′ formation and gchannels. b) Al 11 at.% iso-surface showing the presence of nanometric ternary g′ precipitates within the g-channels. c)
Detailed view of the precipitate-free zone between secondary and tertiary g′ precipitates in. d) Proxigram of the g/g′
interface for the nanometric ternary g′ precipitates (shaded red in (b)). e) Proxigram of the g/g′ interface for the secondary g′
precipitates in the ODS alloy. Inset: Distribution of C, Si2þ and Zr. f) Proxigram for secondary g′ precipitates in NieCreAleTi
base alloy. Inset: Distribution of C and Si2þ; Zr is not detected.

and additional C is introduced during milling of the feedstock
powder of the ODS variant and are thus absent or lower,
respectively, in the base alloy. Zirconium has been shown to
increase nucleation of ternary g0 precipitates in Ni-base superalloys thereby refining the g0 structure which increases
hardness [58]. Yttrium is not detected above background noise
levels indicating absence of Y segregation, to either phases or
to the g/g0 interface. However, with an overall low solubility in
Ni and thus a tendency to segregate to grain boundaries, a
limited amount of free Y is available; due to its reactivity with
O and S, and a comparatively very large g/g0 interface area,
segregation at g/g0 interfaces within the bulk might only
become measurable at higher Y levels.

3.2.

Isothermal aging

To investigate potential long-term effects of the dispersoids
on the g/g0 structure, as well as their stabilities, samples of
both NieCreAleTi and NieCreAleTie0.5Y2O3 were further
heat-treated at 850  C, for durations ranging between 1 and
1056 h. Fig. 6 shows the hardness and g0 size evolution of
solutionized base- and ODS NieCreAleTi upon aging at
850  C. After PBF, the base and ODS variants exhibit a
similar hardness of ~3 GPa (Fig. 6a). The ODS variant shows

a higher hardness increase after solutionizing (1260  C/2 h)
compared to the base alloy. Upon subsequent aging at
850  C, the hardness reaches a plateau of ~3.5 GPa within
1 h for both variants, extending up to ~24 h before overaging occurs and the hardness decreases, reaching assolutionized values after ~1000 h. The slow decrease in
hardness is linked to the coarsening of g0 from ~36 to 24 nm
for base and ODS variants, respectively, to ~175 nm after
1000 h in the ODS variant (Fig. 6b). Due to the initially small
dimension of the g0 precipitates, their radii could not be
accurately determined by SEM on etched samples for aging
durations below 48 h. The datapoints after solutionizing and
after 1 h at 850  C were thus estimated by TEM. For both
alloys, aging 1 h at 850  C leads to the increase of the
equivalent g0 radius by ~3.5 nm. The estimated radii beyond
48 h reveals comparable g0 size between the two alloys. The
coarsening in both variants follows established precipitate
coarsening kinetics for the time-dependence of the mean
equivalent radius CR(t)D:
n

n

CRðtÞD  CRðt0 ÞD ¼ kðt  t0 Þ

(1)

where k is the coarsening rate constant, t0 is the time when
stationary coarsening commences and n is the temporal
exponent. The multivariate regression analyses of the
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Fig. 6 e Microhardness and g′ size evolution during aging at 850  C of solutionized base and ODS NieCreAleTi(e0.5Y2O3)
alloys. a) Microhardness evolution for up to 1056 h. b) Evolution of average g′ equivalent radius, r, as determined by TEM of
thin foils (r < 50 nm) and SEM of cross-sections (r > 50 nm). The x-axis scaling is proportional to t1/3. The lines were fitted
according to Eq. (1).

equivalent radius vs time indicate a temporal exponent of
n ¼ 3.2 for both alloys, which is consistent with diffusionlimited coarsening regime (n ¼ 3). Due to the smaller preexisting g0 population, which formed upon cooling from

solutionizing temperature, the g0 precipitates in the ODS
variant remain initially smaller, as compared to the base alloy,
at short aging times. The g0 phase then appears to coarsen
slightly faster in the ODS alloy, which translates into an

Fig. 7 e Local elemental distribution in solutionized and aged ODS NieCreAleTie0.5Y2O3 alloy. a) 3D Al concentration maps
for as-solutionized and aged (for 1 and 24 h) states, showing g′ coarsening and dissolution of tertiary g′. b,c) Proxigrams for
the coarsened g′ after 850  C aging for (b) 1 h and (c) 24 h. Insets: Distribution of C, Si2þ and Zr. Y is not detected for the whole
reconstructed volumes.
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Fig. 8 e Localization of YeOeS dispersoids within the g/g′ structure of ODS NieCreAleTie0.5Y2O3 alloy solutionized and
aged at 850  C for 1 h. a) Atom probe tomography reconstruction (with Al and Y iso-surfaces in blue and red, respectively)
showing a Y2O2S dispersoid in a g-channel between two g′ secondary precipitates. Volume is located at lower end of the tip
in Fig. 6a. b) Proxigram of the dispersoid. O is from the decomposition of YO and OS species. A composition ratio of Y2O2S is
measured.

increase, within error, of the estimated k constant:
4608 ± 640 nm3/h and 5710 ± 280 nm3/h for the base and ODS
alloys, respectively.
Fig. 7 shows the local chemical distribution in aged
NieCreAleTie0.5Y2O3. Upon aging at 850  C, the nanometric
ternary g0 precipitates in the g channels are dissolved and
slight coarsening of the secondary g0 precipitates is observed
(Fig. 7a), confirming the TEM observations. Proxigrams of the
g/g0 interfaces after aging for 1 h and 24 h reveal the redistribution of Ni and Al from the matrix into the precipitates
(Fig. 7b,c). The g0 formed upon cooling just below the g0 solvus
(¼ 1111  C by DSC [27]) is Al-enriched due to a higher Al solubility in g0 at higher temperature. Upon aging at 850  C, where
the phase boundary is shifted towards lower Al content, this
excess Al diffuses out of the precipitates into the g0 matrix
reaching equilibrium values after 24 h. The impurity elements
C, Si and Zr all partition to the g0 phase with Si showing a
tendency for interface enrichment.
While the APT experiments were aimed at measuring the
change in g0 composition, one tip was found to intersect one
oxide particle. Fig. 8 shows a magnified region from the
bottom of the reconstructed atom probe dataset obtained
after aging at 850  C for 1 h (Fig. 7a). Iso-surfaces for Al and Y
reveal the presence of an Y-rich dispersoid located in a g
channel, between two larger secondary g0 precipitates
(Fig. 8a). The precipitate has a Y:O:S ratio of 37:39:20,
consistent with the Y2O2S phase (Fig. 8b). Additionally,
~1.6 at.% Ti is observed in the dispersoid, slightly above the
matrix level of 1.2 at.%, presumably replacing Y in the
structure based on a high affinity to both O and S. In the
remainder of this manuscript, the YeOeS rich particles are
thus considered to be Y2O2S.
In addition to estimating the change in g0 radius due to the
annealing, TEM was used to investigate any further change in
dispersoids size or chemistry. Fig. 9 shows the distribution of

YeO(eS) rich dispersoids through the host matrix. The population of dispersoids remains stable after 1 h at 850  C
(10.2 ± 4.8 nm). Several dual-phased dispersoids are
observed, with lobbed S distribution, Fig. 9a,b. These dispersoids thus are expected to be Y2O3/Y2O2S coprecipitates. The
localization of dispersoids with respect to grain boundaries
was also investigated, Fig. 9c. Several dispersoids were
observed to be intersected by grain- and twin boundaries.
Interestingly, one of the intersection point was marked by
the presence of a TieN rich phase, co-localized with an Y2O3
dispersoid, Fig. 9d. Given the low energy of the Ka emission of
N (392.4 eV), significant absorption of these photons within
the overlapping matrix in the TEM lamella can be expected.
Additionally, the EDS quantification of light elements, such
as N, is typically unreliable. In this regard, it can be considered that the N concentration is significantly underestimated
in the TieN rich phase. We thus label this phase as TiN,
which is routinely found in nickel superalloys [59]. Additionally, one large oxide particle was found within the TEM
lamellae, Supplementary Fig. 3. This particle is composed of
three Y2O3 grains, with one subgrain converting to Y2O2S, as
estimated by STEM-EDS. Additionally, S is observed to
segregate to the Y2O3 grain boundaries. As the Y-rich dispersoids appear to be stable, it is expected that the particular
observations of TiN and large oxide particles are not due to
the heat treatment at 850  C, but arose from the solutionizing
treatment.
Unlike the stable Y2O2S dispersoids observed in the ODS
alloy, Fig. 10 shows the dispersoids observed in the base
NieCreAleTi alloy, after aging for 1 h at 850  C. As was
observed after solutionizing, the Al2O3 phase are large
(50 nm) and typically facetted, as well as coprecipitated with
(Cr,Ti)S, or covering the Al2O3/matrix interface. The localization of these dispersoids within the g/g0 structure could not be
ascertained, but observations suggest that Ti-lean (Cr,Ti)S
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Fig. 9 e Dispersoid phases in ODS NieCreAleTie0.5Y2O3, after solutionizing and aging at 850  C for 1 h. a,b) HAADF
micrographs and associated EDS maps, highlighting the distribution of dispersoids within the g/g′ structure. Arrows
indicate uneven S segregation through the YOS dispersoids, suggesting two-phase YO-YOS dispersoids. c) Y-rich dispersoid
interacting with twin and grain boundaries, indicated by arrows. d) Close-up region in (c) of a dispersoid located at the
intersection of a twin and grain boundaries. The coprecipitated TieN-rich þ YeO rich dispersoids seem to pin the two
boundaries.

phases are located within the g channels (Fig. 10a), as no
overlap with a g0 precipitate within the sample's thickness is
noticed, while overlapping g0 /(Cr,Ti)S particle shows Tienrichment (Fig. 10b). A rare observation also involved the
co-precipitation of a nanosized TieN-rich phase. Furthermore, two large TieN-rich particles were also observed, the
first in a solutionized sample, and the second, shown in
Supplementary Fig. 4, in the aged specimen. Regardless of the
dispersoids localization, due to their size as well as their low
count, they are expected to provide an insignificant
strengthening increment to the alloy, while acting as getter for
dissolved O, S and N.

3.3.

Hot isostatic pressing

As observed during the solutionizing annealing, postprocessing treatment can heal a significant fraction of defects in PBF parts, potentially widening the processing range
of alloys. Fig. 11 shows the microstructure of
NieCreAleTie0.5Y2O3 after hot isostatic pressing at 1225  C
for 5 h at 1030 bar followed by slow cooling. The microstructure consists of a combination of large grains with annealing
twins and fine-grained regions, similar to a solutionizing
treatment. Fine-grained regions appear more numerous after
HIP. However, these remain 2D cross-sections through a
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Fig. 10 e Dispersoid phases in PBF NieCreAleTi, after solutionizing and aging at 850  C for 1 h. HAADF micrograph and
associated EDS maps, highlighting the multi-phase nature of the dispersoids. (Cr,Ti)S segregate to the facetted Al2O3
surface. Nano TieN-rich phases are occasionally observed.

complex 3D microstructure which might bias the observation.
The microstructure after HIP followed by slow cooling consists
of mm-sized secondary and sub-micrometer tertiary g0 ,
significantly coarser than observed after direct solutionizing,
air cooling, and aging.
Fig. 12 shows the effect of post-process heat treatments on
the crack density in NieCreAleTi ODS and base alloy variants
as function of the energy density during PBF. The ODS variant
is prone to higher crack densities after PBF compared to the
base alloy at energy densities above 66 J/mm3, below which
both variants are virtually crack-free (Fig. 12a). The adverse
effect of Y2O3 addition on cracking has been attributed to
partial dissolution of Y2O3 dispersoids during PBF and subsequent segregation of Y to the grain boundaries leading to
embrittlement as well as liquation cracking [56]. After solutionizing heat treatment at 1260  C for 2 h, the crack densities in both variants are reduced from the as processed crack
densities <4 mm/mm2 (Fig. 12b). For the ODS variant, the crack
healing effect is most visible for energy densities below 100 J/
mm3. Based on microstructural observation, the dominant
mechanism for crack healing is diffusional sintering of the
high aspect ratio crack tips, converting the sharp crack into a
dumbbell shape with globular ends, later a pore and ultimately completely eliminating the defect. Larger cracks present in the as-PBF material do not fully heal while smaller
ones are removed by this sintering process, leading to a
reduction in crack density. The application of hot isostatic
pressing, combining temperature and stress, allows to heal
cracks for energy densities up to 78 and 111 J/mm3 for the ODS
and base alloy variants, respectively (Fig. 12c). This effectively
extends the processing window of the ODS alloy allowing for
greater microstructural control, flexibility and process stability during PBF. In particular, higher energy density led to a
reduction in Y4Al2O9 slag fraction c. However, as the resulting
cooling rates are much slower, the final microstructure is
essentially achieved during cooling from the HIP cycle and
thus requires further optimization to achieve balanced
properties.

4.

Discussion

4.1.

Dispersoid stability

The heat treatments studied here demonstrate the stability of
Y-based dispersoids, introduced into the alloy by powder
modification with Y2O3 and incorporated into the bulk material during PBF. Directly after PBF, a range of Y-rich phases is
observed including YeO, YeOeS, intermetallic YeNi and
complex YeO/YeNi composite dispersoids [56]. After solutionizing, only YeOeS dispersoids are observed, with occasional
phase separation into S-rich and S-free zones within single
dispersoids. APT confirms a Y2O2S stoichiometry in the S-rich
zones (Fig. 8). The stable dispersoids after solutionizing at
1260  C for 2 h are thus identified as a dual-phase structure of
Y2O3 þ Y2O2S with a radius of 10.4 ± 3.8 nm, thus only growing
by ~2 nm. These dispersoids then remain stable upon subsequent aging performed to adjust the volume fraction and size
of g0 phase. Despite the complex phase evolution of the Y-rich
dispersoids during PBF (including combination of oxide
dissolution, in-situ reduction and re-precipitation), the heat
treatment restores a rather conventional oxide dispersoid
phase. The tendency to form Y2O2S is caused by the high affinity between Y and S. Sulfur is present in Ni base superalloys
as contamination from the NiS ore and must be removed due
to its adverse effects on performance. Gettering S by adding Y,
and thereby increasing the volume fraction of strengthening
dispersoids, has thus the potential to increase alloy performance at a given S level, as it is effectively removed from the
bulk alloy and permanently locked into the dispersoids; these
dispersoids then remain stable for extended times at elevated
temperature. The combination of dispersion- and precipitation strengthening has the potential to allow: (i) high strength
at intermediate temperatures through a high fraction of
coherent g0 precipitates, and (ii) higher creep resistance at
high temperatures beyond the yield point anomaly of g0 by the
dispersoids, and (iii) strength retention even beyond the
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Fig. 11 e Microstructure of HIPed ODS NieCreAleTie0.5Y2O3. a) Low magnification overview of the microstructure after
HIPing, showing recrystallization, twinning, and grain growth. Retention of columnar fine-grained regions (shaded in blue)
appears more numerous and larger than in the solutionized variant. b) Micron-sized secondary and submicron tertiary
g′-Ni3(Al,Ti) precipitates, within g channels are formed during the slow cooling after HIP.

solvus temperature of g0 by the highly stable dispersoids. At
such high temperatures, Al and Cr are again dissolved into the
matrix and contribute to the oxidation resistance of the alloy
while the dispersoids continue to pin grain boundaries and
impede dislocation movements. Interestingly, no ternary
Y4Al2O9 nanodispersoids were observed by TEM, only large
slag particle which formed during solidification. This is in
direct contrast with the available literature on conventional g/
g0 ODS MA6000, which contains a comparably high Al concentration. While Y2O3 is added for its high-temperature stability, reaction with Al from the surrounding matrix is an
accepted fact in the scientific community [60]. The reaction
between Y2O3 and S is thus suspected to prevent the reaction
with Al.
The ODS-free base alloy, studied as control, contains
nanometric size Al2O3 and (Cr,Ti)S dispersoids that form
during PBF due to trace contamination. Unlike the YeOeS
dispersoids, these two phases undergo coarsening during
solutionizing and aging (Fig. 3). The drastic reduction in
number of Al2O3 dispersoids in the base NieCreAleTi alloy,
concomitant to a significant growth and agglomeration,
highlight the limited stability of this type of dispersoids when
exposed to high temperatures. Based on the localization of

some of the largest oxide particles on, or near, grain boundaries (Supplementary Fig. 1), it is hypothesized that their
growth is due to grain-boundary pipe diffusion of Al and O, as
the grain boundaries migrate through the alloy at high temperature. In this regard, the fine-grained regions may be stabilized due to the pinning of grain boundaries by large oxide
particles. Based on TEM observations, the solutionizing
treatment thus dissolved and rearranged a significant fraction
of pre-existing fine Al2O3 dispersoids with the remaining ones
being noticeably coarsened. While the in-situ formation of
Al2O3 dispersoids, by pickup of existing O contamination of
the powder, has been observed in PBF Nie8.5Ale5.5Ale1Ti, the
observed low stability of Al2O3 render this type of oxide
dispersoid ineffective. Similar natively formed dispersoids
including Fe-, Cr-, Al-, and Mn-based particles have been reported after PBF, but their high-temperature stability has not
been extensively studied [19e27]. Interestingly, despite the
low stability of Al2O3 dispersoids during solutionizing, when
compared to the one of the YeO(eS) dispersoids, no Al2O3
were found to have reacted with S to form a ternary compound, Cr and Ti in this case acting as the S getter. This suggests that the reaction between Al and S is less favorable, and
potentially further emphasizes that the Y2O3 modified alloy

Fig. 12 e Effect of post-PBF solutionizing and HIP on crack healing. Crack density as function of energy density applied
during PBF processing a) as PBF (adapted from Refs. [27,56]), b) after solutionizing at 1260  C for 2 h and c) after HIP.
Overlayed lines serve as guides to the eye. The measurement of crack density was conducted on full cross-section optical
micrograph, with the solutionized and HIP micrograph presented in Supplementary Figs. 5e8.
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does not form Y4Al2O9 compound, as the Y2O2S reaction is
probably more favorable.

4.2.

Interaction of oxide dispersoids and g0 precipitates

The presence of oxide dispersoids prior to the formation of
the g0 precipitate population bears the potential of the
interaction between both phases upon subsequent aging.
Observations show a preferential location of Y2O2S in g
channels and not in g0 precipitates (Fig. 8). This is consistent
with coherent precipitation of g0 in g without heterogeneous
nucleation at the g/Y2O2S interface. The slight refinement of
g0 , formed after cooling from solutionizing temperature,
observed in the ODS variant is attributed to an increased
contamination with Zr, confirmed by APT, which is likely
originating from the ZrO2 milling media used for powder
modification. Zirconium has been shown to increase nucleation and refine the g0 structure [58]. Upon aging, the g0 precipitates grow, confining the dispersoids to the narrowing g
channels. The g0 phase coarsens with a t1/3 dependency,
which confirms a diffusion-limited coarsening rate (Fig. 6b).
Despite the low number density of Y2O2S, when compared to
the g0 number density, the coarsening rate of the latter appears noticeably increased by 24 ± 18% compared to the ODS
free alloy, a value which might be significantly overestimated due to the large spread in the g0 precipitate size
distribution. This behavior has been previously reported in
when
mechanically
alloyed
Nie15at.%Ale0.6%Y2O3
compared to its ODS-free Ni-15at.%Al counterpart [61], albeit
with a more pronounced increase of the coarsening rate by
~80% at 850  C. While the initial g0 population is noticeably
smaller in the ODS variant, the average radii beyond 48 h are
within standard deviations between the two alloys. At long
aging durations, the two alloys thus exhibit near-identical
populations of g0 precipitates, with the initial g0 size difference being overshadowed by the spread in size. Lastly, when
the g0 fraction has reached equilibrium levels (~67%), the g0
phase does not engulf the dispersoid, with a thin g region still
present between g0 and Y2O2S (Fig. 8). As such, the dispersoids are expected to interact predominantly with dislocations moving in the g channels and increase the resistance of
the disordered g matrix to deformation and creep. Future
studies will focus on the creep resistance of such additively
manufactured ODS g/g0 alloys.

4.3.

Potential of hot isostatic pressing

Solutionizing and hot isostatic pressing lead to a healing effect
on microcracks present in as PBF material (Fig. 12), cracking
being a typical problem in Ni-based superalloys that is further
increased by the addition of Y2O3. Solutionizing without
applied stress leads to a reduction in crack densities by sintering and blunting of sharp crack tips into rounded pores,
rendering them less detrimental. The healing of cracks is
hypothesized to be linked to the stress within the part which
results from thermal expansion of the columnar grains during
heating. Some of the cracked grain boundaries may thus be
closed by internal compressive stress. The observed grain
growth then further helps eliminating cracks from susceptible
grain boundaries, resulting in residual cracks being located
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within bulk grains. Simultaneously applying hydrostatic
pressure during HIP improves the sintering effect by pressing
the crack faces together.
Both treatments effectively widen the PBF processing
space by allowing crack-inducing processing parameters,
with cracks healed in a post-processing treatment. For
example, PBF processing at higher energy densities would
also allow a reduction of slag, and thus a more efficient
incorporation of the ODS particles within the matrix, as the
slag fraction is inversely proportional to the energy density
[56]. Technologically, a wider processing window equates to
higher process stability for various geometries, scan strategies, machine-to-machine variability and changes in processing parameters due to contamination of optics and other
wear and tear phenomena occurring during processing.
While HIP treatment is clearly more effective at widening the
processing window than solutionizing alone, it is more
complex and it does not allow to control the g/g0 structure
independently through a secondary heat treatment. The slow
cooling rate imposed by the HIP process leads to a coarse g0
structure, Fig. 11b. However, the additional steps of solutionizing after HIP, followed by quenching and aging to control
microstructure [62], may be acceptable for many high-value
additively manufactured ODS Ni-base superalloy parts,
especially as these treatments can be performed on a large
number of parts simultaneously.

5.

Conclusions

To investigate the high-temperature stability of an additively
manufactured Y2O3-modified nickel-base superalloy, as well
as the microstructural changes induced by the presence of
dispersoids, a high-g0 NieCreAleTi alloy, with and without
0.5% Y2O3 additions, was studied after various postprocessing treatments.
dispersoids
present
in
ODS
The
Y2O3/Y2O2S
NieCreAleTie0.5Y2O3 after solutionizing are highly stable
during solutionizing and aging showing minimal coarsening. Grain boundary pinning leads to the stabilization of
fine-grained regions within an overall recrystallized coarsegrained structure after solutionizing. This effect is present
to a lesser extent in the ODS-free control alloy containing
native Al2O3 and (Cr,Ti)S dispersoids, with these dispersoids displaying a much reduced high-temperature stability. This grain growth is expected to provide increased
high-temperature creep resistance by reducing diffusional
creep.
Oxide dispersoids are predominantly confined in the g
channels by the growing g0 , which forms during postprocessing treatments. The dispersoids are expected to
contribute to the high-temperature creep resistance by
blocking dislocations moving in these channels.
A reduction of crack densities achieved by post-process
treatment widens the processing window for which crackfree parts can be obtained. Solutionizing and hot isostatic
pressing (HIP) both lead to a reduction in crack densities in asPBF material. While achieving lower crack densities, HIP requires subsequent solutionizing heat treatments to refine the
g/g0 structure to their desired sizes.
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