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a b s t r a c t
The processing of conventional alloys by laser-based additive manufacturing can be challenging, particularly for alloys prone to hot cracking. However, additive manufacturing offers the possibility to produce
novel alloys with improved properties, which cannot be achieved by other processing methods.
Although several studies have demonstrated the positive influence of Zr addition on crack prevention of
Al alloys tailored to additive manufacturing, its influence on the formation of strengthening precipitates
in 2xxx alloys, remains largely unexplored. This work investigates the microstructure of a Zr-modified
2xxx AlCuMgZr alloy fabricated by laser powder bed fusion, with a particular emphasis on the precipitation of phases induced by the post-processing heat treatment, and their effects on mechanical properties.
The Zr addition successfully allows the consolidation of crack-free, dense material (>99.5%). The
microstructure is characterized by fine, equiaxed grains (0.5–3 lm) which result from Al3Zr-induced
grain nucleation, with the grain boundary covered in eutectic S-Al2CuMg. After optimized three-step heat
treatment, nm-sized L12-Al3Zr as well as S-Al2CuMg rods strengthen the alloy, and lead to microhardness,
young’s modulus and yield strength of 1410 MPa, 82 GPa and 340 MPa, respectively. The results provide a basis for the understanding and further development of 2xxx alloys tailored to additive
manufacturing.
Ó 2021 The Author(s). Published by Elsevier Ltd. This is an open access article under the CC BY-NC-ND
license (http://creativecommons.org/licenses/by-nc-nd/4.0/).

1. Introduction
Metal additive manufacturing (AM), also known as 3D printing,
is a generative manufacturing process, which allows the rapid
⇑ Corresponding author.

production of near-net-shape metallic components. In the laser
powder bed fusion (LPBF) process, a layer of metal powder is selectively melted using a focused laser beam. After consolidation,
another layer of metal powder is applied and metallurgically
bonded to the previously consolidated layer. The repetition of this
cycle allows the tool-free manufacturing of complex geometries
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other Al alloys as well, the application of nanoparticles to the powder surface is not trivial.
The Sc and Zr-modified 5xxx alloy ScalmalloyÒ (Al-4.5 Mg0.7Sc-0.35Zr plus additions of mainly Mn, Fe and Si), developed
by the Airbus Group, makes use of the same mechanism, but uses
a slightly different approach. Instead of applying Sc- and Zrcontaining powder ex-situ onto the feedstock material, the powder
is pre-alloyed, thus forming L12-Al3M precipitates in-situ during
consolidation. Spierings et al. observed that the addition of Sc
causes the formation of a duplex structure, consisting of fine,
equiaxed, and coarse, columnar grains [9,10]. The mechanical
properties of ScalmalloyÒ are excellent, with yield and tensile
strength of 500 and 520 MPa, respectively, and an elongation to
fracture of 14% [8]. Different variants of the alloy containing varying amounts of Sc have been studied. Despite the high strength and
easy manufacturing of ScalmalloyÒ and other Sc-rich alloys, the
strong disadvantage to its widespread application is the high price
of the alloying element Sc. Therefore, alloys containing less or even
no Sc, while still showing high-strength mechanical performance,
are of pronounced interest.
In an approach to achieve a similar duplex grain structure as in
ScalmalloyÒ, Croteau et al. and Griffiths et al. modified a simple Al4 Mg alloy with 1–2 wt% Zr [11,12]. The alloy is marketed under
the name AddalloyTM. The mechanical properties are below the ones
of ScalmalloyÒ, with yield and tensile strength after peak aging of
350 MPa and 390 MPa, respectively, at an elongation to fracture of
up to 24%. However, since Zr is significantly cheaper than Sc,
AddalloyTM is often a sufficient and inexpensive alternative to
ScalmalloyÒ.
While the 5xxx AlMg alloys are susceptible to hot cracking as a
result of their high solidification interval, it was proven that the
simple addition of Zr to the alloy could resolve the cracking issue
[11,12]. The reduced susceptibility to cracking due to the grain
refinement effect induced by the addition of L12-Al3M
precipitate-forming elements has, however, also been demonstrated for other alloy classes. Worth mentioning here is the
2xxx series, with Cu and Mg as the main alloying elements. In general, alloys from this series are non-weldable and suffer from a
high susceptibility to hot cracking, which makes production by
AM extremely difficult [13,14]. Noteworthy, certain works on
selected alloys (e.g. AA2022, AA2024, AA2219, AA2618) were able
to achieve crack-free specimens without modification of the chemical composition. However, their processing windows appear
extremely small and come at the cost of higher porosity, or the
use of specific geometries (i.e. building of wall structures, keeping
part dimensions small) [15].
Zhang et al. demonstrated the capability to produce parts made
of Al-4.2Cu-2.0 Mg-0.6Mn by using the aforementioned L12 inoculation effect by the addition of Zr [16,17]. By this simple modification, the processing window could be extended. However, no indepth study of the aging sequence and the microstructure stability
during post-process heat treatments was conducted, even though
age hardenability is one of the main arguments for the widespread
use of 2xxx series alloys.
To name a few, AA2618, AA2024, and AA2324, derive their high
strength from the strength-enhancing S-Al2CuMg phase, which
forms after solutionizing and subsequent artificial aging. As of
yet, there is no study examining the reciprocal influence of primary
and secondary Al3M precipitates on the strength-increasing phases
in AlCuMg alloys. No work is known to have investigated the precipitation behavior of Zr-modified AlCu alloys in general [18].
Nonetheless, understanding these effects is essential for the development of tailored AlCuMg alloys for AM.
This work thus investigates the microstructure of an AlCuMgZr
alloy, as well as the effects of a developed heat treatment sequence

produced in a comparatively fast time, with a minimum quantity
of waste [1,2].
Due to their high specific strength and low density, Al alloys are
of high interest to the AM field, as they enable lightweight applications with complex geometries. While many steels, Ni and Ti
alloys, and a few Al alloys (i.e. Al-10Si-Mg) can be reliably manufactured using AM, high-strength Al alloys of the 2xxx, 7xxx (and
some 6xxx) series remain challenging to process. Process- and
material-inherent characteristics impede the widespread use of
commercial Al alloys in AM. Process-inherent characteristics
include not only the high temperatures of the melt, but particularly
the far-from-equilibrium solidification and the formation of metastable phases induced by the extremely high cooling rates (>107 K/
s) [3]. Material-inherent characteristics include, for instance, the
high reflectivity of Al to the laser wavelengths usually employed
in LPBF (typically by Nd:YAG and fiber lasers), the difficulty to
maintain a stable melt pool owing to high thermal conductivity,
as well as the low viscosity of molten Al. Both process- and
material-inherent characteristics thus can lead to the formation
of defects, especially when using alloys not tailored to the special
process-inherent conditions in LPBF. Therefore, pores and hot
cracks are common defects in AM when using alloys originally
developed for casting and forging processes: i) The formation of
pores can be attributed to the high reflectivity as well as the high
thermal conductivity of Al. Both properties pronounce the need for
high energy densities to achieve sufficient energy input to induce
melting [4]. However, employing a too high energy input will lead
to the evaporation of volatile elements, such as Mg, Zn, or Li, which
are used in many hardenable high-strength Al alloys. The formed
gas will agglomerate and form bubbles in the melt pool, which
become entrapped as spherical pores in the bulk material. If the
energy input is too low, lack of fusion defects form due to the
insufficient overlap between neighboring melt tracks. ii) Hot cracks
typically form when pronounced elemental segregation occurs
during the solidification of alloys with large solidification intervals.
It leads to the formation of a low melting point film on the grain
boundaries (GBs) and in the interdendritic region, which undergoes tensile stress/strain due to solidification shrinkage and thermal contraction. The high solidification interval favors this
elemental segregation and, when the fraction of liquid phase is
insufficient to backfill the gaps, solidification cracks form. These
cracks can extend over multiple grains or layers [5]. The hot cracking affinity can be significantly reduced by tailoring the alloy
composition.
To exploit the full potential of AM processes and to increase the
widespread application of Al alloys, not only components’ design
and process parameters need to be optimized, but also novel Al
alloys have to be developed or existing alloys have to be adapted
to these special process- and material-inherent characteristics.
Current efforts by the scientific community focus on replacing
the widely used AlSi10Mg, AlSi12, A356, and A357 with novel
high-strength alloys [6–8]. In recent years, research emphasis
was put particularly on the development of Sc- and/or Zrcontaining alloys. Both elements are known to form primary Al3Sc
(stable) and Al3Zr (metastable) precipitates with L12-Al3M structure. These primary precipitates, widely used in casting technologies, are extremely efficient at inducing a fine, equiaxed grain
structure. This simple modification can significantly reduce the
hot cracking susceptibility, as well as increase both the toughness
and strength of the material.
This mechanism was demonstrated for AM by Martin et al. [5].
By depositing nm-sized, hydrogen-stabilized Zr onto the surface of
feedstock AA7075 and AA6061 powders, the ability to consolidate
parts of a non-weldable alloy, which was previously believed to be
impossible, could be shown. Despite this approach works with
2
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the formation of the stable D023-Al3Zr phase from the liquid
(Fig. 2b). The higher the Zr content, the earlier the formation of
the D023 phase starts upon cooling. The solidification of a-Al from
the melt, which starts at 630 °C, continues until 512 °C and is independent of the Zr content. Literature on AddalloyTM reveals that an
increased concentration of Zr translates into increased strength
[11]. For this reason, a Zr content of 2.0 wt% is selected for our
alloy, which is slightly higher than the Zr concentration in AddalloyTM. For the selected composition of Al-3.5Cu-4.0 Mg-2.0Zr (wt.
%), the melting point of the S-Al2CuMg phase is estimated at
513 °C, which indicates that the solution annealing temperature
must be below this value.
To account for the rapid solidification during LPBF and to predict the phases likely to be present in the as-built state due to elemental segregation, a Scheil-Gulliver calculation of the selected Al3.5Cu-4.0 Mg-2.0Zr (wt.%) alloy was performed (Fig. 3a). The
Scheil-Gulliver model is based on the assumption that neither
alloying elements of the liquid phase diffuse into the solid nor that
diffusion takes place within the solid. Although the D023 structured
phase is predicted to form at 1022 °C in the still liquid melt, it is,
however, well known from literature that the high cooling rates
inherent to LPBF promote the formation of the metastable L12
phase instead of the stable D023 phase [11,19]. As it forms peritectically in the liquid melt, L12-Al3Zr precipitates serve as nucleation
sites for the a-Al grain formation due to its low lattice mismatch.
The resulting grain refinement can lead to an equiaxed, finegrained microstructure. The simulation predicts S-phase to form
at 504 °C and thus be prevalent at the GBs, or as eutectic phases
due to segregation.
The subsequent multi-stage heat treatment is aiming at the formation of two strength-increasing precipitates: i) secondary, nmsized Al3Zr precipitates and ii) nm-sized Al2CuMg precipitates.
Due to the slow diffusion of Zr, the precipitation of Al3Zr typically
involves treatments at 400 °C to achieve peak hardness in a relatively short time (less than 24 h). This high temperature directly
conflicts with the maximum temperature typically allowed for
treatment of the 2xxx series alloys (180–200 °C). The design of
the heat treatment sequence is thus key to take full advantage of
the alloy’s composition. A schematic representation of the planned
heat treatments and the associated microstructural changes is
shown in Fig. 4. In the first heat treatment step, the nm-sized Al3Zr precipitates are to be formed. Croteau et al. determined that
isothermal aging for 8 h at 400 °C forms secondary, nm-sized
L12-Al3Zr precipitates of optimal interspacing, size, and volume
fraction for AddalloyTM. The modification of Al alloys with Zr, therefore, offers the possibility to, apart from the grain-refining effect,
strengthen the alloy due to the precipitation of metastable, coherent Al3Zr precipitates with an L12 crystal structure upon heat treatment. Thermo-CalcÒ calculations confirm that the Al3Zr phase is
stable at 400 °C in our alloy (Fig. 3b). It is known that the formed
coherent, metastable Al3Zr precipitates exhibit very good hightemperature stability due to the low lattice mismatch between Al3Zr and Al (0.52%) as well as the extremely low diffusion rate of Zr in
Al (2.26  10 21 m2s 1) [5,20]. However, in contrast to the experiments carried out by Croteau et al. [11], further heat treatment
steps are required to take advantage of the S-Al2CuMg precipitation, which could lead to an over-aging of the Al3Zr precipitates.
Therefore, in addition to isothermal aging of 8 h, a shorter duration
of 4 h is investigated as well. The possible under-aging could be
compensated by the subsequent heat treatments. Growth of the
GB-phases is expected, but not of critical importance, as they need
to be dissolved in the subsequent solutionizing step.
To take full advantage of the added Cu and Mg, the eutectic CuMg-rich phases need to be dissolved back into a solid solution in
the matrix. Based on the Thermo-CalcÒ simulation, liquefaction
of the a-Al matrix at 512 °C is predicted (Fig. 3b), which is why a

on the phase formation. The investigation of a simple quaternary
alloy allows having a deep insight into the precipitation sequence
and the associated strengthening effects through microstructure
characterization and the measurement of mechanical performance.
2. Alloying and heat treatment concept
In this work, the microstructure of an Al-3.5Cu-4.0 Mg-2.0Zr
(wt%) alloy and its age hardening capabilities are investigated.
In-depth phase identification is conducted at the various steps of
the heat treatment sequence, starting from the as-built condition
to identify inherent process-induced elemental segregations. The
alloy’s composition was selected based on literature and evaluated
using computational thermodynamic modeling utilizing ThermoCalcÒ 2020 with the TCAL6 database. This section thus focuses on
the alloy selection, which goes hand in hand with a carefully
designed heat treatment concept.
Typical alloys of the 2xxx class often contain Mg (0.02–1.9 wt%)
in addition to the main alloying element Cu (1.8–6.8 wt%) (Fig. 1).
This class of alloys experiences a significant increase in strength
after heat treatment due to the formation of nm-sized S-Al2CuMg
precipitates during a final heat treatment step at 180–210 °C.
A vertical section through the quaternary Al-0–4.0Cu-4.0 Mg-2.
0Zr (wt.%) phase diagram shows that at a Cu content below 1.5 wt
%, the equilibrium formation temperature of the S-phase drops,
therefore representing the lowest permissible Cu content of the
alloy (Fig. 2a). At the same time, it can be seen that the Cu content
does not influence the stability of the Al3Zr phase. For this reason, a
Cu content of 3.5 wt% was chosen for the alloy investigated in this
work, which is within the range of Cu contents typically used in
2xxx series Al alloys.
The Mg content of our alloy (4.0 wt%) significantly exceeds the
typically used Mg contents in 2xxx series alloys and is oriented
towards the two commercially available Al alloys ScalmalloyÒ
(Al-4.5 Mg-0.7Sc-0.35Zr, wt.%) and AddalloyTM (Al-4.0 Mg-1.1–1.6
Zr, wt.%) of the 5xxx series (Fig. 1), which are both tailored to
the LPBF process [9,11]. In 2xxx series alloys, Mg contributes to
the strength increase both by inducing solid solution strengthening, and by the formation of finely distributed, nm-sized SAl2CuMg precipitates.
To reduce susceptibility to hot cracking, to increase strength by
grain refinement as well as to precipitate secondary precipitates, a
high fraction of Zr is added. The vertical section through the quaternary Al-3.5Cu-4.0 Mg-0–2.5Zr (wt.%) phase diagram confirms

Fig. 1. Classification of the studied alloy composition. Composition of the investigated alloy in the context of selected 2xxx series alloys as well as the commercial
5xxx high-strength alloys tailored to LPBF, AddalloyTM and ScalmalloyÒ.
3
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Fig. 2. Quasibinary phase diagrams. Computational thermodynamic modeling of different alloy compositions using Thermo-CalcÒ. a) Al-0-4Cu-4.0 Mg-2.0Zr (wt%), b) Al3.5Cu-4.0 Mg-0–2.5Zr (wt.%).

Fig. 3. Phase formation in the Al-3.5Cu-4.0 Mg-2.0Zr (wt%) alloy according to Thermo-CalcÒ. a) Scheil-Gulliver model predicts the formation of D023 (Al3Zr) before the
formation of the matrix (a-Al) and finishes with S (Al2CuMg). b) Phase fraction simulations confirm the stability of the Al2CuMg phase at 200 °C and the Al3Zr phase at 400 °C.
Al2CuMg liquifies at 512 °C, the temperature at which the a-Al matrix also starts to melt.

During isothermal aging in the third and final step of the heat
treatment sequence, homogeneously distributed, nm-sized SAl2CuMg rods are to be formed within the grain, from the precipitation of the dissolved Cu and Mg [14,21]. The phases formed in
this way contribute to precipitation hardening according to the
Orowan mechanism [12,14]. Based on the work of Lu et al. and
Deane et al. with a 2618 alloy [21,22], which also age-hardens by
the formation of nm-sized S-Al2CuMg precipitates, a temperature
of 200 °C is selected for a duration of 20 h. The Thermo-CalcÒ calculations show that S-Al2CuMg is stable at this temperature
(Fig. 3b). While literature report of nucleation of S-Al2CuMg needles on pre-existing L12-Al3(Sc,Zr) precipitates in AA2618, which
leads to a more homogeneous distribution of this phase, it is yet
to be confirmed that such effects occur in LPBF materials with

solution annealing just below this temperature should bring the
largest possible amount of Cu and Mg into solution. However, since
S-Al2CuMg does not completely dissolve until 512 °C, it is not possible to fully dissolve the pre-existing eutectic S-phase on the GBs.
While full dissolution is not possible, recovering a significant fraction of solute is critical for forming S-Al2CuMg within the grains. To
determine the exact temperature at which the first melting event
occurs, DSC measurements on as-built samples were conducted.
Concomitantly, the nano-L12-Al3Zr precipitates will be subject to
coarsening, and potentially to transformation to the stable D023.
The solutionizing duration was thus varied between 1 and 6 h to
monitor the loss of strength associated with Al3Zr coarsening.
The solutionized samples are water quenched to ensure the highest matrix supersaturation.

4
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Fig. 4. Schematic representation of the heat treatment design. a) The three-step heat treatment sequence and the expected changes at each stage. Optimization of each step’s
durations and the solutionizing temperature are the subjects of this work. b) Graphical illustration of the as-built microstructure, which highlights the equiaxed and
elongated grain regions of a melt pool. In addition to the a-Al matrix, primary L12-Al3Zr cubes form during solidification in the bottom part of the melt pools, while S-Al2CuMg
forms eutectic phases on GBs. c) Illustration of the expected microstructural changes induced by the heat treatment sequence. The 400 °C treatment nucleates a high number
density of coherent L12-Al3Zr nanoprecipitates, along with a potential coarsening of GB phases. The 500 °C treatment dissolves the GB-phases, with a concomitant coarsening
of the L12-Al3Zr nanoprecipitates. Lastly, the 200 °C treatment induces the precipitation of rod-shaped, nm-sized S-Al2CuMg.

3.2. Laser powder bed fusion

extremely high Zr (or Sc) content [23,24]; the extremely high number density of precipitates potentially prevents the growth of the
needles.

The LPBF experiments were performed on a Sisma MySint 100
(Sisma S.p.A., Italy), which is equipped with a 1070 nm fiber laser
and has a maximum laser power of 200 W and a spot size of 55 lm.
During processing, argon 4.6 (99.996% Ar) shielding gas at atmospheric pressure was used to keep the oxygen concentration in
the build chamber below 0.01%. Due to the limited quantity of
powder available for this study, no parameter survey was conducted. The optimized parameters for the closely related AddalloyTM were used [11,12]: Laser power of 175 W, scanning speed of
250 mm/s, hatch distance of 0.1 mm, and a layer thickness of
30 mm. The cubic 5x5x5mm3 specimens, as well as cylindrical compression test samples (diameter = 6.4 mm, length = 84 mm) were
fabricated using a bidirectional scanning strategy with 90° rotation
between layers. All parts were built on a 34.5 mm diameter
AlSi10Mg build platform and cut off by electro-discharge machining (EDM). As 2xxx series alloys are prone to natural aging, the
samples were stored at 26 °C between each preparation and characterization step.

3. Materials and methods
3.1. Powder feedstock
The powder was gas-atomized at IMDEA Materials Institute
(Madrid, Spain) from a 650 g ingot with the nominal composition
Al-3.5Cu-4.0 Mg-2.0Zr (wt%). The ingot was prepared by arc melting from high-purity elemental Al, Cu, Mg, and Zr bars. After sieving at 63 mm, 180 g powder with the chemical composition Al3.7Cu-4.2 Mg-1.7Zr (SEM-EDX, wt.%) was obtained for LPBF experiments. The particle size distribution was determined by laser
diffraction (Supplementary Fig. 1), with a d50 of 38.3 lm (d10d90 = 14.9–63.5 mm), and shows a left-skewed normal distribution,
thus a noticeable fraction of fine grains. The powder has a spherical
morphology with few satellite particles (Supplementary Fig. 2).
While no large entrapped porosity is observed in the powder
cross-section, nanopores are occasionally present. Several
unmelted, block-shaped Al3Zr particles can be seen, either
enclosed within the Al grains or more rarely found isolated. These
Al3Zr blocks originate from the ingot casting, which does not allow
to fully disperse Zr. Closer observation reveals the clear Cu/Mg
eutectic segregation as well as L12-Al3Zr primary precipitates. A
small fraction of Zr-rich grains were found in the powder (less than
1 in 100 grains).

3.3. Microstructure characterization
The consolidated parts’ densities were measured using the
Archimedes method in ethanol. The theoretical room temperature
density of the alloy, 2.73 g/cm3, was estimated using ThermoCalcÒ. In this regard, we report here the relative density of consolidated parts. The specimens were then cold mounted in epoxy,
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strain, the strain being recorded by an extensometer. To allow
direct comparison with the Cu-free AddalloyTM (Al-3.66 Mg1.57Zr, wt.%), multiple equally-shaped specimens of this material
were similarly produced. This alloy was peak aged for 8 h at
400 °C according to results from Croteau et al. [1]. Three and six
samples were tested for the AlCuMgZr alloy and Addalloy,
respectively.

before being ground down using #2400 sandpaper and polished
with 3 lm and 1 lm diamond suspension. The final polishing step
was conducted using a 50 nm colloidal silica solution. The samples
were ground parallel to the build direction.
The microstructure was analyzed by scanning electron microscopy (SEM) on an FEI NanoSEM 230, equipped with a backscatter
electron detector (BSD) detector for Z-contrast imaging. The chemical analysis was performed using an energy-dispersive X-ray spectroscopy (EDX) detector from Oxford Instruments. The electron
acceleration voltage for all SEM investigations was 20 kV.
Lamellae for scanning transmission electron microscopy (STEM)
analysis were extracted using an FEI Helios NanoLab 600i focused
ion beam (FIB). The samples’ localization was selected to be in the
cube centers, parallel to the build direction, aiming at the columnar
grain region. Scanning transmission electron microscopy (STEM)
was conducted on an FEI Titan Themis microscope, equipped with
a probe spherical aberration corrector. The microscope was operated at 300 kV acceleration voltage and a 25 mrad probe convergence semiangle was used. STEM imaging was done using a high
angle annular dark-field (HAADF) detector with a 53 mrad
inner/200 mrad outer collection semiangle. Chemical analysis
was performed with the SuperEDX system (ChemiSTEM technology) with four silicon drift detectors for energy-dispersive X-ray
spectroscopy (EDX). The phase analysis used the Al-K, Mg-K, CuL, and Zr-K lines and was conducted using Velox 3.0. To improve
the counting statistic per pixel, a pre-filtering was applied. All
TEM imaging was done with the build direction being out of the
plane.

4. Results and discussion
4.1. As-built microstructure
Based on Archimedes density measurements, the samples show
a mean relative density of 99.5% ± 0.1%, compared to the theoretical density of 2.73 g/cm3. The microhardness of the as-built sample
was estimated on a freshly built sample (less than 2 h after printing) to avoid strengthening from natural aging-induced precipitation. The as-built hardness is measured at 1099 ± 44 MPa.
Investigations of cross-sections parallel to the build direction by
OM and SEM reveal a low area fraction of lm-sized, circularly
shaped pores. Remarkably, no cracks were found in any of the
cross-sections examined within the course of this study. The
microstructure of the as-built samples is complex (Fig. 5a). When
compared to textbook melt pool shapes, the observed melt pools
appear very chaotic with irregular shapes, and with their boundary
sometimes difficult to define. The grain structure is characterized
by two sizes of grains. At the edge of the melt pools, fine, equiaxed
grains with a diameter of 500–600 nm predominate, while coarser
grains with a diameter of 2–3 lm are found in the centers of the
melt pool. These two regions can also be identified based on the
presence of primary Al3Zr precipitates (Fig. 5b,c). Cube-shaped
150–250 nm primary Al3Zr precipitates typically populate the bottom parts of the melt pools and are found as bands of various
thicknesses, ranging from 5 to 30 mm. A Cu-Mg-rich bright phase
covers the GBs, but is also found as eutectic within the coarser
grain regions. This phase effectively helps to break down the
columnar grain regions into finer grains. Occasional 100–500 nm
diameter nanopores are visible on the GBs (Fig. 5c). SEM-EDX
allows estimating a loss of 0.7 wt% of Mg in the as-built part, when
compared to the initial powder composition, leading to a part composition of Al-3.3Cu-3.5 Mg-1.9Zr (wt.%).
Several large bright blocky particles, (Fig. 5a), are distributed
through the part and arise from the presence of these particles
already within the powder (Supplementary Fig. 2). Similarly, the
observed Al3Zr-rich zones are akin to the Zr-rich grains observed
in the raw powder.
To confirm the phase chemistry, as well as to investigate the
chemical distribution, HR-STEM and EDS investigations were conducted in the coarse-grained region (Fig. 6). Despite the sample
localization, a few agglomerated Al3Zr cubes with an L12 crystal
structure were found, the remaining lamellae being Al3Zr free.
Based on the EDS mapping (Fig. 6b), the eutectic phase is rich in
Cu and Mg, with an equiatomic ratio between these two elements.
For the larger film, which does not overlap with the a-Al matrix, a
composition of Al2CuMg is estimated. HR-STEM imaging was
employed to confirm the crystal structure of this phase, with one
example displayed in Fig. 6c. The analysis of the fast Fourier transform (FFT) pattern allows identifying the S-Al2CuMg crystal struc-

3.4. Heat treatment
Differential scanning calorimetry (DSC), using a Netzsch DSC
404C Pegasus thermal analyzer, was conducted on as-built samples. Two samples of 14.3 mg and 16.3 mg mass had their surfaces
ground with SiC grinding paper to P4000, ensuring a better thermal
contact between sample and crucible. The reaction chamber was
inertized using argon 6.0 (99.9999% Ar) with a continuous gas flow
of 40 l/min. The Al2O3 crucibles were heated at a rate of 10 K/min,
from room temperature to 800 °C. The results allow to identify the
melting temperature of intermetallic compounds in the specimen
and allows to select the solutionizing temperature for the heat
treatment.
The heat treatment study was carried out on a Nabertherm LH
15/14 and a Nabertherm LH 30/14, which temperatures were calibrated before the experiment. All heat treatments were conducted
in air and terminated by water quenching. After solutionizing and
quenching, the samples were heat-treated at 200 °C immediately
after to avoid natural aging. Given the small amount of material
that was available for the current research work, complete optimization of the three-step heat treatment sequence was not possible. Only the 400 °C (4 or 8 h) and solutionizing treatment (0–6 h)
had their duration varied, the 200 °C treatment duration being kept
at 20 h.
3.5. Mechanical tests
The microhardness was measured on a Fischerscope HM2000
hardness tester. A load of 2000 mN, for an indentation time of
5 s, was employed. The reported microhardness values correspond
to the average of at least ten measurement points per sample.
Compression tests of the cylindrical samples (diameter = 6.4 m
m, length = 84 mm), which were subjected to the complete heat
treatment sequence, were performed on a servo-hydraulic MTS
Landmark testing machine. The final testing geometry according
to ASTM E9-19 was produced by precision turning. All specimens
are pre-strained to 0.5 kN and subsequently tested until up to 4%

ture, in this case, imaged along the [3 10] zone axis. Additionally,
Fe, Si, and O contamination was observed. Fe is present within
the S-Al2CuMg eutectic phase, most likely as the intermetallic Al3Fe due to the low solubility in Al; Mg can be found not only in Al2CuMg, but also in combination with Si as Mg2Si as well as MgAl2O9
dispersoids, which likely form as a result of locally higher Mg concentrations [25]. Fe and Si precipitates, along with oxidic impuri6
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Fig. 5. As-built microstructure and melt pool analysis by SEM-BSE imaging. a) The consolidated parts are crack-free with little, lm-sized gas pores. Occasional large bright
Al3Zr blocks are present, which remain unmelted from the powder. b,c) The melt pools are bounded by bands of fine grain which contain Al3Zr-primary precipitates. The melt
pool center, with a larger grain size, is characterized by a network of eutectic and GB Cu-Mg-rich bright phases. In this latter region, nanopores are occasionally observed on
GBs.

Fig. 6. Phase identification in as-built condition. a) Low magnification STEM-HAADF image of the grain structure. Bright eutectic and GB phases are imaged, as well as several
nanopores. b) EDS maps revealing the chemical segregation. A ratio of 1:1 between Cu and Mg is observed, with the composition of Al2CuMg measured on the larger films. A
group of primary L12-Al3Zr is found within this region. Si, O and Fe contamination is observed. c) The crystal structure of the eutectic S-Al2CuMg is confirmed by HR-STEMHAADF imaging and comparison to simulation.
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It is hypothesized that the formation of the semi-continuous eutectic S-Al2CuMg phase, in the temperature range of 500–400 °C
(Fig. 3a), hampers the growth of the a-Al grains. This leads to a
refinement of the grain microstructure in both fine and coarse
grain regions, regardless of the Al3Zr inoculation effect. In addition,
as the solubility of Zr in the molten Al is reduced when Cu is added,
it could potentially cause an increase in the precipitation driving
force of the primary L12-phase in the liquid, thus enhancing the
inoculation effect [32,33]. Aside from the change in columnar grain
structure, the experimental alloy consolidated as expected, and is
characterized by the L12-Al3Zr induced equiaxed grain nucleation,
as well as an extensive S-Al2CuMg network covering GBs (Fig. 4b).

ties, are very common in Al alloys and probably originate from the
raw material used for powder production. Given the low concentrations of these elements in the alloy, these impurities are
expected to have a negligible effect on the microstructure formation of this alloy. No other phases were found within the grains
(i.e. nanometric Al3Zr or S-Al2CuMg), which could form during
the cyclic ‘‘heat treatment” inherent to LPBF processing. The grains
thus remain supersaturated in Zr and Mg and, to a lower extent, Cu.
Based on the microstructural investigation performed on the asbuilt part, several critical points concerning alloy design can be discussed. The high reflectivity and thermal conductivity of Al-alloys
require high laser powers to provide enough energy to melt the
material. Due to this, volatile elements, like Mg, are susceptible
to evaporation and can be entrapped in the matrix during solidification, due to the surface tension, as spherical pores [8]. The loss of
0.7 wt% Mg during the production of the part, as compared to the
powder composition, could thus be the reason for the observation
of large, spherical pores. The nanopores within grains are likely
residuals from the powder (Supplementary Fig. 2). The nanopores
that are observed on the GBs are potentially attributed to the incipient melting of eutectic phases in the heat-affected zone of a subsequent melt pool.
It is worth highlighting the absence of solidification cracks,
which are a form of intergranular cracking. Often, Si is added to
2xxx Al alloys to reduce the crack susceptibility. Si lowers the melt
temperature, reduces the solidification range and the thermal
expansion coefficient [26]. Another effect is the formation of a
low-melting, low viscosity eutectic phase at the GBs, which can
backfill formed cracks [27]. As the present alloy shows a solidification range for the a-Al matrix phase of 210 °C according to
Thermo-CalcÒ simulations (Fig. 3a) and does not contain significant amounts of well-known, crack preventing alloying elements
like Si (typically > 0.3–0.5 wt%, [28–30]), the absence of liquation
and solidification cracks is noteworthy [31]. Despite the high solidification interval and the lack of backfilling phases, the present
alloy remains crack-free due to the fine-grained equiaxed
microstructure induced by the Zr modification. During solidification of the melt, 150–250 nm large, primary L12-Al3Zr precipitates
form in the still liquid Al. These provide excellent heterogeneous
nucleation sites for a-Al formation, due to the low lattice mismatch
of 0.52% between the two phases, more than 20 matching interfaces, and a low energy barrier [5]. The resulting fine-grained
microstructure leads to a high mobility of grains when surrounded
by a liquid film. Therefore, stresses on the liquid Cu- and Mg-rich
film on the GBs can be compensated by grain movement.
The bimodal grain size structure of coarser and finer grains,
along with the high population of a band-like distribution of Al3Zr
precipitates, results from the solidification kinetics of the melt
pools. The lower solidification front velocity at the boundaries of
the melt pools allows for facilitated nucleation and growth of
L12-Al3Zr. This leads to the melt pool boundaries being populated
by a higher number density of L12-Al3Zr precipitates as compared
to the melt pool centers. When the cooling rate drastically
increases to up to 107 K/s in the melt pool centers [3], it is assumed
that solute trapping prevents the formation of L12-Al3Zr in this
region. The coarse grain regions are thus supersaturated in Zr, representing a high precipitation strengthening potential upon further
heat treatment.
Interestingly, the evaluated grain size of the present alloy is
smaller when compared to the one observed by Croteau et al. for
the comparable Cu-free Al-Mg-Zr AddalloyTM [11]. The average
grain diameter in AddalloyTM was 770 ± 340 nm in the equiaxed
fine-grained region, while the columnar grains were 5–10 mm long
and 1 mm wide. In contrast, the alloy examined in this work does
not show elongated grains, but an equiaxed microstructure within
both fine (£ 500–600 nm) and coarse-grained (£ 2–3 lm) regions.

4.2. Microstructure after aging heat treatment
This section focuses on the identification of the key microstructural changes which occur at each step of the heat treatment
sequence and is correlated to changes in microhardness. This
allows highlighting the importance of each step to obtain the
desired microstructure and achieve the highest hardness at the
end of the treatment sequence, with dual L12-Al3Zr and SAl2CuMg precipitate populations being present. Fig. 7 displays
low magnification SEM micrographs that highlight the important
microstructural changes, with each subfigure described in their
respective subsections.
4.2.1. Precipitation of L12-Al3Zr at 400 °C
The eutectic cell structure of the as-built state is significantly
transformed by the aging step at 400 °C (Fig. 7a). At this step, some
of the Cu-Mg-rich GB-film agglomerates and spheroidizes, while
the majority of it transforms into micron-sized, blocky phases. As
Cu and Mg become locked and are not available for the nm-sized
S-Al2CuMg formation, no changes in microstructure are observed
for the sample that was additionally aged at 200 °C, pronouncing
the need for solutionizing heat treatment before final aging
(Fig. 7c). The 400 °C heat treatment increases the microhardness
to 1450 ± 90 MPa and 1505 ± 80 MPa after 4 h and 8 h, respectively,
with only a 50 MPa difference within error. Further aging at 200 °C
after 4 h at 400 °C does not provide any further increase in microhardness, as no nm-sized S-Al2CuMg formation is expected to take
place without prior solutionizing.
To confirm simultaneously the precipitation of nm-sized Al3Zr
and the need for solutionizing to produce nm-sized S-Al2CuMg
precipitates, TEM investigations were conducted on a sample aged
at 400 °C for 4 h + 200 °C for 20 h (Fig. 8). As the diffusivity of Zr is
extremely slow at 200 °C, this step does not affect the Al3Zr; the
microstructure is thus expected to be representative for the
400 °C treatment as well.
As observed by SEM, TEM observations confirm the disappearance of the eutectic phase observed within the as-built sample
(Fig. 8a). The a -Al matrix grains do not appear significantly larger.
Signs of GB movements are, however, evident by the concomitant
discontinuous precipitation of nm-thick, fan-shaped L12-Al3Zr
lamellae (Fig. 8b). The discontinuous precipitation mechanism,
previously reported in AddalloyTM, arises from the heterogeneous
formation and subsequent cellular growth of a more stable, secondary phase (L12-Al3Zr) from an unstable, supersaturated solid
solution (a-Al + Zr) at high-angle GBs [34,35]. Heterogeneous
nucleation at the GB results in the formation of nm-sized, secondary L12-Al3Zr nuclei, which subsequently increase in length
by cellular growth. This growth causes a pulling force on the GB
[34]. The resulting movement of the GB through the Zrsupersaturated a-Al region leaves the characteristic lamellae.
Additionally to that, the grains are populated with an extremely
high number density of L12-Al3Zr, 1–2 nm in radius (Fig. 8c). Thin
precipitate-free zones (PFZ) are occasionally observed along GBs
8
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Fig. 7. Microstructural changes induced by heat treatments. BSE-SEM micrograph showing the representative microstructure after various heat treatments. a) 400 °C 8 h, b)
400 °C 8 h + 500 °C 2 h, c) 400 °C 8 h + 200 °C 20 h, and d) 400 °C 8 h + 500 °C 2 h + 200 °C 20 h. Micron-sized, bright blocky phases formed during aging at 400 °C. The
solutionizing treatment reduces their number, with some remaining. Additionally, elongated phases grow from the GBs. The treatment at 200 °C does not induce changes
noticeable by SEM.

Fig. 8. Phase identification after heat treatment at 400 °C 4 h and 200 °C 20 h, observed by STEM-HAADF a) Grain structure. b) Evidence of discontinuous precipitation
mechanism. c) High number density of nm-sized, secondary L12-Al3Zr populating the grains. d) Crystallographic identification of V-Al5Cu6Mg2. No S-Al2CuMg precipitates
were identified.
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over-aging of L12-Al3Zr on the precipitation hardening. Fig. 7b presents the microstructure of a sample solutionized for 2 h. A clear
reduction innumber and size of the bright Cu-Mg-rich particles is
observed, with only the largest particles not changing in size.
As suspected, the solutionizing treatment has a noticeable
impact on the material’s microhardness (Fig. 11a). The microhardness continuously decreases, from 1506 ± 80 MPa before solutionizing, down to 1155 ± 34 MPa after 6 h. A steep decrease in
microhardness is observed in the first 2 h (Fig. 11a). The longer
the heat treatment duration, the higher the risk to transform metastable L12-Al3Zr into stable, rod-shaped D023-Al3Zr. Rod-shaped
precipitates, suspected to be D023-Al3Zr, about 1–5 lm in length
and 150–250 nm in width, are observed for heat treatment durations over 2 h (Fig. 7b). This could be related to reports that Cu
favors the phase transition from the metastable L12 into to the
stable D023 structure [32].
Microstructural investigations and microhardness measurements are, however, not enough to identify the ideal conditions,
which lead to the highest concentration of Mg and Cu in solid solution. The final heat treatment step of 200 °C for 20 h was thus
applied after various solutionizing durations. This allows evaluating the ideal duration for solutionizing, which goes along with a
saturation of the hardness increase. The magnitude of this
strengthening, while null if not solutionized, gradually increases
as the duration of the solutionizing treatment increases, and saturate at + 190 ± 16 MPa after 2 h (Fig. 9). Consequently, this duration
was considered the optimal time which provides the highest
potential S-Al2CuMg strengthening, with the least loss of L12Al3Zr strengthening. By optimizing the 200 °C for 20 h heat treatment step with regard to duration and temperature, a further
increase in mechanical properties is condisered feasible.

and dendrite cells. Importantly, no other nanophases were
observed in the sample. This evidences the need for a solutionizing
treatment in-between the 400 °C and 200 °C treatments to precipitate nanometric S-Al2CuMg. The lack of change in microhardness
after the 200 °C treatment also confirms that no microstructural
changes occurred.
Investigations of the blocky-bright phase lead to the identification of the ternary V-Al5Cu6Mg2 phase (Fig. 8d). The simulated
diffraction pattern of the [3 62] zone axis, as well as the associated
simulated HAADF images, clearly match the observed structure.
STEM-EDX measurements identify a composition of 45.2 at.% Cu,
36.5 at.% Al, and 18.3 at.% Mg, which matches the stoichiometric
composition of the V-Al5Cu6Mg2 phase [36,37]. The observation
of this Cu-rich phase was not predicted by the Thermo-CalcÒ simulations, which only estimated the S-phase to be the equilibrium
phase in the investigated alloy (Fig. 3a).
While the presence of this phase is not of critical importance, as
solutionizing is meant to dissolve it, the following hypotheses on
its formation are formulated: i) the as-printed sample has an
atomic ratio Mg:Cu of 3, with most Cu found in the S-Al2CuMg
eutectic phase. However, a significant fraction of Mg remains in
solid solution within the a-Al grains; ii) the high Mg solute concentration in Al significantly decreases the solubility of Cu [38]; iii) Cu
diffusivity is 15 times faster than Mg at 400 °C [39], and iv) the
fine-grained structure provides easy diffusion pathways, due to a
lowered activation energy when compared to bulk. Under these
conditions, the 400 °C treatments transform the pre-existing Sphase, with the excess Cu atoms diffusing along the extensive GB
network, while Mg can readily dissolve into the grains. Over time,
this leads to the growth of large Cu-rich and Mg-lean phases on
GBs, particularly at triple junctions (Fig. 8a). Interestingly, the
growth of this phase can, in certain cases, englobe the primary Al3Zr, if present (Fig. 8d). Due to their size, V-phase precipitates are
not expected to contribute to precipitation strengthening as
strongly as secondary L12-Al3Zr.
To identify whether or not under-aging of the L12 precipitates
by utilizing a reduced time at 400 °C has a positive impact on
the material’s mechanical properties, samples aged at 400 °C for
4 and 8 h were subsequently solutionized at 500 °C for 2 h. Similarly to the reported hardness value after aging at 400 °C, the 8 h
aged sample displays a hardness 60 MPa higher than the 4 h variant after the 500 °C treatment (1218 ± 39 MPa vs 1161 ± 43 MPa,
respectively). Thus, artificial aging of 8 h at 400 °C was chosen for
the following experiments.

4.2.3. Precipitation of S-Al2CuMg at 200 °C
The last step in the heat treatment sequence, at 200 °C for 20 h,
is needed to form finely distributed, rod-shaped S-Al2CuMg precipitates within the grains.
The microstructure of the fully heat-treated sample is complex,
with various types of precipitates observed. Fig. 10a presents the
TEM analysis of the resulting phases. The micron-size, bright elongated phases that could be observed by SEM, were identified as

4.2.2. Dissolution of Cu-Mg-rich phases at 500 °C
DSC measurements were conducted to determine the appropriate solutionizing heat treatment temperature, which allows dissolving the highest fraction of Cu- and Mg-rich phases possible.
The resulting DSC curve is presented in Supplementary Fig. 3.
The obtained temperature is then compared with the ThermoCalcÒ simulations (Fig. 3b).
The lowest melting point identified at 512 °C is in very good
agreement with the calculated value of 512 °C. It marks not only
the complete dissolution of the eutectic phases, but also the initial
melting of the a-Al matrix. Full melting of the a -Al matrix was
achieved at 639 °C, which differs from the calculated value by only
10 °C (629 °C). Additionally, a small hump on the DSC curve at
545 °C is suspected to mark the transformation of metastable
L12-Al3Zr into stable D023.
To avoid incipient melting and the appearance of other associated defects, as well as to bring as much Cu and Mg as possible into
solid solution, the solutionizing temperature was selected at
500 °C. The solutionizing treatment duration was varied between
1 h and 6 h, which allows evaluating the effect of detrimental

Fig. 9. Microhardness evolution during solutionizing at 500 °C and subsequent
artificial aging at 200 °C. The microhardness decreases progressively with increasing solutionizing duration (grey squares). Subsequent artificial aging (red circles)
increases the hardness through the formation of S-Al2CuMg precipitates. (For
interpretation of the references to colour in this figure legend, the reader is referred
to the web version of this article.)
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Fig. 10. Phase identification in the fully heat-treated sample by STEM-EDX. a) Low magnification STEM-HAADF image of the grain structure. b,c,d) EDS maps revealing the
secondary phases present in the part. Micron-sized, rod-shaped bright phases are D023-Al3Zr, formed after 500 °C. Regions rich in nm-sized, secondary L12-Al3Zr are visible.
Sub-micron-sized S-Al2CuMg is located on GBs, with the grains containing the aimed for, rod-shaped nanometric S-Al2CuMg precipitates. Occasionally, they are forming
‘‘walls” when nucleated on sub-GBs. Several Mg-O and MgSi2 dispersoids are observed. Fe-rich phases were rarely found.

Within the grains, two types of fine precipitates are observed. A
high number density of secondary L12-Al3Zr precipitates is populating the grains, in a distribution akin to dendritic segregation
(Fig. 10b). Their radius, 4 ± 1 nm, is noticeably larger than what
was estimated after annealing at 400 °C. This coarsening is the

D023-Al3Zr. The discontinuous phase on the GBs has a ratio of Mg:
Cu 1:1 and can thus be identified as S-Al2CuMg (Fig. 10b). Interestingly, no V-Al5Cu6Mg2 was observed in this sample. The investigation thus confirms the effective dissolution of the Cu-Mg rich phase
previously estimated by SEM.
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bypassed (Orowan mechanism) and left with a dislocation ring
around them, when the material is deformed.
The progressive dissolution of Cu- and Mg-rich compounds at
500 °C, predominantly eutectic S-Al2CuMg and V-Al5Cu6Mg2, is
accompanied by the coarsening of secondary L12-Al3Zr. While the
grain size increases from 2–3 lm in the as-built state to 3–
5 lm as a result of the solutionizing treatment, the grain structure
remains very fine. The recrystallization and growth of grains,
which are accompanied by GB movement, are hindered by the
presence of coherent and incoherent phases (Zener pinning)
[14,42,43]. In the investigated alloy, the presence of several types
of phases leads to an efficient pinning of GBs: i) coherent primary
and secondary L12-Al3Zr, ii) incoherent, elongated D023-Al3Zr, iii)
Cu-Mg-rich GB phases, and iv) Mg2Si and Mg-O nanodispersoids.
The microstructural transformations of these precipitates lead to
a decrease in hardness by 287 MPa (-19 %), from 1505 ± 81 MPa
after 8 h at 400 °C to 1218 ± 39 MPa after 2 h at 500 °C. The longer
the solution heat treatment duration, the more the hardness
decreases (Fig. 11a). The resulting decreased hardness during solutionizing is due to the concomitant coarsening of nanometric L12Al3Zr, as well as the reduced effect of the Hall-Petch strengthening.
After a subsequent, and final, 20 h aging at 200 °C, the microhardness increases from 1218 ± 39 MPa to 1409 ± 23 MPa
(+14%), a 200 MPa increase (Fig. 11a). This increase can be
directly associated with the formation of rod-shaped nm-sized SAl2CuMg within the grains, which are effective obstacles to the
movement of dislocations [43]. While not investigated in the
course of this study, the S-phase formation follows the following
sequence: Cu-Mg SSS ? GPB zones ? S’’ ?S’ ?S-Al2CuMg [22].
It is thus expected that investigations on shorter durations would
lead to the observation of these transient phases. To note, high
Mg concentrations, as in the studied alloy, are known to slow the
S-Al2CuMg precipitation sequence [44–46]. While this third heat
treatment step at 200 °C for 20 h provides an increase of microhardness due to the precipitation of S-Al2CuMg, the overall microhardness remains lower than what is achieved after a one-step
treatment at 400 °C. However, this specific step was not optimized
in the current study and relied on literature available on the more
complex AA2618 commercial alloy. The typical T6 treatment
employed on AA2618 is typically done at temperatures between
175 and 200 °C, and durations ranging between 1 and 40 h, with
the lower temperatures and/or durations increasing the precipitation strengthening effect, but with an adverse effect on ductility
[46]. Further optimization of the heat treatment sequence, both
in duration and temperature, can thus certainly lead to a further
increase in microhardness. An extensive study of the material’s
mechanical properties after the 400 °C, and the three-step heat
treatment will be conducted, in a future study, to ascertain any
beneficial effects of the complex heat treatment sequence on
mechanical properties (i.e. on yield strength, young modulus or
ductility) and allow their fine-tuning.
Room temperature compression tests were conducted on the
three-step heat-treated AlCuMgZr alloy, as well as a peak-aged
(8 h at 400 °C) AddalloyTM for comparison (Fig. 11b). The AlCuMgZr
alloy is characterized by a higher Young’s modulus (82.1 ± 13.1 GPa
vs. 76.0 ± 9.8 GPa), but a lower Rp0.2 (339 ± 9 MPa vs. 356 ± 7 MPa).
Additionally, the AlCuMgZr alloy exhibits stronger work hardening.
The compression test specimens of the AlCuMgZr alloy show a
slightly serrated, non-monotonic curve (Fig. 11b) with irregular
stress drops in the plastic region of the compression-strain diagram. This effect, known as dynamic strain aging, results from an
interaction between solute atoms and mobile dislocations and is
observed in Al-Mg alloys at room temperature as well [47,48].
Solute atoms preferentially reside in the elastic stress field of lattice defects, such as dislocations, and pin them. Due to the applied
force, the dislocation can detach from the solutes until it is stopped

Fig. 11. Compression tests. The yield strength and Young’s modulus of the
investigated AlCuMgZr alloy is compared with the Zr modified 5xxx alloy
AddalloyTM. The two alloys exhibit similar Rp0.2 values, but the AlCuMgZr alloy has
a higher Young’s modulus, as well as better work hardening capabilities.

result of the solutionizing treatment. At this radius, the strengthening is limited by the Orowan bypassing mechanism. The Al3Zr
PFZ are populated by fine, rod-shaped precipitates, characterized
by a Cu:Mg ratio of 1, suggesting the S-Al2CuMg phase (Fig. 10c).
These rods are between 16 and 200 nm long and 3 nm thick. While
some rods are found in the same region as the Al3Zr nanoprecipitates, it is not possible to identify if they are within them or outside
of these regions, as TEM images are a 2D representation of a 3D
object. Nonetheless, these precipitates increase the microhardness
of the material and most particularly strengthen the Al3Zr PFZ.
Occasionally, a high number density of S-Al2CuMg is found as
wall-shaped precipitation clouds when nucleated on sub-GBs
(Fig. 10d). This localized high precipitation density can be effective
at hindering the dislocation motion.
In addition to that, the previously observed Mg2Si and Mg-Orich compounds are still observed dispersed through the grains
and were thus not dissolved by solutionizing. The observation of
Fe being more occasional, this impurity is suspected to have dissolved into the matrix during the high-temperature treatments.
4.3. Mechanical performance
In the as-built state, the microhardness is 1099 ± 44 MPa. The
fine-grained, equiaxed microstructure induced by the sub-lmsized, primary L12-Al3Zr precipitates is beneficial for both strength
and ductility. This fine-grained structure provides both an increase
in yield strength with decreasing mean grain diameter, according
to the Hall-Petch relationship, while it also increases the ductility
of the material, due to the higher probability of suitable slip planes
in an adjacent grain.
Artificial aging at 400 °C for 4 h leads to an increase to
1452 ± 91 MPa (+32%), aging for 8 h to 1505 ± 81 MPa (+37%) as
compared to the as-built state due to the formation of secondary
L12-Al3Zr precipitates with 1–2 nm radius. As expected, these
nanoprecipitates are under-aged, as the optimal radius for L12Al3Zr to provide the highest precipitation strengthening effect in
an Al matrix is in the range of 2.25–2.50 nm, depending on the volume fraction [40,41]. This tipping point is the intersection between
shearing at smaller radii, and Orowan strengthening at higher
radii. These increase the hardness, since the coherent precipitates
have to be cut by the dislocations (Kelly-Fine mechanism), either
forming an antiphase boundary or, according to their radius,
12
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Table 1
Comparison of the mechanical properties of the AlCuMgZr alloy compared with literature data. The T61 condition consists of solutionizing, followed by artificial aging.

LPBF

Composition

Condition

Microhardness (MPa)

Yield Strength (MPa)

Source

AlCuMgZr

As-built
400 °C 8 h + T61
As-built
400 °C 8 h
As-built
As-built
T61

1099 ± 44
1409 ± 23
961 ± 33
1310 ± 42
1089
1020 ± 10
1302 ± 23

–
339
282
349
276
191

[This work]

As-cast
T6
As-cast
T61

785
1324
735
–

75
393
121
370

Addalloy
AA2024
AA2618
Cast

AA2024
AA2618

±
±
±
±

9
8
15
41

[11]
[49]
[50]
[13]
[49]
[46]
[51]

(1) As-built samples show no cracks and a high relative density
of 99.5% or more. Primary L12-Al3Zr precipitates (150–
250 nm) and eutectic S-Al2CuMg phase on the GBs result
in a duplex grain structure of fine (500–600 nm) and coarser
(2–3 lm) grains, depending on the position in the melt pool.
(2) Artificial aging at 400 °C for 8 h leads to the precipitation of
secondary, nanometric L12-Al3Zr within the grains as well as
the transformation of the eutectic S-Al2CuMg into coarse VAl5Cu6Mg2. Due to its size, the V-phase does not contribute
to the strength increase.
(3) Solutionizing at 500 °C dissolves most of the V-Al5Cu6Mg2
phase, leaving a matrix saturated with Cu and Mg with a
few new, sub-micron-sized S-Al2CuMg GB phases. A concomitant coarsening of the L12-Al3Zr nano precipitates leads
to a reduction in microhardness. This step was optimized at
2 h, the duration which leads to the highest solid solution of
Cu and Mg, and the least coarsening of Al3Zr.
(4) The final artificial aging for 20 h at 200 °C leads to the formation of nm-sized S-Al2CuMg rods within the grains and leads
to a further increase in strength.
(5) Microhardness is increased as compared to the as-built state
(1099 ± 44 MPa) due to the precipitation of secondary L12Al3Zr as well as S-Al2CuMg after a three-step heat treatment
(1409 ± 23 MPa). Additionally to the high hardness of the
material, compression test experiments allowed to measure
Young’s modulus (82.1 ± 13.1 GPa) and Rp0.2 values
(339 ± 9 MPa). The developed alloy is harder than fully
heat-treated cast AA2024 and AA2618, with yield strength
values in par to cast AA2024.

by an obstacle and the solutes pin the dislocation again by diffusion processes.
Table 1 summarizes the microhardness and yield strength, in
as-built or heat-treated condition, for the AlCuMgZr alloy, as
well as literature on AddalloyTM, AA2024, and AA2618 produced
by LPBF, as well as the properties of cast AA2024 and AA2618.
AddalloyTM is strengthened by L12-Al3Zr nanoprecipitates and
Mg in solid solution, while AA2024 and AA2618 are strengthened by S-Al2CuMg.
All three AlCuMgZr, AddalloyTM, and AA2024, produced by LPBF,
exhibit an as-built microhardness in the 1000 MPa range, with the
investigated alloy having the highest hardness at 1100 MPa. In
this regard, as the two AddalloyTM and AA2024 have an as-built
yield strength of 280 MPa, it is expected that the AlCuMgZr alloy
shows comparable strength. In comparison, the as-built AA2618
shows a much lower yield strength with only 191 MPa. Nonetheless, the reported as-built yield strength is significantly higher than
the cast AA2024 and AA2618 counterparts, at 75 and 121 MPa,
respectively.
Unfortunately, no literature exists on heat-treated AA2024 and
AA2618 produced by LPBF, which would allow comparison with
the alloy investigated. The hardness of LPBF AlCuMgZr is higher
than the ones of AA2024 and AA2618, both in as-produced or
heat-treated conditions. After heat treatment, the increased microhardness, compared to AA2024 and AA2618, is also affected by the
additional population of Al3Zr. The yield strength of the heattreated AlCuMgZr is higher than AA2024 after T4 treatment, but
comparable to the one of AddalloyTM. Fully heat-treated AA2618
exhibit the highest yield strength, among the selected material. It
is, however, suspected that a more extensive optimization of the
heat treatment of the current AlCuMgZr alloy can potentially further increase the material’s strength, putting it on par with
AA2618.
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5. Conclusions
This work investigates the precipitation behavior of a novel Al3.5Cu-4.0 Mg-2.0Zr (wt.%) alloy fabricated by LPBF. While the alloy
can be considered part of the non-weldable alloy family, due to its
high Cu and Mg concentration, the Zr addition effectively suppresses its hot cracking susceptibility, whichshould be transferable
to other 2xxx series alloys. More importantly, the heat treatment
investigation highlights the need for tailored heat treatments to
take full advantage of alloys specifically developed for AM processing. A dual population of strengthening nanoprecipitates is formed,
L12-Al3Zr and S-Al2CuMg, during the three-step heat treatment.
The knowledge gained can lay the foundation for the development
of novel, tailored age-hardenable aluminum alloys for AM processes (e.g. AA2618, AA2024). More particularly, the following conclusions were reached:
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