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a b s t r a c t   

Additive manufacturing offers the opportunity to produce complex geometries from novel alloys with 
improved properties. Adapting conventional alloys to the process-specific properties can facilitate rapid 
implementation of these materials in industrial practice. Nevertheless, the processing of conventional alloys 
by laser powder bed fusion is challenging, particularly in cases of pronounced susceptibility to hot cracking. 

Previous studies have demonstrated the positive influence of zirconium on the susceptibility to hot 
cracking of high-strength aluminum alloys, although its influence on precipitation formation, which is 
immensely important for 2xxx alloys, remains largely unexplored. This work investigates the optimum 
process parameters and precipitation formation of 2618 modified by zirconium in laser powder bed fusion. 

The addition of zirconium results in the production of a crack-free, high-density (~99.9%) material. The 
microstructure is characterized by a trimodal grain size distribution. Very fine (~0.5 µm) equiaxed grains, 
nucleated by L12-Al3Zr precipitation at the melt pool boundary, followed by columnar-dendritic grains 
(5–15 µm long, 1–3 µm wide) and coarser equiaxed grains (1–3 µm) form during solidification. The grain 
boundaries are populated predominantly by (Al,Cu)9FeNi, but also by Mg2Si, Al2CuMg, and AlCu, which 
presumably impede grain growth and promote a very fine-grained, low-textured microstructure, even in 
regions where L12-Al3Zr are absent. The as-built microhardness of 1360  ±  74 MPa exceeds that of the 
known high-strength Al alloys tailored to additive manufacturing, Addalloy™ and Scalmalloy®. The results 
provide a better understanding of precipitate formation in Zr-modified 2xxx series alloys and pave the way 
for the commercialization of further 2xxx alloys adapted to additive manufacturing. 

© 2022 The Author(s). Published by Elsevier B.V. 
CC_BY_NC_ND_4.0   

1. Introduction 

Metal additive manufacturing (AM) belongs to the group of 
generative manufacturing processes, which allow the tool-free pro-
duction of complex metal parts. Among the different AM processes, 
the most widely used process is Laser Powder Bed Fusion (LPBF). 
Layer-by-layer, a near-net-shaped component is manufactured from 
metal powder using a focused laser beam. By selectively melting a 
thin layer of metal powder applied by a coater blade or roller onto a 
substrate or a metallurgically fused layer in a prior step, a three- 
dimensional component is formed [1,2]. 

While many alloy classes (steels, Ni, and Ti alloys) can be man-
ufactured relatively reliably using LPBF, additive manufacturing of 

high-strength Al alloys remains challenging. Although they offer low 
density and high specific strength, making them the ideal choice for 
the production of complex lightweight components, the material- 
and process-inherent characteristics coupled with an often in-
sufficient understanding of its reciprocal influence, prevent their 
broader application. The usual problems encountered during AM of 
Al alloys are (i) porosity, (ii) hot cracks, (iii) strong crystallographic 
textures, (iv) and surface quality, the latter not being of interest for 
this work. (i) Possible causes for macropore formation are the se-
lection of a too-large hatch distance between the melt tracks, gas 
inclusions, or moisture in the powder, as well as the balling effect, 
which results from capillary instabilities coupled with the poor 
wettability of solid and liquid Al melt. The main cause of the for-
mation of macropores is the high reflectivity in the wavelength 
range of lasers typically used (Nd:YAG, fiber lasers), which, together 
with the high thermal conductivity, requires the use of high energy 
densities to liquefy Al alloys [3]. The fact that the absorption capacity 
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increases strongly in the liquid state leads to high melt tempera-
tures, which favor the evaporation of volatile alloying constituents, 
which are commonly added as solid solution strengtheners or pre-
cipitate-forming elements (e.g. Zn, Mg, Mn) [4]. The gas agglomer-
ates and forms gas bubbles in the melt in the form of spherical pores 
due to surface tension. Due to the high cooling rate caused by the 
small melt pool volume and the high thermal conductivity, these 
pores become entrapped within the solidified material. The partial 
removal of these elements, coupled with the formation of pores, 
significantly reduces the mechanical performance of high-strength 
Al alloys. (ii) Elemental segregation in alloys with a large solidifi-
cation interval creates a low melting point film on the grain 
boundaries (GB) and in the interdendritic region. Solidification 
shrinkage and thermal contraction cause tensile stress/strain on this 
film. If the viscosity of the melt is insufficient to backfill the resulting 
crevices, solidification cracks form, potentially spanning multiple 
layers [5]. High-strength Al alloys in particular are susceptible to hot 
cracking due to their large solidification interval and their alloying 
elements (especially Mg, Cu, and, in the case of small amounts, Si)  
[6,7]. (iii) A strong crystallographic texture results in an often un-
desirable directional dependence of the mechanical properties. Not 
only by selecting suitable process parameters [8–10] but also by 
using the right alloying elements [11,12], the anisotropy can be 
significantly reduced. 

Despite these difficulties, (near-)eutectic Al-Si alloys (AlSi10Mg, 
AlSi12, etc.) can be produced very successfully by LPBF. Besides Si 
reduces the solidification interval and the melt viscosity, the wett-
ability between molten and solidified alloy is increased, allowing a 
more efficient crack backfilling during solidification [13]. Further-
more, these alloys usually contain very few or no volatile alloying 
elements (like Mg), which could lead to pore formation in the pro-
cess. By choosing an appropriate scan strategy, anisotropy can be 
greatly reduced as well [8]. However, while Al-Si alloys have been 
proven to be compatible with AM, they cannot be used in applica-
tions that require the high-strength aluminum class of alloys such as 
2xxx, 5xxx, and 7xxx, as their mechanical properties are mediocre. 

In recent years, the range of Al alloys has been complemented by 
high-strength alloys adapted to the unique process conditions in AM. 
The development of alloys containing Sc and/or Zr, a strategy that 
has long been used in casting technology is particularly noteworthy. 
Both elements form primary Al3Zr (metastable) and Al3Sc (stable) 
with an L12-Al3M crystal structure. These Al3M precipitates show 
more than 20 matching interfaces with aluminum, less than 0.52% 
lattice mismatch, and only a 1% difference in atomic density [5]. 
Thus, these precipitates can act as inoculation sites for the α-Al 
matrix formation and are extremely effective in inducing a fine, 
equiaxed microstructure. Due to the high mobility of the fine, 
equiaxed grains in the temperature range between liquidus and 
solidus temperature, stresses on the GB film can be relieved by 
translational and rotational motion of the grains. Hence, not only can 
the susceptibility to hot cracking be significantly reduced, but con-
currently the grain refinement effect causes an increase in strength 
due to GB strengthening as well as in ductility due to a higher 
probability of adjacent grains with an orientation favorable for dis-
location movement. 

This mechanism was first demonstrated for AM by Martin et al.  
[5]. The two hot cracking susceptible 6061 and 7075 alloys could be 
manufactured crack-free and with an equiaxed microstructure. This 
was accomplished by ex-situ decoration of the feedstock powder 
with nm-sized hydrogen-stabilized Zr particles, which in-situ form 
Al3Zr inoculation nuclei during melting of the powder. However, the 
process of coating the feedstock powders with nanoparticles is not 
trivial. 

The well-known Sc and Zr modified 5xxx alloy Scalmalloy® (Al- 
4.5Mg-0.7Sc-0.35Zr plus additions of mainly Mn, Fe, and Si) take 
advantage of this mechanism. However, in contrast to the approach 

used by Martin et al., no nm-sized powder is applied ex-situ to the 
powder particles, but instead, pre-alloyed powder is used to form 
L12-Al3M precipitates [12]. This results in a crack-free duplex mi-
crostructure consisting of fine equiaxed grains and coarse columnar 
grains. The mechanical properties of this alloy are excellent, but the 
high price of the rare earth metal Sc prevents its more widespread 
use. A comparable microstructure of a 5xxx series alloy, but without 
the use of Sc, was obtained by Croteau et al. with the alloy marketed 
as Addalloy™ [11]. The base is an Al-4Mg alloy to which 1–2 wt% Zr 
is added. The advantage lies in the significantly lower price of Zr 
compared to Sc, with comparably good mechanical properties, 
making it an inexpensive and often suitable alternative to Scal-
malloy®. 

The positive effect on the reduction of hot cracking susceptibility 
due to grain refinement by the addition of L12-Al3M precipitate 
forming elements has already been shown for other Al alloy classes  
[5,14]. Of particular note is the 2xxx series, with Cu and Mg as the 
main alloying elements. This alloy class is considered to be non- 
weldable due to its susceptibility to hot cracking, which makes its 
fabrication by AM extremely difficult [15,16]. Selected alloys of the 
2xxx series could be fabricated crack-free without a change in che-
mical composition (e.g. 2022, 2024, 2219, 2618), albeit with a re-
duced processing window, cross-sections exhibiting high porosity or 
only specific geometries can be fabricated defect-free (i.e. building of 
wall structures, small part geometries) [17]. In recent studies, the 
positive effect of Zr addition on hot cracking susceptibility was also 
shown for 2xxx series alloys. Zhang et al. combined the feedstock 
powder (Al-4.24Cu-1.97Mg-0.56Mn) with μm-sized Zr powder by 
mechanical alloying and were able to fabricate a fine-grained mi-
crostructure with high density, good mechanical properties, and no 
cracking in a larger process window [18]. A similar approach was 
employed by Nie et al. who mixed Al-4.24Cu-1.97Mg-0.56Mn and 
μm-sized Zr powders and found an enlargement of the process 
window with increasing Zr content. The highest density was found 
for Zr contents of 2 wt% and slow scan velocities. However, such 
blended powders often exhibit inhomogeneity in the microstructure 
due to locally different chemical compositions, which is due to in-
sufficient mixing of both powder grades [19]. Li et al. took this into 
account and investigated the effect of different Zr contents on the 
microstructure of a modified pre-alloyed 2024 (Al-4.40Cu-1.51Mg- 
1.15Mn-XZr, X = 0–3.72 wt%) [20]. A Zr content >  1.98 wt% is ne-
cessary for high density without cracks. All investigations have in 
common that they only focus on the grain size and the grain re-
finement inducing Al3Zr precipitates. Furthermore, they lack a de-
tailed characterization of the microstructure and the nature of the 
secondary phases. It is typically assumed that the phases that 
formed in AM consolidated parts are the same as in conventionally 
produced material, thus not considering the effects of fast cooling 
rates. 

The modification of known alloys allows a smooth transition 
from traditional to generative manufacturing and bridges the gap 
towards the increased use of AM in industry. The 2618 alloy was 
chosen because of its susceptibility to hot cracking in LPBF, which 
has so far prevented its widespread technical application. The in-
fluence of rapid solidification in AM on microstructure and pre-
cipitate formation in 2xxx series alloys, in particular, is largely 
unexplored. The formation of metastable phases, as well as process- 
specific defects, must be understood in depth to optimize the alloy 
composition, the processing parameters, as well as to enhance the 
available alloy spectrum. 

In this work, the consolidation behavior during LPBF as well as 
the microstructure and precipitate formation in a Zr-modified 2618 
alloy in the as-fabricated state was investigated. A special emphasize 
was put on the change in secondary phases chemistry due to the AM 
processing. 
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2. Materials and methods 

2.1. Feedstock Powder 

The Zr-modified 2618 powder was produced by ECKA Granules 
Germany GmbH with the nominal chemical composition given in  
Table 1. To determine the actual composition, the feedstock powder 
was analyzed by inductively coupled optical emission spectroscopy 
(ICP-OES). For that, the powder was dissolved with sodium hydro-
xide solution (40%) and neutralized with hydrochloric acid (37%). 
The sample was completely dissolved using a medium pressure 
microwave oven at 180 °C for 30 min and then analyzed using an 
Agilent 5110. The particle size distribution was determined by laser 
diffraction (Supplementary Figure 1) and has a d50 of 39.1 µm (d10- 
d90 = 29.9–51.4 µm), showing a slightly right-skewed distribution 
with a noteworthy fraction of both fine (< 20 µm) and coarse 
(> 70 µm) particles. The bulk density of the powder according to EN 
ISO 3923/1 and the flow rate at a funnel size of 2.54 mm according to 
EN ISO 4490 is 1.38 g/cm3 and 65.5 s/50 g, respectively. The powder 
shows a predominantly spherical morphology with many satellite 
particles and splatters (Supplementary Figure 2). While no large 
entrapped porosity is observed in the powder cross-section, nano-
pores on GBs are occasionally present. Numerous primary Al3Zr 
precipitates are evident within the predominantly equiaxed grains. A 
eutectic phase on the GBs is also evidenced. 

2.2. Laser powder bed fusion 

The LPBF experiments were performed on a Sisma MySint 100, 
which is equipped with a 1070 nm Yb fiber laser, enabling a max-
imum laser power of 200 W at a spot size of 55 µm. During the build 
jobs, Ar 4.6 shielding gas (99.996%) was used at atmospheric pres-
sure to keep the oxygen concentration in the build chamber below 
100 ppm O2. The components were fabricated on a build platform of 
AlSi10Mg with a diameter of 100 mm and subsequently cut by 
electro-discharge machining (EDM). Since 2xxx series alloys are 
known for their natural aging behavior when exposed to room 
temperature, the samples were stored in the freezer at − 26 °C be-
tween each preparation and characterization step. A design of ex-
periments was developed to determine the influence of the 
manufacturing parameters (laser power, scan speed, and hatch dis-
tance) and to optimize these parameters for the resulting part 
density. The circumscribed central composite design (CCD) allows a 
reduction of the number of specimens without loss of information  
[21]. For this purpose, twenty cubic 10×10×10 mm3 specimens were 
fabricated in the following parameter space: Laser power of 
113–197 W, scan speed of 149–401 mm/s, and hatch distance of 
0.083–1.117 mm. Layer thickness was fixed at 0.03 mm. A bidirec-
tional scanning strategy with 90° rotation between layers was 
chosen. By eliminating non-significant terms based on a significance 
level of α = 15% and then optimizing the response variable density of 
the quadratic model with interactions, the following parameter set 
was obtained and employed for all conducted experiments: Laser 
power 168 W, scan speed 149 mm/s and hatch distance 0.1168 mm. 

2.3. Microstructure characterization 

The densities of the consolidated parts were measured using 
Archimedes' principle in ethanol. The theoretical density of the alloy 
at room temperature was estimated at 2.80 g/cm3 by using Thermo- 
Calc® 2021 with the TCAL6 database. Based on this, we only give the 
relative density of the manufactured samples. Subsequently, the 
specimens were cut up parallel to the build direction using a pre-
cision cutting machine and cold mounted in epoxy resin. This was 
followed by grinding with #2500 grit abrasive paper and polishing 
with 6 µm and 1 µm diamond suspension. The final polishing step 
was performed using a 50 nm colloidal silica solution. 

Microhardness measurements were conducted on a Fischerscope 
HM2000 hardness tester. A load of 2000 mN, for an indentation time 
of 5 s, was employed. The reported microhardness values correspond 
to the average of at least ten measurement points per sample. 

The microstructure was analyzed using scanning electron mi-
croscopy (SEM) on both an FEI NanoSEM 230 and an FEI Quanta 650 
FEG, equipped with a backscatter electron detector (BSD) for Z- 
contrast imaging. The chemical analysis was performed using en-
ergy-dispersive X-ray spectroscopy (EDX) detectors from Oxford 
Instruments and Thermo Fisher. The electron acceleration voltage for 
all SEM investigations was 12 kV. The texture analysis was con-
ducted on a Tescan Mira using electron backscatter diffraction 
(EBSD). The polished sample was tilted at a surface angle of 70° and 
the SEM conditions for EBSD mapping were 20 kV acceleration 
voltage at 10 nA. The step size was 150 nm. The phase analysis was 
performed by X-ray diffraction (XRD) on a Bruker D8 diffractometer 
with Cu Kα radiation, equipped with a 0.012 mm thick Ni filter. 

For scanning transmission electron microscopy (STEM), lamellae 
were extracted perpendicular to the build direction using an FEI 
Helios NanoLab 600i focused ion beam (FIB). STEM was performed 
on an FEI Titan Themis microscope, equipped with a probe spherical 
aberration corrector. The acceleration voltage for the electron beam 
was 300 kV and a 25 mrad probe convergence semiangle was used. 
STEM imaging was done using a high angle annular dark-field 
(HAADF) detector with a 53 mrad inner/200 mrad outer collection 
semiangle. Chemical analysis was performed with the SuperEDX 
system (ChemiSTEM technology) with four silicon drift detectors for 
energy-dispersive X-ray spectroscopy (EDX). The phase analysis used 
the Al-K, Mg-K, Cu-L, Fe-L, Ni-L, Si-K, Sn-L, O-K and Zr-K lines and 
was conducted using Velox 3.0. Due to a high background level in the 
O signal, the reported quantification for all other elements was done 
without considering O. The reported O map was done counting all 
elements. To improve the counting statistic per pixel, a pre-filtering 
was applied. All TEM imaging was done with the build direction 
being out of the plane. 

3. Calphad-assisted specification of alloy composition 

The nominal chemical composition was determined based on 
literature in conjunction with computational thermodynamic mod-
eling by Thermo-Calc® 2021 with the TCAL6 database. This work is 
derived from our previous investigations on a 2xxx series model 
alloy, which examined the influence of Zr addition on the con-
solidation and precipitation behavior of a 2xxx series model Al-Cu- 

Table 1 
Chemical composition. Nominal composition of commercial and Zr-modified 2618 as well as ICP-OES measurement of the chemical composition for the as-received powder and 
after L-PBF consolidation.              

Al Cu Mg Zr Fe Ni Si Ti Zn Sn  

2618, nominal Bal. 1.80–2.70 1.20–1.80 – 0.90–1.40 0.80–1.40 0.15–0.25 0.00–0.20 0.00–0.15 – 
This work, nominal Bal. 1.90–2.70 2.00–2.20 1.80–2.00 0.90–1.30 0.90–1.20 0.10–0.25 0.04–0.10 ≤ 0.10 – 
Powder, ICP-OES Bal. 2.36  ±  0.10 1.95  ±  0.02 1.71  ±  0.05 1.17  ±  0.01 0.97  ±  0.01 0.24  ±  0.01  <  0.01 0.01  ±  0.001 0.05  ±  0.001 
As-built, ICP-OES Bal. 2.40  ±  0.09 1.55  ±  0.03 1.71  ±  0.05 1.18  ±  0.03 0.97  ±  0.02 0.23  ±  0.01  <  0.01  <  0.01  <  0.03 
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Mg-Zr alloy [22]. The processing of the present Zr-modified 2618 is, 
however, characterized by a much more complex precipitation se-
quence, as the different chemical composition and the correlation of 
precipitate formation with segregation effects during rapid solidifi-
cation can often lead to the formation of unexpected phases with 
hitherto not reported chemical compositions. For the subsequent 
elaboration of tailored heat treatments (e.g. for an effective solu-
tionizing of the material), these effects must be comprehensively 
understood. 

When designing an alloy, it is imperative to consider both the 
extreme process conditions of the LPBF process, such as high tem-
peratures of the melt, far-from-equilibrium solidification, the for-
mation of metastable phases induced by rapid cooling rates above 
107 K/s [23], and the material-inherent properties of Al alloys. The 
high reflectivity to the laser wavelengths typically used in LPBF 
(Nd:YAG and fiber lasers) as well as the high thermal conductivity of 
Al alloys requires the use of high energy densities to provide enough 
energy to melt the powder. This can lead to the vaporization of 
volatile alloying elements of the alloy, such as Mg or Zn. The re-
sulting gas can become entrapped in the material during solidifica-
tion and manifest as spherical gas pores due to surface tension [4]. 
Owing to the presence of a significant amount of Mg in 2618, its 
unavoidable vaporization must be taken into account during alloy 
design. To compensate for the evaporation and sublimation of Mg 
during processing, the Mg content of the raw powder alloy under 
investigation is 0.4–0.8 wt% higher than that of conventional 2618, at 
2.0–2.2 wt% compared with 1.2–1.8 wt%. Previous investigations of 
the Mg-rich alloys Addalloy™ (3.7 wt% Mg) and AlCuMgZr (4.0 wt% 
Mg) showed Mg losses of 0.9 wt% and 0.7 wt%, respectively [11,22]. 
The appropriate choice of an Mg content in the feedstock powder 
thus allows the Mg content in the as-built part to conform to the 
nominal content in 2618. 

Thermo-Calc® calculations based on the Scheil-Gulliver model 
and phase fraction simulations are depicted in Fig. 1. The Scheil- 
Gulliver calculations show the formation of the stable D023-Al3Zr 
phase from 975 °C to 635 °C of up to 3.1 wt%, although the me-
tastable L12 phase instead of the stable D023 phase is expected to 
form peritectically in the still-liquid melt due to the high cooling 
rates [11]. While the formation of the Al3Zr phase starts at higher 
temperatures with increasing Zr contents, the consolidation of the 
matrix phase during cooling is independent of the Zr content. It is 
worth mentioning that the solidification interval shows a slight 
linear dependence of the magnesium content; the higher the 

magnesium content, the earlier the solidification of the Al3Zr phase 
starts and the later it ends. Additionally, L12-Al3Zr nanoprecipitates 
can form from the Zr supersaturated matrix, which provide an ad-
ditional source of strength alongside the typical S-Al2CuMg phase 
formed during heat treatment of 2618. This dual precipitation 
strengthening by L12-Al3Zr and S-Al2CuMg was demonstrated on a 
simple quaternary AlCuMgZr base alloy [22]. 

The α-Al matrix phase forms in the range of 635–468 °C. All 
phases forming posterior to the matrix are presumably located on 
GBs due to elemental segregation. The subsequent formation of the 
Al9FeNi phase forming in the range of 630–558 °C of up to 4.5 wt% is 
following literature and leads to a depletion of the Fe in the melt and 
concurrently to a proportional increase with Mg, Si, Ni, and Cu up to 
a solid phase fraction of 85 mol.% [24]. The resulting melt compo-
sition leads to the formation of 3.9 wt% Al7Cu4Ni in the range 
558–474 °C, which was also predicted by Hu et al. for the solidifi-
cation of 2618 according to the Scheil model [24]. Since the Scheil 
model assumes a homogeneous element distribution in front of the 
solidification front, which often does not prevail, and the fraction of 
precipitates forming in the following is small, the prediction of the 
phases forming at this stage is challenging. While the formation of 
Al7Cu2Fe was reported as a eutectic phase in Al-Cu-Fe-Si systems, it 
is not calculated by Thermo-Calc® [24]. In the further course of so-
lidification in the range of 554–468 °C, the formation of Mg-rich 
phases, Mg2Si and Al2CuMg, is identified. This is due to the increase 
of Mg in the liquid until up to 25 wt%. While the formation of Mg2Si 
is predicted first, Al2CuMg joins in at 482 °C, leading to 0.6 wt% and 
0.4 wt%, respectively [101]. While Hu et al. do not predict Al2CuMg, 
its formation is observed by Belov et al. [24,25]. The phase fraction 
simulations show a liquidus temperature of 635 °C and a solidus 
temperature of 556 °C, exhibiting a narrower solidification interval 
than the experimentally determined temperatures of 647 °C and 
541 °C for liquidus and solidus, respectively, Supplementary Figure 3, 
indicating the presence of non-predicted phases and/or the absence 
of certain phases. In general, as Hu et al. point out, the prediction of 
the microstructure via Thermo-Calc® for 2xxx series alloys is sub-
jected to a high degree of uncertainty based on incomplete phase 
equilibrium data and the complex solidification sequence. Thus, the 
Thermo-Calc® results can solely serve as rough guidance and ex-
perimental results must confirm the calculations. 

Fig. 1. Phases according to Thermo-Calc®. The chemical composition applied corresponds to the actual powder composition, Table 1. a) Scheil-Gulliver model predicts the 
formation of D023 (Al3Zr) before the formation of the matrix (α-Al), followed by a high proportion of 67 mol.% Al9FeNi + α-Al. During solidification of the remaining 15 mol.% liquid, 
smaller volume fractions of various precipitates form. b) Phase fraction simulations show the high-temperature stability of the Al3Zr as well as the Al9FeNi phase, exceeding the 
alloy's solidus temperature. 
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4. Results 

4.1. Design of experiments 

The influence of the investigated factors (scan speed, laser power, 
and hatch distance) on the measured relative density is depicted in 
the contour plots in Fig. 2. The dots represented the experimental 
data points, with the remaining field being extrapolated. Three types 
of models were examined for their suitability to explain the mea-
sured density values of the parameter survey: a linear model, a 
linear model with interactions, and a quadratic model with inter-
actions. The quadratic model showed the highest R2

adj of 94.42% and 
R2

pred of 90.00% as well as the lowest lack-of-fit, which is why it was 
chosen for parameter optimization and prediction. R2

adj allows an 
assessment of the explained variance to the total variance of a re-
gression model and are independent of the number of model con-
stants contained, R2

pred gives information about the predictive 
capabilities of the model. By maximizing the regression model 
equation after stepwise elimination of non-significant factors at a 
significance level of α = 15%, the parameter combination of laser 
power, scan speed, and hatch distance to achieve highly-dense 
samples was determined as 168 W, 149 mm/s, and 0.11 mm, re-
spectively. The trend towards higher density at comparatively high 
laser power and hatch distance as well as at low scan speed in the 
area of the investigated parameter space is evident. The highest 
influence on the density is exerted in descending order by laser 
power, followed by scan speed and finally hatch distance. While the 
values for laser power and hatch distance are within the parameter 
space considered, the optimum value of scan speed represents a 
minimum of the parameter space investigated. This indicates that 
with a further reduction of the scan speed, a shift from local to a 
possible global density maximum could be achieved. The density of 
all samples of the parameter study was above 99.5%. The relative 
density measured by Archimedes' principle density measurement 
for the determined optimal parameter combination was 
99.93  ±  0.02%, which is within the 95% confidence interval of the 
predicted value from the regression model of 99.90  ±  0.06%. 

4.2. Microstructure 

Microstructural investigations were conducted on cross-sections 
parallel to the build direction, Fig. 3. A small area fraction of 
10–25 µm circular pores was observed, randomly located in the part,  
Supplementary Figure 4. The individual melt pools, which are de-
corated by a eutectic/GB Fe-Ni-Cu-rich film, Fig. 3a, can be identified 
thanks to the change in grain size from edge to center of each track. 

The width of the melt pools is in the range of 150–200 µm, with a 
depth of 100–150 µm. The microstructure shows a trimodal solidi-
fication morphology, Fig. 3b, with a change in solidification mode 
between each region: (i) the outer boundary of the melt pools, which 
solidifies first in the temporal course, consists of a 5–20 µm thick 
band of very fine, ~0.5 µm-sized equiaxed grains. Square, Zr-rich 
bright precipitates of about 50–100 nm are very often visible in the 
grain centers; (ii) a band of 5–15 µm long and 1–3 µm wide co-
lumnar-dendritic, epitaxially grown grains from the fine-grains, (iii) 
in the further course of solidification, a strongly pronounced tran-
sition to a third solidification morphology can be observed, which 
consists of 1–3 µm-sized, equiaxed grains. The Zr-rich precipitates 
can be solely seen within the fine grains at the melt pool boundaries 
but not in later solidified regions. 

At higher magnifications, a very low fraction of 100–500 nm 
diameter nanopores can be observed, typically located at GBs, in- 
between the Fe-Ni-Cu-rich eutectic film, Fig. 3c. These pores po-
tentially arise either from the inability of the eutectic phase to 
backfill into pores or the presence of a low melting eutectic phase in 
the heat-affected zone (HAZ) of the following melt track. Thanks to 
the very fine grain structure, these nanopores do not act as a site for 
crack initiation and propagation. It should be particularly empha-
sized that no cracks were found in any of the samples examined in 
this work, regardless of processing parameters. 

The EBSD mapping allows to more clearly identify the grain size 
distribution, Fig. 3d. While selected melt track boundaries can be 
clearly determined, the grain structure is overall rather irregular. For 
example, bands of fine grains can be found within the center of a 
melt track. The grain size is estimated to be in between 0.3 and 
1.6 µm, with the largest area fraction of grains smaller than 0.5 µm 
located in the equiaxed region, which is responsible for the weak <  
101  >  texture in build direction, Fig. 3e. The microhardness in the 
as-built state averages 1360  ±  74 MPa with an indentation modulus 
of 94  ±  3 GPa. 

4.3. Phase identification 

The phase identification, quantification as well as determination 
of the lattice parameters was performed by XRD, comparing the 
measured X-ray diffraction pattern with a calculated pattern refined 
by the Rietveld method, Fig. 4, Table 2. A large number of calculated 
phases show high agreement with the observed X-ray diffraction 
pattern. Besides the Al matrix phase (84.0 wt%), where the <  111  > 
and <  200  >  peaks are recognizable, the Al9FeNi phase occurs most 
frequently (11.2 wt%). Moreover, the stable D023-Al3Zr phase (3.9 wt 
%) and the metastable counterpart L12-Al3Zr (0.2 wt%) can be 

Fig. 2. Design of Experiments. The higher the values for laser power and hatch distance and the lower the values of scan speed, which is equivalent to a high energy density, lead 
to a high part density. The greatest influence on density comes in descending order from the laser power, followed by scan speed and hatch distance. However, all three factors are 
significant for a significance level of α = 15%. The dots represent the investigated consolidation parameter. 
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Fig. 3. As-built microstructure analysis by SEM-BSD and texture by EBSD. a) By 90° rotation of the scan direction between layers, melt tracks are oriented alternately parallel to 
the x- and y-direction. Three different solidification morphologies are discernible within melt pools. Z-direction corresponds to the build direction and applies to all sub-figures. b) 
At the edge of the melt pools are thin, 5–20 µm thick layers of very fine, equiaxed grains, followed by coarser, columnar-dendritic grains. c) Melt pool edge is characterized by an 
Al3Zr band. GBs are occupied by a eutectic Fe-Ni-Cu rich phase. Nanopores are occasionally found on GBs. d, e) Melt pools show weak <  101  >  texture in build direction (BD). The 
different melt pool regions are distinctly visible in the enlarged image section. 

Fig. 4. XRD measurement. Phase identification by comparing the observations with Rietveld refined calculations.  
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detected, Supplementary Figure 4. Furthermore, Mg2Si (0.5 wt%) and 
Al2CuMg (0.2 wt%) can be identified. The lattice parameters de-
termined in each case, whose accuracy depends on the corre-
sponding evaluated mass fraction, are listed in Table 2. 

For phase confirmation and determination of the chemical dis-
tribution, STEM-HAADF and EDS mapping were performed on a FIB 
lamella sampled perpendicular to the build direction, Fig. 5. A band 
of 50–75 nm Al3Zr cubes was found to cross the region of interest. It 
is thus suspected that the investigated area corresponds to a melt 
pool boundary perpendicular to the build direction. Based on the 
curvature of the Zr-rich band, the regions below and above are 
identified as the heat affect zone (HAZ) and the remelted region of 
the melt pool. Due to the nucleation of α-Al on primary Al3Zr, the 
grain structure is extremely fine (Ø 150–400 nm) in this band,  
Fig. 6a. In the HAZ, the grains are large (up to 2 µm), while the re-
melted regions exhibit elongated grains perpendicular to the melt 
pool boundary. The GBs are populated in all areas of the melt pool by 
a eutectic phase containing Fe, Ni, and Cu at an approximately 
equiatomic ratio. The morphology of this phase varies depending on 
the area of the melt pool considered. In the HAZ and at the melt pool 
boundary, the eutectic forms a semi-continuous phase along GBs 
and in the interdendritic regions of larger grains, Fig. 6b,c. In the 
remelted zone, the eutectic regions contain a high fraction of small, 
agglomerated globular eutectic phases. The two phases are, however, 
expected to be of the same type. Additionally, other compounds are 

found alongside the eutectic phase: i) 30–50 nm binary Al-Cu-rich 
phase, ii) 50–250 nm Mg-Si-rich particles, iii) 25–150 nm Mg-O-rich 
dispersoids. No ternary Al-Cu-Mg-rich phases were detected in the 
investigated area, confirming that Al2CuMg, observed by XRD is 
potentially present in a very low fraction, or localized in a certain 
region of the melt pool. Due to the low mass density of the two Mg- 
rich phases, they appear darker than the matrix. To differentiate 
them from pores, their shape, estimated from the EDS map, is out-
lined on the respective HAADF images. 

Higher magnification EDS mapping was conducted in the thin-
nest area of the FIB lamellae, Fig. 7, where overlap between the Al 
matrix and the secondary phases is reduced. Composition estimation 
of the Mg-Si rich phase shows a near-zero level of Al. The Mg-Si-rich 
and Al-Cu-rich phases are identified as Mg2Si and CuAl, respectively, 
based on EDS composition and the identification of the FFT pattern,  
Fig. 7c,d. As a confirmation of the phase identification, Al2Cu was not 
a successful candidate for the binary Al-Cu phase, as the potential 
zone axis contained forbidden reflections that are observed in the 
experimental pattern. Around 1.5 at% Sn was observed in solution 
within in the Mg2Si phase. In the HAZ, a small fraction of elongated 
L12-Al3Zr precipitates was detected close or at the interface of other 
secondary phases (cf. Zr map in Fig. 7). The composition of the Mg- 
O-rich dispersoid could not accurately be measured due to the 
overlap with other phases. It is, however, suspected to be spinel 
MgAl2O4, which is often found in other additively manufactured Al- 
Mg-based alloys [11,22,26]. 

The quaternary Al-Fe-Ni-Cu-rich phase has an estimated com-
position of Al69Fe11Ni9Cu11 (  ±  1 at%). However, no quaternary 
phases have been reported in the literature for this system [27]. For 
the measured composition, the closest ternary phases are Al7Cu2Fe 
and Al9FeNi. Both phases are likely candidates in terms of compo-
sition, if Ni occupies the Cu sublattice in Al7(Cu,Ni)2Fe or if Cu oc-
cupies the Al sublattice in (Al,Cu)9FeNi. A solubility of 4.5 at% Ni at 
530 °C was reported for Al7Cu4Fe, which could also apply for the 
detected phase [24]. The analysis of the two-zone axis observed for 
this phase, Fig. 7a,b, was conducted with the associated details in  
Table 3. The experimental zone axes could fit both phases with 

Table 2 
XRD phase quantification and lattice parameter identification. Phase fraction is 
quantified based on the relative peak intensities. Lattice parameters are evaluated 
using the Bragg equation.        

Phase Space group Phase fraction (wt%) a [Å] b [Å] c [Å]  

α-Al F m 3̄ m 84.0 4.06   

Al9FeNi P 1 21/c 1 11.2 6.24 6.31 8.60 
D023-Al3Zr I 4/m m m 3.9 4.00  17.30 
L12-Al3Zr P m 3̄ m 0.2 4.09   

Mg2Si F m 3̄ m 0.5 6.36   

Al2CuMg C m c m 0.2 4.00 9.29 7.15 

Fig. 5. STEM-EDS mapping of the area around a melt pool boundary. The melt pool boundary is identified by a thin band of L12-Al3Zr cuboids. Based on the curvature of this band, 
the HAZ and remelted regions are identified. A eutectic network of Al-Ni-Fe-Cu-rich phase propagate through the microstructure, as well as a few binary Al-Cu phases. Increased 
Mg concentration is only found collocated with Si or O. 
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Fig. 6. STEM-HAADF imaging of a) the melt pool boundary, exhibiting primary cuboids L12-Al3Zr, and b, c) the eutectic structure in the remelted region, exhibiting a "globular" 
shape. Due to the "black Z-contrast" of Mg2Si and Mg-O, these phases were outlined based on the associated EDS mapping to differentiate from potential nano porosity. Region a 
and b correspond to regions 1 and 2, respectively, in Fig. 5. 

Fig. 7. Phase identification, conducted in the HAZ. EDS maps reveal the composition of the various phases observed in the system. Nanometric L12-Al3Zr are also observed at the 
boundary of the eutectic phases. The FFT patterns labeled a) to d) were acquired in the associated area on the STEM-HAADF image and compared to simulated zone axes of their 
respective phases. The reflection indicated in red in b indicates a forbidden reflection. 
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reasonable agreement, preventing a selection of absolute certainty 
between the two phases. However, the (Al,Cu)9FeNi patterns fit the 
experimental FFT more accurately. In region a, the angle difference is 
small, with the measured interplanar spacings being increased by 
~3%, suggesting an increase of the lattice parameter due to Cu so-
lubility. In region b, while the identified Al7Cu2Fe zone axis fits the 
experimental patterns, some of the observed reflections should be 
forbidden. Based on these observations, (Al,Cu)9FeNi is identified as 
the likely candidate for this quaternary phase, which is also quan-
tified to represent a phase fraction of 11 wt% according to the XRD 
analysis. 

5. Discussion 

5.1. Processability and defects 

Every sample in the parametric study shows a relative density 
higher than 99.5%, underlining the excellent processability of the 
alloy developed. Nevertheless, the effect of the parameters laser 
power, scan speed, and hatch distance on density is significant at 
α = 15%. In the investigated parameter field, it was demonstrated that 
the most significant influence on the density is exerted by the laser 
power, followed by the scan speed. High densities tend to be 
achieved by low scanning speeds and high laser powers. The re-
quirement of high energy densities is mainly related to the material- 
inherent properties of Al alloys. On the one hand, Al shows a high 
reflectivity of up to 91% in the range of the Yb fiber laser wavelength 
of 1070 nm [28]. With increasing temperature, the reflectivity de-
creases significantly to a value of 60% at temperatures slightly below 
the melting point [29]. In addition, Al has a high thermal con-
ductivity of 237 W/mK, which causes rapid heat dissipation and thus 
also requires a higher energy density during fabrication [30]. Both 
laser power and scan speed influence the grain size, the solidifica-
tion morphology, and the volatilization of alloy constituents with 
increasing temperature, as cooling rate tends to decrease with de-
creasing scan speed, while high laser power increases the thermal 
gradient and the melt temperature [30]. Since the melt becomes less 
viscous with increasing temperature, this has a positive effect on the 
susceptibility to hot cracking, since cracks that occur are efficiently 
backfilled with melt [30]. It is known that lower scan velocities re-
duce the susceptibility to cracking in AlCuMgZr alloys [18]. Fur-
thermore, there is a tendency towards larger hatch distances. This 
trend contradicts literature, as the risk of forming gaps between 
adjacent melt tracks, leading to insufficient metallurgical bonding 
between layers and lack-of-fusion defects, is higher for larger hatch 
distances [4]. A low hatch distance increases the energy per volume 
introduced into the part, thus increasing the wettability of the liquid 
melt. However, in the case of the studied alloy, the trend towards 
larger hatch distance can be explained by heat accumulations in the 
melt pool and, consequently, the evaporation of volatile alloying 

elements for too low hatch distances, which then are reflected in 
higher porosity [31]. 

Particular emphasis should be placed on the crack-free micro-
structure since interdendritic hot cracking is the biggest problem 
with LPBF-manufactured 2618 [15,32]. It is known from the litera-
ture that the crack susceptibility is most pronounced at a Cu content 
of 1.5–3.0 wt% and an Mg content of 1.0–2.5 wt% [33]. The Cu- and 
Mg-content of the studied alloy of 2.36  ±  0.10 wt% and 
1.95  ±  0.02 wt%, respectively, is within this range, as is the majority 
of non-weldable 2xxx series Al alloys. The reason for the formation 
of solidification and liquation cracks is the pronounced segregation 
of low-melting compounds with high viscosity on the GBs, which 
can often be observed in alloys with a high solidification interval. 
Elemental segregation of low melting point compounds during so-
lidification leads to the formation of a film on the GBs as well as the 
interdendritic region. Under tensile stresses/strains due to solidifi-
cation shrinkage and thermal contraction, interdendritic cracks 
form, often spanning over multiple grains or layers. Owning to an 
excessively viscous residual melt or an insufficient volume of re-
sidual melt, these cracks cannot be backfilled [5,33]. A known pos-
sibility to reduce the susceptibility to hot cracking in LPBF and 
casting processes is the addition of Si as in the well-known near- 
eutectic alloys AlSi12 and AlSi10Mg, as Si reduces the viscosity of the 
melt, the solidification interval, and the thermal contraction, as well 
as increases the wettability [34]. However, the amount of 
0.24  ±  0.01 wt% Si in the present alloy is presumably too low to 
cause a significant reduction in hot cracking susceptibility. Hot 
cracking susceptibility increases significantly for Si contents up to 
1 wt%, to the point where at about 4 wt%, it decreases again [35]. 
Furthermore, the hot cracking susceptibility can be reduced by 
adding Sc and/or Zr, which alters the solidification morphology from 
dendritic towards equiaxed for low solidification front velocities  
[18]. This is due to the formation of coherent Al3Sc or Al3Zr pre-
cipitates, which act as incoulants for the α-Al grains This effect has 
been comprehensively studied e.g for the two commercial Zr/Sc 
modified alloys Addalloy™ and Scalmalloy®, which are characterized 
by a crack-free bimodal microstructure of fine equiaxed and coarse 
columnar grains [11,36,37]. A similar grain refinement mechanism 
could be demonstrated, for example, by adding TiB2 to 2618 [38]. The 
fine, equiaxed α-Al grains, which form around the primary coherent 
L12-Al3Zr precipitates, are free to move in the still liquid melt. The 
mobility of these equiaxed grains is believed to be responsible for 
relieving generated stresses by translational and rotational move-
ment. The same applies to the larger, equiaxed grains formed in the 
last stage of melt pool solidification. The solidification front velocity, 
exponentially increasing from bottom to top of the melt pools, ty-
pically exceeds 103 mm/s in LPBF [39]. At solidification front velo-
cities of 101-102 mm/s, solute trapping prevents the L12-Al3Zr 
formation and leads to supersaturation of Zr into the matrix phase, 
which in turn does no longer effect grain refinement [36]. However, 
since high solidification front velocities lead to the formation of 

Table 3 
STEM phase identification and interspacing measurements. The value in parenthesis indicates the deviation between experimental and theoretical values. Note: As the FFT 
analyses are conducted on a STEM micrograph, a certain "shearing" of the pattern is expected to increase the experimental errors for distances and angles.          

Region Pattern Space group d1 [Å] d2 [Å] d3 [Å] α [°] β [°]  

a Exp  3.67  ±  0.01 3.82  ±  0.01 4.54  ±  0.01 48.7 68.2 

Al7Cu2Fe [331¯ ] P 4/m n c 3.8928 (+6.1%) 3.8928 (+1.9%) 4.4760 (−1.4%) 51.6 (+2.9°) 64.2 (−4°) 

Al9FeNi [221] P 1 21/c 1 3.54158 (−3.5%) 3.6836 (−3.6%) 4.2444 (−2.5%) 48.2 (−0.5°) 68.5 (+0.3) 
b Exp  4.47  ±  0.02 2.05  ±  0.16 2.66  ±  0.27 49.1 26.8 

Al7Cu2Fe [2̄23] P 4/m n c 4.4760 (+0.1%) 2.0292 (−1%) 2.6442 (−0.6%) 47.2 (−1.9°) 25.7 (−1.1°) 

Al9FeNi [1̄13̄] P 1 21/c 1 4.4244 (−1%) 2.0394 (−0.5%) 2.7021 (+1.6%) 47.8 (−1.3°) 26 (−0.8°) 

c Exp  3.19  ±  0.01 1.47  ±  0.01 0.98  ±  0.01 45.7 43.9 
Mg2Si [013] F m − 3 m 3.1755 (−0.5%) 1.4570 (−0.9%) 1.0042 (+2.5%) 46.5 (+0.8°) 43.5 (−0.4°) 

d Exp  2.34  ±  0.01 1.59  ±  0.01 2.10  ±  0.01 49.9 42.5 

CuAl [3̄ 13̄ 2̄] C 2/m 2.2443 (−4.1%) 1.5838 (−0.4%) 2.0249 (−3.6%) 51.1 (+1.2°) 44.6 (+2.1°) 
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equiaxed grains according to classic solidification theory, the grain 
refinement effect is not necessary for crack prevention in the later 
solidification process. In the less mobile columnar-dendritic region, 
which solidifies chronologically between the two equiaxed grain 
regions, sufficient low-melting, low viscous eutectic GB phase is 
present to fill stress cracks and thus to prevent crack formation and 
propagation. It is assumed that this precipitation network on the GBs 
also hinders the growth of long columnar grains in the L12-Al3Zr-free 
grain region [22]. Moreover, it is known from the laser welding 
process for 5xxx and 6xxx alloys that the hot cracking susceptibility 
can be reduced by increasing the laser power as well as reducing the 
scan speed due to an increase in melt viscosity at higher tempera-
tures. The same trend was found in our alloy [40]. 

The parameter optimized sample shows a high density of 
99.93  ±  0.02%. The few 10–25 µm sized, circularly shaped pores in 
the cross-sections are characteristic of gas pores. They form by 
evaporation or sublimation of components with a high vapor pres-
sure due to the process-intrinsic high temperatures of over 2000 °C. 
Due to the rapid solidification, the gas bubbles are trapped in the 
consolidated part and remain as pores. Since Mg is the most volatile 
alloying element in the alloy and a decrease from 1.95  ±  0.02 wt% in 
the powder to 1.55  ±  0.03 wt% in the component can be observed, 
the present porosity can be attributed to the evaporation of 0.4 wt% 
Mg. This important element not only serves in the present alloy for 
solid solution strengthening of the Al grains, but it is also necessary 
for the formation of strengthening precipitates (such as S-Al2CuMg, 
Mg2Si). Since this loss of Mg was anticipated when determining the 
alloy composition, the Mg content of the alloy is in the range of 
commercial 2618 with 1.20–1.80 wt% and is not too low to com-
promise the precipitation formation. 

The microhardness is averaging 1360  ±  74 MPa with an in-
dentation modulus of 94  ±  3 GPa. Unmodified 2618 and other Al-Cu- 
Mg based alloys, such as 2024, exhibit as-built hardness values of 
1020  ±  10 MPa and 1089 MPa, respectively [41,42]. The two com-
mercially available high-strength 5xxx series alloys Addalloy™ and 
Scalmalloy®, adapted to the LPBF process, show hardness values of 
961  ±  33 MPa and 1030 MPa, respectively [11,43]. The exceptionally 
high hardness values of our alloy result from the same L12-Al3(Sc,Zr) 
induced GB strengthening used in the latter alloys, combined with 
the precipitation strengthening characteristic for 2xxx series. Thus, 
the developed alloy represents a combination of 2xxx series alloys 
and the 5xxx series alloys adapted to LPBF, not only in terms of 
chemical composition, but also in terms of mechanical performance. 

5.2. Microstructure and precipitate formation 

Once the laser has melted the powder, solidification of the Al3Zr 
precipitates at the edge of the melt pool begins at a temperature of 
975 °C and ends at 634 °C. The specified temperature intervals of the 
respective phases refer to the Scheil-Gulliver calculations performed 
by Thermo-Calc®, Fig. 1a. The solidification front velocity is initially 
slow and gives the Al3Zr precipitates enough time to nucleate and 
grow homogeneously. This is reflected in SEM and STEM images by a 
band, more or less thick, of 50–75 nm large L12-Al3Zr precipitates at 
the melt pool boundary. The nucleation of primary L12-Al3Zr occurs 
through the formation of a stable crystallization nucleus of critical 
size in regions with elevated local Zr concentrations and is favored 
by the initially slow solidification front velocity, as there is sufficient 
time for nucleation and growth. The grain refining effect of the L12 

precipitates, which are not homogeneously distributed in the melt 
pool due to concentration differences, leads to an irregular melt pool 
geometry which often does not correspond to the hemispherical 
shape typically observed in the transverse section of conduction 
mode LPBF. Hence, the melt pool shape is not defined by the con-
duction of latent heat along the steepest temperature gradient but 
the formation of L12-Al3Zr nuclei inducing α-Al crystallization, 

consequently leading to a 10–20 µm thick band of equiaxed, 
0.3–1.6 µm sized α-Al grains at the melt pool boundaries. 

According to XRD measurements, the Al3Zr phase is present as 
metastable L12 (0.2 wt%) as well as stable D023 (3.9 wt%). The stable 
D023 phase is incoherent to the matrix and thus does not contribute 
to grain refinement. However, previous studies of Zr-modified Al 
alloys have shown that the majority of Al3Zr is present as the me-
tastable L12 rather than the stable D023 configuration [11,22]. Al-
though the phase analysis shows 3.9 wt% D023, the cross-sections 
examined by SEM show only very few 5–10 µm long, 0.1–0.25 µm 
wide D023 precipitates; no D023 was detected in the lamella ex-
amined by STEM. XRD evaluates the total amount of Al3Zr (L12 + 
D023) in the material as 4.1 wt%, which translates into 2.17 wt% 
overall Zr within the alloy. It is thus exceeding the 1.71  ±  0.05 wt% Zr 
determined by ICP-OES, Table 1. Besides, STEM-EDS shows Zr dis-
solved in the solid solution, leading to the conclusion that the 
amount of D023 from XRD might be significantly overestimated. This 
may be due to a peak overlap of L12 with D023 as well as with 
Al9FeNi, which makes it difficult to quantify these phases accurately. 

In the further course of solidification, the α-Al matrix phase 
forms over the solidification interval 634–427 °C and establishes a 
trimodal solidification morphology. (i) Heterogeneous nucleation on 
the numerous 50–100 nm-sized coherent L12-Al3Zr precipitates at 
the melt pool edge forms a 5–20 µm wide band of 300–1600 nm α-Al 
grains around the L12-Al3Zr precipitates. Subsequently, the solidifi-
cation front velocity increases until partial solute trapping sup-
presses the formation of the L12 nuclei. (ii) Epitaxial growth of a 
band of 5–15 µm long, 1–3 µm large columnar-dendritic grains then 
follows. The (low) anisotropy of this band compared to the rest of 
the microstructure is responsible for the weak texture in 
{011} <  001  >  direction. (iii) For the remaining part, the melt pool 
consists of coarser, equiaxed grains. The decreasing thermal gradient 
ahead of the solidification front with continued solidification, to-
gether with the increase in liquidus temperature by solute parti-
tioning, increases the constitutional supercooling sufficiently to 
allow the homogeneous nucleation of 1–3 µm-sized, equiaxed α-Al 
ahead of the solidification front. Complete solute trapping by a very 
high solidification front velocity prevents the formation of L12-Al3Zr 
precipitates in this region. The α-Al lattice parameter is slightly in-
creased at 4.056 Å compared to pure aluminum at 4.048 Å, Table 2, 
indicating the distortion of the lattice by intercalated atoms forming 
a solid solution [44]. The lattice parameter is slightly lower than in 
binary AlMg alloys with a similar Mg content, which indicates other 
alloying elements in solid solution [45,46]. While, for example, Cu, 
Ni, and Zn decrease the lattice parameter, it is significantly increased 
by Mg, which has a solubility up to 15 at% at 450 °C [47]. Thus, Mg 
and Zr seem to be responsible for the 0.2% larger lattice parameter, 
although other alloying elements (mainly Fe, Ni) in the solid solution 
concurrently decrease the lattice parameter. Compared to the feed-
stock powder, the chemical analysis revealed that the content of Mg, 
the lowest-melting element of the alloy, decreased by 0.4 wt% from 
1.95  ±  0.02 wt% in the powder down to 1.55  ±  0.03 wt% in the con-
solidated parts and is thus, as planned, within the range of the 
nominal Mg content of 2618, Table 1. It is also noticeable that the 
actual Zr content in the powder of 1.71  ±  0.05 wt% is slightly lower 
than the nominal Zr range of 1.80–2.00 wt%, but remains within the 
range of previously tested Zr contents for crack prevention  
[11,22,48]. Furthermore, minor contamination of the feedstock 
powder with 0.05  ±  0.001 wt% Sn could be observed. 

Shortly after the start of solidification of the matrix phase, var-
ious precipitates begin to form on the grain boundaries. Starting at a 
temperature of 629 °C up to 550 °C, Fig. 1a, the formation of the 
eutectic (Al,Cu)9FeNi (11.2 wt%) begins. This phase accounts for the 
largest proportion of precipitates formed. Within the melt pools, but 
not in the fine-equiaxed grain zone, the phase is present in a blocky 
shape on the GBs. This corresponds to the shape reported in the 
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literature [49,50]. In the fine-equiaxed, remelted zone of subsequent 
laser passes, it is found agglomerated in the form of small, 
10–50 nm-sized balls on the GBs, Fig. 6b,c. 

It is assumed that the eutectic at GBs partially dissolves. With 
progressing solidification front, those ball-shaped fragments are 
rejected into the GB region. It can be expected that the metastable 
shape is transformed into the stable needle or flake shape by 
Ostwald ripening during subsequent heat treatment. As Al9FeNi has 
an Al9Co2 structure type (space group P21/c, 22 atoms per unit cell), 
the present (Al,Cu)9FeNi phase shows slightly different lattice 
parameters as compared to literature due to stretching in each 
spatial direction [51]. The solubility of alloying elements in Al9FeNi 
has already been shown for the substitution of Fe by Ni as well as Ni 
by Cu [52–54]. A solubility of Cu is plausible and can be explained 
based on the rules established by Hume-Rothery. Due to the dif-
ferent atomic radii of 0.128 nm for Cu and 0.143 nm for Al (atomic 
misfit of +10.5%), the low chemical affinity based on the small 
electronegativity difference (2.2 for Cu and 1.5 for Al, respectively) as 
well as a small valence electron difference (one for Cu and three for 
Al, respectively), substitutional or interstitial incorporation of Cu can 
be expected. Noteworthy, Thermo-Calc® not does not consider the 
solubility of Cu in Al9FeNi, leading to the calculated residual melt 
being more rich in Cu than in reality. This can affect the formation of 
subsequently precipitated phases. 

In the temperature range 553–468 °C, Fig. 1a, the Mg2Si (0.5 wt%) 
phase is formed, which due to segregation effects is found on the 
GBs, and found with a solubility of Sn. Mg is also found with O, 
presumably forming small amounts of spinel MgAl2O4, Fig. 6. The 
Mg2Si precipitates are about 100 nm in diameter and are occasion-
ally visible sandwiched between the Al9FeNi precipitates. In as-cast 
2618, the occurrence of Mg2Si precipitates was reported as well [55]. 
In the temperature range of 482–468 °C, the formation of S-Al2CuMg 
joins in. Although S-Al2CuMg (0.2 wt%) was identified by XRD, Fig. 4, 
the phase could not be found in the investigated lamella by STEM. 
Yet, literature on casted Al-Cu-Mg(-Fe-Ni) as well as LPBF fabricated 
Al-Cu-Mg alloys could prove the presence of S-Al2CuMg, indicating 
its possible presence in the examined alloy [22,25,56]. Since S- 
Al2CuMg forms within the residual 1.5 mol.% of melt, segregation 
effects should lead to its presence on the GBs. Similarly, the for-
mation of CuAl, which forms under equilibrium conditions at Cu- 
contents >  48.7 wt%, is not calculated by Thermo-Calc®. 

Since 2618 and Zr-containing alloys undergo a significant 
strength increase by either Mg2Si and Al2CuMg and secondary, na-
nometric L12-Al3Zr precipitation hardening, respectively, a sub-
sequent modified T6 or T61 heat treatment to improve the 
mechanical performance will be the focus of future work. 

6. Conclusions 

This work investigates the processability of a novel, modified 
2618 alloy by LPBF, with a focus on the microstructure and pre-
cipitate formation. The 2xxx alloy grade is classified as non-weld-
able, mainly due to its high Cu and Mg content. By adding Zr, along 
with process parameter optimization, hot cracking can be success-
fully suppressed and a fine-grained microstructure can be achieved, 
with parts exhibiting high density. By adjusting the Mg content, the 
base chemical composition corresponds exactly to that of tradi-
tionally produced 2618. In-depth analyses of the microstructure and 
phase formation provide better insight into the material behavior of 
2xxx alloys during rapid solidification and lay the foundation for 
further heat treatment studies. The knowledge gained can sig-
nificantly advance the commercialization of a 2xxx series alloy tai-
lored to LPBF. In detail, the following conclusions were reached:  

(1) Consolidated parts show no cracks and a high relative density of 
99.9% or more. The most significant parameter for density 

optimization is laser power. The chemical composition is within 
the industrial specifications for 2618, plus Zr.  

(2) The trimodal microstructure consists of very fine equiaxed 
(~0.5 µm), columnar-dendritic (5–15 µm long, 1–3 µm wide) and 
coarser equiaxed grains (1–3 µm) and shows very weak texture. 
Within the fine-equiaxed grains, abundant metastable cuboidal 
L12-Al3Zr are found, but are not present in the other regions, 
presumably due to solute trapping. Stable D023-Al3Zr can be 
detected sporadically.  

(3) Several types of precipitates are present on the grain boundaries 
due to segregation, such as (Al,Cu)9FeNi, Mg2Si, Al2CuMg, and 
AlCu. These contribute to the fine-grained microstructure by 
hindering grain growth and contribute to strength enhancement. 

(4) The microhardness is 1360  ±  74 MPa with an indentation mod-
ulus of 94  ±  3 GPa. The developed alloy is harder than con-
ventionally produced 2xxx alloys (e.g. 2024, 2618) as well as the 
two commercially available alloys adapted to the LPBF process, 
Scalmalloy® and Addalloy™. 
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