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� (TiHfNbVZr)1-xAlxN and
(TiHfNbVZrTa)1-xAlxN high-entropy
nitride thin films are synthesised
utilizing a hybrid PVD method.

� The hexanary and heptanary thin
films are based on single-phase fcc-
NaCl structured solid solution.

� Al concentration in high-entropy
nitride thin films determines
hardness, yield strength, toughness,
and plastisity.

� The solid solution is stable up to
x~0.51-0.61 and up to x ~0.45-0.64
for the hexanary and heptanary films,
respectively.

� Mechanical properties are
determined by deformation
mechanisms arising from the
electronic structure and phase
composition.
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Deviation from equimolar composition in high-entropy multielement ceramics offers a possibility of fine-
tuning the materials’ properties for targeted application. Here, we present a systematic experimental and
theoretical studyon the effects of alloying equimolar pentanary (TiHfNbVZr)Nandhexanary (TiHfNbVZrTa)
N high-entropy nitrides with Al. Although being predicted to be metastable by ab initio density-functional
theory calculations, single-phase fcc NaCl-structured solid solution thin films with Al solubility limits as
high as x� 0.51–0.61 in (TiHfNbVZr)1-xAlxN and x� 0.45–0.64 in (TiHfNbVZrTa)1-xAlxN are synthesised uti-
lizing a hybrid deposition technique that offers dynamic mixing of film atoms from Al+ subplantation and
non-equilibrium growth conditions leading to quenching of the desired film structure. In experimental
studies supplementedwith density-functional theory calculations, it is demonstrated that Al concentration
in alloys with the multielement compositions of high-entropy nitride thin films determine hardness, yield
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strength, toughness, and ability to deform plastically up to fracture due to different deformation mecha-
nisms arising from the electronic structure and phase compositions.

� 2022 The Author(s). Published by Elsevier Ltd. This is an open access article under the CC BY license
(http://creativecommons.org/licenses/by/4.0/).
1. Introduction equilibrium is extremely low, it can be considerably extended
Transition metal nitride (TMN) thin films exhibit extraordinary
properties due to the uniquemixture ofmetallic, ionic, and covalent
chemical bondings that determine their applicability in wide-
ranging technologies [1,2]. Continuous search for innovative mate-
rial solutions with advanced properties via multicomponent alloy-
ing has led to a relatively novel alloying material design concept,
initially termed as ‘‘high-entropy alloys” (HEAs) [3]. According to
the original theory, being composed of at least five principal ele-
ments in equiatomic (or close to equiatomic) amounts, the maxi-
mum configuration entropy stabilize them into a single-crystal
solid-solution phase against the formation of the thermodynami-
cally competing intermetallic phases. It is generally accepted that
the configuration entropy becomes significant in HEAs and over-
comes the enthalpy termcontributing to stabilizationof a solid solu-
tion through minimization of Gibbs free energy of mixing when
reaching 1.5R (R is the universal gas constant) that exclude alloys
with fewer than 5 components [4]. Ultimately, the high-entropy
concept has been extended into the field of ceramics including
TMNs. Recently, high-entropy transitionmetal nitrides (HENs) have
emerged as promising candidates for the advancement of next gen-
erations of TMN-based thin films [5]. In analogy to HEAs, multicom-
ponent nitrides composed of at least five principal binary nitrides
are typically defined as HENs. NaCl-structured HENs are composed
of chemically disordered metal and chemically ordered non-metal
sublattices, hence, only metal sublattice contributes to their config-
uration entropy of �1.5R [6]. HENs have gained considerable inter-
est in the scientific community, demonstrating a mixture of
properties, oftenhighly enhanced in comparison to the conventional
TMN counterparts [5]. Extensive studies have been performed
focusingmostly on the investigation of the dependence of the struc-
tural and mechanical properties of HENs on varying the deposition
parameters of PVD processes such as reactive gas flow, substrate
bias potential, and substrate temperature [7,8]. However, a vast
compositional space and lack of the systematic studies of their func-
tional properties, limits their introduction to applications. More-
over, the majority of studies have been devoted to the HENs with
maximum configuration entropy [7], i.e., equimolar compositions,
while the hyper-dimensional composition space of non-equimolar
HENs remains largely unexplored, limiting realization of a signifi-
cant potential from both economical point of view and emerging
functional properties.

Simultaneous improvement of both hardness and ductility, i.e.
toughness, is a long-standing challenge in the field of TMNs [9].
It has been theoretically and experimentally demonstrated that
the mechanical properties of binary and ternary transition metal
nitrides can be effectively tuned by varying valence electron con-
centration (VEC) per unit cell [10]. Following this direction, HENs
offer opportunities via VEC adjustment due to the vast space for
compositional variations. Another phenomenon determining the
mechanical properties of HEAs is lattice distortion originating from
large differences in the size of component atoms. These effects
have not been systematically investigated for HENs.

Alloying of TMNs with Al have shown an improvement of
mechanical, functional, and thermal properties provided that the
partial substitution of the TM by Al in the B1, NaCl structure does
not exceed a solubility limit, and, hence, the precipitation of ther-
modynamically favored yet softer w-AlN phase is avoided [11].
Although, the solubility of Al in TMNs at thermodynamic
2

under nonequilibrium growth conditions offered by PVD methods
(such as magnetron sputtering or cathodic arc deposition) result-
ing in metastable supersaturated NaCl-structured solid solutions.
Therefore, alloying of TMNs with maximum possible Al content
while retaining single-phase NaCl-structured solid solution is
among the challenges in the field of Al-containing TMN.

It is recently demonstrated that a relatively novel hybrid
approach based on combining metal-ion synchronized high power
impulse magnetron sputtering (HiPIMS) and direct current mag-
netron sputtering (DCMS) allows to increase Al solubility limit in
TMNs, in particular in TiAlN [12], ZrAlN [13], and VAlN [14] up to
the theoretically predicted values, in comparison to the solubility
limits reached by the conventional PVD methods. Therefore, the
hybrid HiPIMS/DC co-sputtering method is used in this work.

Here,wepresent a studyonhigh-entropy transitionmetal nitride
thin films based on pentanary (TiHfNbVZr)1-xAlxN and hexanary
(TiHfNbVZrTa)1-xAlxN alloys with Al content x varying from 0 to
�0.6. Al is selected as the alloying element in this study because it
is critical for improving a wide range of mechanical, functional and
thermal properties of TM-based nitrides [15]. Layers are deposited
using a co-sputtering approach that combines HiPIMS from an Al
target and DCMS from high-entropy alloy targets, i.e., TiHfNbVZr
and TiHfNbVZrTa. A negative substrate bias is synchronized with
the Al-rich portion of the HiPIMS pulse for an effective Al subplanta-
tion [12]. Varying the Al content in the two different series of films
provides a systematic change in the lattice distortion (d) and VEC
and allows us to study the impact of Al concentration, d and VEC
on the microstructure, phase composition, and mechanical proper-
ties of the HEN films. Configuration entropy calculation for the
two systems gives values that satisfy criteria for high-entropymate-
rials thus supporting that the studiedmaterial is truly HEN. In order
to provide insights into the microstructure and phase composition
of HENs with different Al content a wide range of complementary
analytical methods and techniques are utilized. We evaluate per-
spectives of HENs by investigating awide range ofmechanical prop-
erties such as hardness, elasticmodulus, yield stress, and toughness.
Trends in mechanical properties are determined and discussed in
relation to themicrostructure, phase composition, lattice distortion,
and valence electron concentration of the HENs.
2. Experimental details

HEN thin films are grown in an industrial CemeCon AG CC800/9
magnetron sputtering system, equipped with HiPIMS and DC mag-
netrons. The films are deposited using elemental target of Al (Ceme-
Con AG, Germany) and compound targets based on five and six
transition metals, TiHfZrNbV and TiHfZrNbVTa, respectively, with
dimensions 8.8� 50 cm2. The compound targets are produced using
spark plasma sinteringmethodby PLANSEEAG, Germany. Thedepo-
sition system is degassed for 2 h before deposition at a temperature
of about 500 �C using resistive heaters mounted symmetrically on
the front and back sides of the vacuum chamber. All films are depos-
itedat a substrate temperature of450 �C. The systembasepressure is
lower than �0.3 mPa, and the total pressure during deposition is
�0.5 Pa with a N2/(N2 + Ar) flow ratio of �0.18. The target-to-
substrate distance is 18 cm. Single-crystal Si(001) and
Al2O3(0001) substrates are mounted symmetrically with respect
to the targets forming a 21� angle between the substrate normal
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and the normal to the target (see Supplementary Fig. S1). The sub-
strates are ultrasonically cleaned in acetone and isopropanol for
10 min prior to loading to the chamber.

Two series of HEN thin films with different Al fraction on the
metal sublattice x = Al/(TM + Al) are grown. The first series is based
on (TiHfZrNbV)N, while the second on (TiHfZrNbVTa)N. The com-
pound targets are operated in the DC mode, while the Al target is
powered by HiPIMS (i.e. Al-HiPIMS/HEA-DCMS). Al-free films are
also grown as reference. The averageHiPIMS andDCpowers are var-
ied in order to obtain different Al content in the film while keeping
the deposition rate and the target current density in the same range
for the films from different series with similar Al content (see Sup-
plementary Table 1). HiPIMS pulse length is set to 100 ls and the
pulsing frequency is varied from 200 to 600 Hz at different HIPIMS
power in order to keep the target current density in the range
0.51–0.57 A/cm2 (see Supplementary Fig.S2 and Supplementary
Table 1). A pulsed substrate bias of �60 V is applied synchronously
with theAl-HiPIMSpulseswith thepulse lengthof 100ls and anoff-
set of 30 ls in order to act on the metal-rich portion of the ion flux
arriving at the substrate. The offset and the pulse length are previ-
ously determined for Al target by time-resolved ion-mass spectrom-
etry measurements [16]. Between the HiPIMS pulses, the substrate
is at floating potential (-20 V). The deposition time is varied from
43 to 60min to attain�3lmthick films. The filmgrowth rate is esti-
mated from the cross-sectional SEM images.

The phase composition and crystal structure of the HEN thin
films are determined using Bragg-Brentano X-ray diffraction
(XRD) using a PANalytical Empyrean X-ray diffractometer with
Cu Ka radiation (k = 0.15406 nm) operated at 45 kV and 40 mA.
h-2h X-ray diffraction scans as a function of the sample tilt angle
w is carried for more accurate phase determination in a Philips
X’Pert MRD system with point-focus Cu Ka radiation source oper-
ated at 45 kV and 40 mA. The tilt angles w used are 0�, 18.4�, 26.6�,
33.2�, 39.2�, 45.0�, 50.8�, 56.8�, 63.4�, and 71.6�. Residual stresses of
the films are calculated using Stoney’s equation and the substrate
curvature is determined by rocking curve measurements of Al2O3

(0012) reflections in a Panalytical Empyrean XRD system. The
microstructure and thickness of the HEN thin films are determined
from fracture cross-section images obtained using a Zeiss LEO 1550
scanning electron microscope (SEM).

The composition and stoichiometry of HEN films are deter-
mined by X-ray photoelectron spectroscopy (XPS) and time-of-
flight elastic recoil detection analysis (ToF-ERDA). The elemental
compositions of the films are first obtained by ToF-ERDA carried
out in a tandem accelerator with a 36 MeV 127I8+ probe beam. More
details about the measurements and analyses are given in refer-
ence [17]. Due to the limited mass resolution for heavy recoils,
there are overlaps between signals coming from Ti and V, Zr and
Nb, and Hf and Ta. Thus, the sum of Ti/V, Zr/Nb, and Hf/Ta concen-
trations is determined by ToF-ERDA. Then, the reliable ratios of
heavy elements are obtained by XPS, which are also examined
using EDS coupled to the SEM equipment. The chemical bonding
of the films is evaluated by XPS using a Kratos Axis Ultra DLD
instrument that employs Al Ka radiation (hm = 1486.6 eV). The
base pressure during spectra acquisition is 1.5 � 10�7 Pa. Prior to
spectra acquisition, all films are first sputter-etched for 120 s with
a 4 keV Ar+ ion beam incident at 70� with respect to the sample
normal. The Ar+ ion energy is then reduced to 0.5 keV for 600 s
to minimize surface damage. The analyzed area has a size of 0.3
� 0.7 mm2 and is centered in the middle of the 3 � 3 mm2 etched
area. The binding energy scale is calibrated by examining the
sputter-cleaned Au, Ag, and Cu samples according to the recom-
mended ISO standards for monochromatic Al Ka sources that place
Au 4f7/2, Ag 3d5/2, and Cu 2p3/2 peaks at 83.96, 368.21, and
932.62 eV respectively [18]. The Fermi edge, clearly observed for
all layers, is set as ‘‘0 eV” after fitting by the ‘‘Step Down”
3

background type in Case XPS and used as the charge reference
[19]. XPS spectra quantification and deconvolution is performed
using CasaXPS software package. Transition metal core level spec-
tra are fitted using constraints for the area ratio of spin-orbit split
doublets as 0.5, 0.666 and 0.75 for Ti 2p and V 2p, Nb 3d and Zr 3d,
Hf 4f and Ta 4f, respectively. The same constraints are applied to
corresponding satellite peaks. No constrains are used for FWHM
and the binding energy.

Raman spectroscopy is performed using Renishaw inVia confo-
cal Raman microscope with 633 nm laser radiation. Spectra are
recorded at laser power 50% with 8–9 accumulations and exposi-
tion time was set to 10.00 s.

The composition data and XRD lattice parameter are used for
calculating the lattice distortion parameter (d, %), configuration
entropy (Sconf) at the metal sub-lattice and valence electron con-
centration per formula unit (VEC, e-/f.u.). The details are given in
Supplementary Note 1.

Transmission electron microscopy (TEM) investigations are per-
formed using a probe-corrected Thermo Scientific Titan Themis
200 G3 operated at 200 keV. Energy dispersive X-ray spectroscopy
is acquired with the integrated SuperX detector.

Samples for imaging and elemental analysis by TEM and EDS
are prepared by focused ion beam (FIB) using the FIB lift out
method, in a FEI Helios NanoLab G3 UC Dual Beam SEM/Ga-FIB sys-
tem, with a protective layer applied by electron- and ion-beam
assisted gas deposition, and thinning of the lamella down to
30 kV, 30 pA. Final polishing for high resolution imaging was car-
ried out at 5 kV 25 pA, and then 2 kV 50 pA.

The nanoindentation is performed to measure hardness and
Young’s modulus of the films using an Ultra-Micro Indentation Sys-
tem indenter equipped with a Berkovich diamond probe. At least
36 indents are performed on each sample at fixed load satisfying
the condition that the penetration depth is less than 10% of the film
thickness. The Poisson’s ratio required for calculation of the
Young’s modulus is estimated following the rule of mixture of con-
stituting binary nitrides. Nanoindentation toughness is estimated
by performing at least 4 indents on each sample with a cube-
corner diamond tip over a load range from 80 to 500 mN [20].

Micropillar compression is performed in situ in a Zeiss DSM 962
SEM using an Alemnis in situ indenter equipped with a 5 lm wide
flat punch diamond tip. At least 3–4 pillars are compressed for each
film. Micro-pillars are fabricated using Ga+ ion beam milling at an
accelerating voltage of 30 kV in a Tescan Vela instrument. The
milling ion current is stepwise reduced from 5nA (coarse milling)
to 100 pA (fine milling) in order to minimize irradiation damage.
The final taper angle of the pillars does not exceed 3�. Considering
the small taper angle of the pillars, the pillar diameter at themiddle
of the pillar height is used for the stress calculations. The pillars are
all fabricated with equivalent diameter of �1.8 lm and are milled
down until the film/substrate interface; this results in a small sap-
phire pedestal below the nitride pillar. The micropillars are com-
pressed at room temperature in displacement control with a strain
rate of 1 � 10�3 s�1. The height of the nitride pillars corresponds
to the thickness of the films. In order to account for different
mechanical properties of the sapphire substrate and pillars, Sned-
don’s corrections [21] are applied during load-displacement data
processing in the open-source community curatedMicroMechanics
Data Analyzer.

Details on theoretical calculations of thermodynamic stability
and hardness of the high-entropy alloy nitrides are presented in
the Supplementary Note 2.

3. Theoretical calculations and discussion

In our calculations, the most likely decomposition products of
the high-entropy nitride system are assumed to be unary phases,
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and binary and ternary compounds. The crystal structures of the
reported phases can be readily accessed in, e.g., ICSD [22]; hence,
for the (TiZrHfVNb)1-xAlxN alloys we can calculate the total enthal-
pies at the same level of accuracy as for the special quasirandom
structure (SQS) supercells. The calculated dependence of the for-
mation enthalpies of the (TiZrHfVNb)1-xAlxN alloys increases with
the Al fraction, x, and is illustrated in Table 1. High positive values
of the formation enthalpies for all x values indicate the instability
of the compounds, resulting in decomposition of the phases to
ternary and binary compounds. The stabilization temperature is
considerably higher than the typical deposition temperature of
most PVD methods. Therefore, all alloys within the studied compo-
sitional range can be regarded as metastable to less complex solid
solution and phases. Moreover, the thermodynamic driving force
for decomposition into less complex solid solutions, i.e. ternary
compounds, is increasing as a function of x in the solid solution evi-
denced as the increment of the formation enthalpy difference DE.
The estimation of Vickers hardness, HV, for various x values, includ-
ing the concentrations observed in the experiment (see Supple-
mentary Fig. S3), shows that the Vickers hardness increases as x
increases in the solid solution. Importantly, Vickers hardness of
Al-free and low-x films with composition observed in the experi-
ment is higher than that of the systems with ideal equimolar com-
position. The hardness approach relatively similar values at x = 0.5.

The electron charge distribution in NaCl (TiZrHfVNb)1-xAlxN
alloys is also calculated to study the interatomic bonding via the
charge transfer. Bader charge analysis [23] (Table 1 and Supple-
mentary Table 2) is performed and demonstrates an increase of
the average interatomic charge transfer with the increase of Al
content in the systems, peaking at x = 0.6, and then rapid decrease
for higher values of x. This trend suggests that alloying with Al con-
tinuously changes the interatomic bonding in the solution from
covalent to stronger ionic. For a stronger ionic bond, more charges
are transferred between the adjacent atoms with shorter bonds as
smaller Al atoms substituting TM in the cation sublattice decrease
the lattice size. Since Al preferential hybridization is sp3, its incor-
poration into TM-rich cation sublattice destabilizes the fcc struc-
ture with preferential sp2d3 hybridization. This matches the
trend of increasing formation energy, both suggesting higher driv-
ing force for decomposition of these alloys as a function of Al
content.

4. Experimental results and discussion

4.1. Elemental composition

Elemental analysis performed by means of ToF-ERDA and XPS
reveals that the nitrogen content is relatively stable among the ser-
ies of the as-deposited HEN films at 48.05 ± 0.45 at% implying only
Table 1
Calculated formation energy, formation energy difference (decomposition into binaries v
(TiZrHfVNb)1-xAlxN alloys.

x, Al
fraction

Formation energy (decompose to
binaries) meV/atom

Formation energy (decompose t
ternaries) meV/atom

0 622.5 249.6
0.1 454.9 79.24
0.2 529.5 151.1
0.3 543.1 162.0
0.4 558.9 175.1
0.5 532.4 121.0
0.6 520.3 136.5
0.7 501.6 0
0.8 558.0 0

4

a slight substoichiometry with respect to nitrogen (Table 2). The
films contain a relatively low concentration of Ar, O, and C impuri-
ties with the total concentration of 2 ± 0.2 at.%. In particular, O con-
tent is in the range of �1 at.% implying dense microstructure
without porosity [24]. Moreover, the concentration of Ar in the
films is �0.4 at.% due to suppressed Ar+ ion bombardment during
film growth, as previously reported for the hybrid growth mode
with metal-ion-synchronized bias [16]. The concentration of TMs
is relatively equiatomic with a slight variation of about ±2 at.%. This
variation can be assigned to the target surface poisoning that
changes the sputtering yield of transition metals due to the differ-
ence in the enthalpy of nitride formation among the target metals
(see Supplementary Table 3). Nevertheless, as the variation is small
it is assumed to not qualitatively affect our discussion and conclu-
sions. The fraction of Al in the films (TiVZrNbHf)0.49Al0.51N and
(TiVZrNbHfTa)0.55Al0.45N is slightly different despite the same
deposition parameters used for the deposition. This is a conse-
quence of a slightly higher sputtering yield of the alloy target com-
posed of six TMs evidenced as a higher deposition rate of the
corresponding films (Supplementary Table 1).

The composition data obtained by XPS and ToF-ERDA are in a
good agreement with EDS (Supplementary Table 4). It is apparent
from the composition of the films that calculated values of config-
uration entropy (Sconf) are � 1.5R per formula unit at the metal
sub-lattice for the films with x � 0.51 (Table 2). Therefore, except
for the films with x =�0.6, all multicomponent nitrides can be clas-
sified as high-entropy nitrides even though the composition is not
equimolar.

4.2. Microstructure and phase composition

SEM investigations of fracture cross-sections (Fig. 1) reveal a
dense microstructure with no open column boundaries in all films.
The microstructure of the films without Al and with the lowest Al
content features fine fibrous growth morphology without well-
visible columnar grains or grain boundaries. With increasing Al
content, the columnar growth becomes more clear.

The h-2h XRD patterns for all samples contain exclusively the
characteristic (111), (002), (311), and (222) diffraction peaks typ-
ical for face-centred cubic (fcc) NaCl-type crystal structure (space
group Fm-3m) of transition metal nitrides, Fig. 2a, b. This indicates
single-phase fcc NaCl-structured solid solution formation. A more
accurate phase analysis is carried out by measuring h-2h patterns
as a function of the sample tilt anglew (the angle between the scat-
tering plane defined by the incoming and outgoing X-ray beams
and the sample normal), see Supplementary Fig. S4. The results
are in good agreement with the complete h-2h patterns in the sym-
metric configuration. However, broad diffraction reflections with
weak intensity on the diffraction pattern of (TiVZrNbHf)0.36Al0.64N
s. ternaries), stability temperature, electron charge transfer and Vickers hardness of

o D E (ternaries to binaries
decomposition) meV/atom

Stability
T, C

Average
transfer |e|/
atom

Hv,

GPa

372.9 4722.2 0.87 16.74
357.7 3068.3 0.89 17.12
378.4 3598.5 0.89 17.50
381.1 3762.1 0.89 17.89
383.8 4525.9 0.94 18.29
411.4 3467.9 0.97 18.70
465.5 3719.3 1.00 19.12
501.6 4421.6 0.99 19.54
558.1 5590.9 0.73 19.98



Table 2
Elemental composition of the samples derived from the combined measurements by means of XPS and ToF-ERDA.

Sample Composition (at.%) x,
Al fraction

N/Me ratio Sconf

N Al Ti Hf V Zr Nb Ta Ar O C

(TiVZrNbHf)N 48.2 0 11.8 7.6 10.5 12.2 7.8 – 0.4 0.8 0.7 – 0.97 �1.59R
(TiVZrNbHf)0.86Al0.14N 48 6.9 10.3 6.5 9 10.2 6.8 – 0.4 1.0 0.8 0.14 0.97 �1.77R
(TiVZrNbHf)0.49Al0.51N 48.8 25 11.8 7.6 5.1 5.8 3.5 – 0.4 1.0 0.7 0.51 0.99 �1.46R
(TiVZrNbHf)0.36Al0.64N 48.4 31.9 4.1 2.6 4.1 4.1 2.7 – 0.4 1.0 0.7 0.64 0.98 �1.22R
(TiVZrNbHfTa)N 48.2 0 11.5 7.6 6.9 10.4 6.5 6.7 0.5 0.9 0.8 – 0.97 �1.76R
(TiVZrNbHfTa)0.87Al0.13N 47.9 6.7 9.7 6.6 6.5 8.9 5.7 5.7 0.4 0.9 0.9 0.13 0.96 �1.93R
(TiVZrNbHfTa)0.55Al0.45N 47.5 22.6 6.4 4.3 4.3 5.7 3.4 3.5 0.3 1.0 0.9 0.45 0.95 �1.66R
(TiVZrNbHfTa)0.39Al0.61N 47.4 30.1 4.8 3.1 2.9 4.6 2.3 2.4 0.4 1.1 1 0.61 0.94 �1.37R

Fig. 1. SEM fracture cross-section images of the (TiVZrNbHf)1-xAlxN (x = 0, 0.14, 0.51, 0.64) (a) and (TiVZrNbHfTa)1-xAlxN (x = 0, 0.13, 0.45, 0.61) (b) thin films on Al2O3(0001)
substrate.
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and (TiVZrNbHfTa)0.39Al0.61N films are found in the range of
2h � 48-50� and w � 39.2–56.8�. These peak positions correspond

to (1 0 1
�
2) Bragg reflection of hexagonal (hex) AlN (space group

P63mc, ZnS-wurtzite prototype) shifted towards lower diffraction
angles relative to diffraction lines of pure hex-AlN powder. This
implies that the lattice of the hex phase is expanded due to the
incorporation of larger TM atoms into metal lattice sites. The larger
full width half maximum of the (111) reflections, C111, of the films
with x = 0.64/0.61 (Fig. 2d) additionally indicates the formation of a
second phase which interrupts the growth of fcc phase resulting in
the smaller coherently diffracting domain size of the fcc phase, i.e.
larger C111 values. It is worth noting that further increase of Al
content up to x = �0.7 causes a more evident formation of hex
AlN phase in addition to the fcc phase (see Supplementary Fig-
ure S5). Hence, the maximum solid solubility limit of Al in the fcc
NaCl-structured high-entropy transition metal nitrides is in the
5

range x = �0.51–0.64 in (TiVZrNbHf)N and x = �0.45–0.61 in
(TiVZrNbHfTa)N. The formation of single-phase solid-solutions
with such high Al content with respect to Al solubility limits is a
remarkable result, given that 5–7 nitride forming metals are pre-
sent. Since the purpose of this paper is to explore the single-
phase solid-solution nitrides, solubility limit of Al in HENs and
impact of hex-AlN on the mechanical properties of HENs, the films
with Al content higher than x = �0.64 are excluded in the further
analysis.

All diffraction peaks gradually shift toward higher diffraction
angles upon Al incorporation (Fig. 2a, b), indicative of a lattice
shrinking due to the substitution of transition metal atoms by
smaller Al atoms. The composition-dependent lattice parameters
are calculated from the (111) peak positions at w = �0, aXRD, and
presented in Fig. 2c. The experimental lattice parameter is com-
pared with linearly interpolated lattice parameters calculated



Fig. 2. Offset h-2h XRD patterns for (TiVZrNbHf)1-xAlxN (x = 0, 0.14, 0.51, 0.64) (a) and (TiVZrNbHfTa)1-xAlxN (x = 0, 0.13, 0.45, 0.61) (b) thin films on Al2O3(0001) substrate.
Black dashed lines correspond to the peak positions of Al free films. Structural analysis data of (TiVZrNbHf)1-xAlxN and (TiVZrNbHfTa)1-xAlxN thin films: evolution of
experimental a111 and Vegard’s lattice parameter (c, the inset shows the a111 of the (TiVZrNbHf)1-xAlxN system) and full-width on a half maximum of (111) XRD peak as a
function of x (d).
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according to Vegard’s empirical rules, aVegard’s, considering the
mole fractions of constituent nitrides derived from the XPS/ToF-
ERDA elemental analysis and corresponding bulk lattice parame-
ters of binary nitrides (Supplementary Table 3). It is evident that
the experimental out-of-plane lattice parameter follows approxi-
mately the Vegard’s law (Fig. 2c). However, for both systems a clear
systematic positive deviation of the experimental aXRD values from
this empirical rule is observed. Additional contribution to the
increment of the lattice spacing can be caused by residual com-
pressive stresses, as discussed in more detail below. The lattice
parameters of (111) and (200) oriented crystallites are deter-
mined from h-2h patterns at a set of different tilt angles w (Supple-
mentary Fig. S4). The evolution of the a111 and a200 values as a
function of sin2 w for all alloy composition is shown in the Supple-
mentary Fig. S6. The negative slope of sin2 w lines implies that all
films are in a compressive stress state. The difference in slope for
all single-phase films is quite small implying similar stress level.
There is a clear shift of sin2 w lines towards lower a values with
increasing Al content that agrees with the evolution of the lattice
parameter with x. The shift is constant with w angle for the films
with low Al content relative to Al-free films, but the shift becomes
more oscillating for Al-rich films. This indicates different elastic
strain states in the films depending on Al content. The evolution
6

of a with sin2 w for the films with the highest Al content deviates
from linearity thus attesting to the existence of stress gradients
along the thickness of the films or/and local short range ordering
effects (ordering vs. clustering). This deviation is the highest in
the films with small fraction of hexagonal phase.

A complete stress-strain state analysis is performed in order to
extract the stress- and defect-free lattice parameter, adef, of the
HEN thin films. The residual stress obtained from substrate curva-
ture measurements is compressive in all films (see Supplementary
Table 5). The compressive stresses in thin films deposited under
ion bombardment are generated through the atomic peening
mechanism when energetic ions bombarding the growing film
induce shallow collision cascades that result in incorporation of
extra atoms into the growing film (self-interstitial, vacancies and
antisite defects). Considering triaxial hydrostatic stresses in the
films (see Supplementary Note 3), it can be deduced that the com-
pressive stresses in the present films are caused preliminary by
TMN antisite defects with lower impact of interstitial defect that
is in agreement with previous analysis of the origin of compressive
stresses in TiN thin films using triaxial stresses model [25].
Although antisite defects are less thermodynamically preferred in
NaCl lattice than vacancies and interstitials, as is predicted by
ab initio calculations [26], the formation of antisite defects is
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expected under non-equilibrium (quenched) growth conditions
and intense ion irradiation during growth of the films. The defect
formation in the films deposited in DC mode and hybrid DC/
HiPIMS mode is in the first instance determined by types of ions
bombarding the growing films: primary Ar+ in DC mode and Al+

in DC/HiPIMS mode. The fraction of ionized flux is different in DC
and HIPIMS/DC modes that implies different effects on defect gen-
eration with Ar+ or Al+ ions. Another possible reason for stress gen-
eration is the cross-contamination of Al and alloy targets that can
cause formation of TM ions (due to relatively low second ionization
potential of Ti and V [27]) and subsequent severe recoil implanta-
tion (due to higher TM ion mass than that of Al). Although C111

depends on defect density (area, line and point defects), lattice dis-
tortion and the size of coherently diffracting domains, a slightly
larger C111 of the Ta-containing films (Fig. 2d) can be assigned to
higher defect density in these films due to more intense TM ion
bombardment of the growing film and/or smaller domain size.
The formation of hex-AlN phase causes relaxation of compressive
stresses in Al-rich dual-phase films evident as decrease of the slope
of sin2 w lines.

The triaxial stress model allows to calculate a true ‘‘stress- and
defect-free” lattice parameter (see Supplementary Note 3) of the
HEN thin films (Fig. 2c). The stress- and defect-free lattice param-
eter is still positively deviate from Vegard’s linear interpolation,
but the deviation is lower compared to the deviation of aXRD. The
observed positive deviation can be assigned to the fact that simple
hard sphere mode used for calculation of Vegard’s lattice parame-
ter is not sufficient for evaluating the lattice parameter of high-
entropy alloys. The recent studies show that the atomic radii of
the metal atoms in the multicomponent surroundings of HEAs
deviate from its average size assumed by hard sphere model due
to local chemical interactions, i.e. charge transfer effects [28].

Further structural analysis of the films is performed by means of
TEM and EDS. Considering that HEN films demonstrate very similar
structural and compositional features, TEM is performed only for
(TiVZrNbHf)1-xAlxN layers (x = 0, 0.51, 0.64). Bright field (BF) and
dark field (DF) TEM images of the films shown in Fig. 3 reveal a
dense microstructure with no open boundaries or porosity. The
films exhibit epitaxial growth of 111-oriented domains well-
visible as a thin layer near the interface with the substrate with
a uniform contrast on BF and DF images and symmetric NaCl
reflections on the SAED acquired from the substrate/film interface
along the [1–100] zone axis of the substrate and [110] zone axis of
the films (Fig. 3d, j, r). The reflections are aligned symmetrically to
the reflections of Al2O3 implying local epitaxial growth. The epitax-
ial growth takes place with at least two different in-plane orienta-
tions of h111i domains evident as two sets of [110] zone axis
reflections slightly misaligned in relation to each other implying
the formation of twin boundaries (yellow/red circles and squares
in Fig. 3d). The 111-oriented epitaxial growth of TMNs on
Al2O3(0001) is a typically well-known phenomenon due to a rela-
tively low mismatch between their lattices when [21–30] direction
of Al2O3(0001) coincides with [101] direction of TMNs (111) [29].
At the same time, the epitaxial growth of HENs is rarely reported
and remains poorly studied [30]. The epitaxial growth proceeds
up to 100 nm of the film thickness when renucleation sets in.
The onset of the mixed polycrystalline growth is clear on the SAED
of Al-rich films (Fig. 3j and r) as a slight angular elongation of the
reflections. The epitaxial growth gradually changes to random
nucleation of small grains and further development of fine-
fibrous microstructure with mixed polycrystalline orientations.
During early growth stage the films exhibit fine-fibrous columnar
microstructure with column diameters of �20–30 nm that contin-
uously evolve from the nucleation layer towards the surface where
larger grains (80–100 nm) near the film surface are observed (in-
sets in Fig. 3 a, b, h, k, o, s). SAED of the Al-free single-phase films
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(Fig. 3c) clearly show no preferential orientation, but numerous
randomly oriented crystals evident as rings with non-uniform
angular intensity of (111) and (002) reflections of fcc NaCl struc-
tured phase that is in agreement with XRD (Fig. 3c). At the same
time, (TiVZrNbHf)0.49Al0.51N thin films are composed of slightly lar-
ger columnar grains (with the same aperture size, SAED contains
intense spots with low angular dispersion, Fig. 3i) extending from
the nucleation layer towards the surface and with a slight domi-
nance of (001) grains (see Supplementary Fig. S7). This dominance
of (001) grains can be attributed to the lower Al diffusion activa-
tion barrier on TMN(111) surface than that of TM adatoms (rea-
soning extrapolated to all TMN from the first principle
calculations performed for TiAlN system [31]). Low-resolution
cross-sectional HAADF-STEM images of the (TiVZrNbHf)N and
(TiVZrNbHf)0.49Al0.51N films (Fig. 3e and Fig. 3l) show that the films
are homogeneous at the microscale in all directions in agreement
with STEM-EDS cross-sectional mapping (Fig. 3f, g and Fig. 3m, n,
respectively).

Al-rich (TiVZrNbHf)0.36Al0.61N thin films show clear diffraction
spots associated with hex-AlN phase (Fig. 3p and Supplementary
Fig. S7). A pronounced segregation of Al-rich (dark contrast) and
TM-rich (bright contrast) phases in lateral dimension is observed
in Z-contrast HAADF-STEM images of the (TiVZrNbHf)0.36Al0.61N
thin films (Fig. 3t) that additionally confirms the formation of Al-
rich hexagonal phase. The hexagonal phase segregates along TM-
rich column boundaries of fcc phase and exhibit continuous local
epitaxy with columns extending throughout the film. Moreover,
the lattice of the hexagonal phase is expanded relative to the pure
hex-AlN (cf., Supplementary Fig. S7), thereby additionally confirm-
ing incorporation of TMs into the hex-AlN lattice. Preservation of
the columnar structure in the film with x = 0.61, 0.64 can be
assigned to the absence of renucleation during growth due to small
size and low density of these AlN-rich precipitates and continuous
Al+ bombardment of the growing film that supplies Al to both fcc
and hex phases. Both fcc and hex phases contain TMs as evident
from EDS mapping (see Supplementary Fig. S8), SAED, XRD, and
XPS (see below).

Fig. 4 shows selected areas of the cross-sectional high-
resolution STEM (HRSTEM) images of the films with corresponding
FFT and FFT-filtered images. HRSTEM images of the grains of the
films show clear uniform contrast attesting to a homogeneous
phase without segregations or ordering in the single-phase films.
The FFT-filtered images (Fig. 4b, i, o) are generated using the FFT
reflections marked by red circles in Fig. 4c, j, p. These allow to
reveal misfit dislocations (positions marked with rectangles in
Fig. 4b, i, o) and stacking faults, SFs, (positions marked with ovals
in Fig. 4b, i, o) in all films, which are resolved in the enlarged
FFT-filtered images (Fig. 4e, f, l, m, r, s).

Fig. 5a, b shows Raman spectra of the (TiVZrNbHf)1-xAlxN (x = 0,
0.14, 0.51, 0.61) (a) and (TiVZrNbHfTa)1-xAlxN (x = 0, 0.13, 0.45,
0.64) thin films. The Raman spectra of HEN thin films displays first
order transvers and longitudinal acoustic peaks in acoustic fre-
quency range and first order optical modes in optical frequency
range. The scattering in acoustic range is associated with vibrations
of heavy metal atoms and vibrations of the lighter N atoms corre-
spond to the scattering in the optical range. Raman scattering in
transition metal nitrides occurs due to any deviation from stoi-
chiometry and associated formation of vacancies or antisite defects
[32]. However, we speculate that Raman scattering in HENs is pref-
erentially determined by lattice symmetry breaking due to
severely distorted cation sublattice caused by atomic size mis-
match of metallic elements. Apparently, with increase of Al content
in the cation sublattice the symmetry breaking associated with lat-
tice distortion (d), Fig. 5c, increases giving rise to more Raman
active vibrations. Although the anion sublattice is not distorted
due to one sort of atom on the anion sites, the cation and anion



Fig. 3. Typical cross-sectional TEM images, SAED patters, HAADF images, and EDX mapping, from (TiVZrNbHf)1-xAlxN thin films (x = 0 (a-g), x = 0.51 (h-n), x = 0.64 (o-v). The
insets in (a, b, h, k, o, s) show a magnified BF/DF images of a near surface area of corresponding films.
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sublattices of TMN are chemically dependent as determined by
octahedrally coordinated TM atoms by the nitrogen ligands form-
ing sp3d2 hybridization with eg and t2g symmetry along h100-
i and h110i directions of cubic crystal, respectively [33].
Therefore, the sublattices give dependent Raman contribution as
evidenced by synchronous increase of intensity of all bands with
increase of Al content in the films. Consequently, the increase of
intensity of first order O mode attests for the change in lattice
ordering around N atoms.

It is worth noting that the penetration depth, reflectivity and
absorption of light can change as a function of x, thus impacting
the Raman intensity, but this change can be considered to be
8

negligibly small in the optical spectral range [33]. The shift in posi-
tion of all lines to higher frequencies with increasing Al content can
be attributed to a linear decrease of the lattice constant and hence
to cation to N bond length. Additionally, the shift of acoustic lines
to higher frequencies can be related to a decrease of VEC per unit
cell (Fig. 5d) leading to phonon softening as concentration of Al
increases in the solution [34]. Although the Raman peak shift can
be also caused by piezo-spectroscopic effect occurring as a result
of straining of interatomic distance in response to compressive
residual stresses, its magnitude relatively less meaningful being
in the range of ± 2.5 cm-1 GPa-1 typical for TMNs [35]. The inten-
sity of Raman bands of the hexanary dual-phase film is similar to



Fig. 4. Cross-sectional HRSTEM images of (TiVZrNbHf)1-xAlxN (x = 0 (a), x = 0.51 (g), x = 0.64 (n)) thin films, corresponding FFT images (c, j, p), FFT filtered images generated
using the reflections marked by red circles (b, i, o), and enlarged FFT filtered images taken from the positions marked with rectangles and ovals showing misfit dislocations (d,
k,q) and stacking faults (e, f, l, m, q, r, s), respectively.
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the intensity of the peaks from the hexanary single-phase film with
x = 0.51, whereas the intensity of Raman bands of the heptanary
dual-phase film is higher than the intensity of the peaks from the
9

heptanary single-phase film with x = 0.45. This can be associated
with higher Al content in the fcc lattice of the heptanary dual-
phase film and, thus, larger lattice distortion.



Fig. 5. Raman spectra of the (TiVZrNbHf)1-xAlxN (x = 0, 0.14, 0.51, 0.64) (a) and (TiVZrNbHfTa)1-xAlxN (x = 0, 0.13, 0.45, 0.61) thin films and corresponding calculated lattice
distortion (d) (c), and VEC e-/f.u. (d).
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4.3. Chemical bonding

The core-level signals from the hexanary HEN thin films with
different Al content are compared in Fig. 6 (a)-(e) that show the
main metal core levels spectra of Ti 2p, V 2p, Zr 3d, Nb 3d, and
Hf 4f. Fig. 7 (a) and (b) demonstrate N1s and Al2p spectra. Due
to space restrictions the core-level spectra of the heptanary HEN
thin films are presented in the Supplementary Fig. S9 and S10.
The satisfactory fit of the core-level spectra with correctly con-
strained peak ratio for all spin-split doublets allows to resolve
the contributions corresponding to metal-nitrogen bonding, N-
deficient TM-N bonding, and satellite peaks (at a higher binding
energy (BE) side with respect to the primary metal peaks). The
presence of peaks due to N-deficient TM-N bonding is attributed
to an artefact of Ar+ ion etch which causes the substoichiometric
nitride layer formation due to preferential resputtering of lighter
N atoms, in agreement with previous studies of corresponding bin-
ary nitrides [34]. The BE values for N 1 s, Al 2p, and TM main core
level peaks of the HEN thin films are listed in Supplementary
Table 6 and compared with ISO-calibrated binding energy values
of the corresponding binary nitrides measured using the same
instrument. In majority of cases, the main TM core-level peaks shift
towards higher BE side and Nb 3d and Ta 4f peaks shift towards
lower BE side with increasing Al content in the films up to
x � 0.51/0.45 (see Supplementary Table 6). At the same time the
corresponding N 1 s peaks shift towards lower BE side. To present
a reliable interpretation of core-level shifts in terms of charge
transfer, not affected by reference level effects [19], the relative
10
BE difference between main metal peaks and the N1s peaks is plot-
ted in Fig. 7c as a function of x. When considering that BE is prelim-
inary determined by the initial state contribution of the valence
charge density on an atom, the increase of the Ti 2p-N1s and V
2p-N 1 s difference (Ti 2p and V 2p are at higher BE than N 1 s)
and the decrease of the Hf 4f-N 1 s, Zr 3d-N 1 s, Nb 3d-N 1 s, and
Ta 4f-N 1 s difference (Hf 4f, Zr 3d, Nb 3d, and Ta 4f are at lower
BE than N 1 s) with x unambiguously points on the charge transfer
from TM to nitrogen as Al content increases in the solid solution
implying that the bonding character in HENs changes from cova-
lent/metallic in Al-free films to more ionic in Al-rich single-phase
films. The charge transfer from TM to N atoms is confirmed by
ab initio calculation of Bader charge transfer (Table 1 and Supple-
mentary Table 2), which supports our interpretation of XPS results.
Although the Ta and Nb core-level peaks shift to lower BE, the
magnitude of N 1 s shift towards lower BE is higher that results
in the increment of the BE difference. Moreover, it is apparent that
the BE of core level electrons in TM atoms in Al-free solid solution
is lower than that in corresponding binary nitrides (Supplementary
Table 6), that indicates that the valence charge density on metal
sites is higher in the former case. Al-free solid solutions have rela-
tively high valence charge density on TM sites due to filled d-type
orbitals (see Supplementary Table 3) which is typical for NaCl-
structured TMNs sp3d2 hybridization. The directional covalent
bond eg of sp3d2 hybridization accommodates 6 electrons (two
metal s, one metal d and three nitrogen p) and any additional
valence electron has to populate orbitals with t2g symmetry or
antibonding states. Therefore, the electron density remaining after



Fig. 6. Ti2p (a), V2p (b), Zr3d (c), Nb3d (d), and Hf4f (e) core-level XPS spectra acquired from (TiVZrNbHf)1-xAlxN thin films (x = 0, 0.14, 0.51, 0.64). Black dashed lines
correspond to the peak positions of Al-free films.
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filling eg orbitals populate t2g orbitals in Al-free solid solution with
VEC � 9.4 e-/f.u. that, in turn, leads to the increment of the metallic
d-d interaction and more metallic character of the bonding as evi-
dent form the XPS valence band spectra as an increase of the vol-
ume density of d-t2g(Me) orbitals at BE near 1 eV (Fig. 7d, e). The
lower BE of core-level electrons of TM atoms in the HENs than in
corresponding binary nitrides can be assigned to so called syner-
getic ‘‘cocktail” effect of different TM atoms in the NaCl structured
solid solution. Bader charge analysis shows that there is a charge
transfer from Ti, Zr and Hf atoms to V and Nb atoms in Al-free sys-
tem (see Supplementary Table 2) that is expected since Ti, Zr, and
Hf have smaller electronegativity values than V and Nb. However,
all TM core-level peaks are shifted towards lower BE in Al-free
HENs film compared to binary nitrides (Supplementary Table 6).
This can be explained by the fact that local atomic environment
in the solid solution of HENs differs from the configuration used
for DFT calculations whereas the charge density on TM atom in
multicomponent systems is additionally determined by their first
and second nearest-neighbours [28]. Moreover, as changes in the
BE with lattice strain are dominated by initial state affects [35],
reducing interatomic bonding (evident as the decrement of the
stress-free lattice parameter) leads to the larger charge density
on N atoms that can also contribute to the lower BE of N electrons
in Al-rich HEN thin films in addition to the increment of valence
charge on the N atoms due to ionic bonding character. Ultimately,
substitution of TM atom by Al gradually weakens the sp3d2

hybridization due to lower valence electron concentration of Al
(see Supplementary Table 3) and promotes the formation of sp3

hybridization preferential for Al-N bonding in hexagonal structure.
11
The Al 2p peaks of the low x and Al-rich NaCl solid solutions are fit-
ted with one primary component whose BE is similar. For the Al-
rich dual-phase HEN film, the Al 2p peak is fitted with additional
component with BE values typical for hex-AlN implying the pres-
ence of sp3 rich hybridization and formation of hex-AlN phase in
the film (consistent with XRD and TEM). Hf 4f, Zr 3d, V2p, Nb3d,
and Ti 2p core level spectra of Al-rich dual-phase films (x > 0.6)
undergo distinct changes: in addition to an increase of the satellite
peak intensity, additional spin-orbit doublets appear at higher BE
side relative to the main peaks. At the same time, the components
of TM core level peaks corresponding to the TM atoms in NaCl lat-
tice remain at the same BEs. Considering that the appearance of
these new components is associated with dual-phase composition
in corresponding films as revealed by XRD and TEM, these high BE
doublets are assigned to electrons originating from Hf, Zr, V, Nb,
and Ti atoms in hexagonal AlN lattice [36].

It worth noting that HEN thin films containing Ta show a very
similar trend and additionally Ta 4f core-level spectrum contains
high BE peak component associated with Ta atoms incorporated
into hexagonal lattice (see Supplementary Figs. S7 and S8).

The analysis of the elemental composition, microstructure,
phase composition and chemical bonding of the films provides suf-
ficient evidence to conclude that single phase solid solution
(TiVZrNbHf)1-xAlxN and (TiVZrNbHfTa)1-xAlxN decompose into
TM-rich fcc and Al-rich hex solid solutions when Al content in
fcc-structured solid solutions reaches a solubility limit that lies
between x = 0.51–0.64 and x = 0.45–0.61, respectively. The solubil-
ity limit of Al in TMNs is determined by both kinetics during film
growth and thermodynamics of constituent phases. Most binary



Fig. 7. N1s (a) and Al 2p (b) core-level XPS spectra acquired from (TiVZrNbHf)1-xAlxN thin films (x = 0, 0.14, 0.51, 0.64). Black dashed lines correspond to the peak positions of
Al free films. (c) Binding energy difference between N1s-TM in the HEN thin films as a function of Al fraction. XPS valence band spectra from (TiVZrNbHf)1-xAlxN (x = 0, 0.14,
0.51, 0.64) (d), and (TiVZrNbHfTa)1-xAlxN thin films (x = 0, 0.13, 0.45, 0.61) (e).
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TMNs are soluble in one another due to low cation size mismatch
and low/negative enthalpy of formation, such as ZrN-HfN [37], TiN-
TaN [38], ZrN-TaN [38], HfN-TaN [38], VN-TiN [39], and TiN-NbN
[40]. While there are immiscible pairs such as ZrN-VN [39], TiN-
ZrN [41], and TiN-HfN [37]. The miscible pairs of TMNs and pres-
ence of immiscible TMN pairs in the multicomponent solid solu-
tion of the HENs are opposite forces driving the solid solution to
stability or decomposition, respectively. Additional alloying of
the system with Al provides even higher driving force towards
decomposition because Al is immiscible with all constituent binary
nitrides. This is evident as an increase of the formation energy as
the concentration of Al on the cation lattice sites increases
(Table 1), and is mainly driven by increasing cation size mismatch
12
and the increasing electronic incompatibility as TMs favor sp3d2

hybridization while Al prefers tetrahedral sp3. The ab initio calcu-
lations presented above show that all systems are metastable with
respect to all corresponding equimolar lower-entropy binary and
ternary nitride phases. However, non-equilibrium conditions of
PVD provided by high effective temperature of the plasma (104-
105 K) and low substrate temperature (rapid quenching on the
order of 1012 K s�1) kinetically hinder the system to reach the
thermodynamically-driven equilibrium and single-phase meta-
stable supersaturated solid solutions form during growth of the
films. Additionally, continuous Al+ subplantation below the high-
mobility surface zone during film growth triggers local diffusion
on the cation sublattice of NaCl-structured solid solution [12]. This
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is achieved by combining high-intensity temporal fluxes of Al+

metal ions from Al-HiPIMS superimposed onto the continuous flow
of TM neutrals from HEA-DCMS. Under this these conditions, TM
atoms reside within the high mobility surface layer and upon
gas-ion bombarded form TM-rich TMAlN NaCl-structured crystal-
lites, while energetic Al+ ions accelerated in the electric field of
the substrate are directly implanted into these grains buried below
the high-mobility surface. This allows to avoid the formation of
thermodynamically favored hex-AlN phase and promote the for-
mation of metastable supersaturated NaCl-structured phase.
Although there is a strong dependence of the non-equilibrium sol-
ubility of Al in TMNs on the growth conditions, a comparison of the
solubility limit of Al in HEN and corresponding binary nitrides
(synthesised by PVD, see Supplementary Table 3) shows that Al
solubility in HENs is higher than that in NbN, HfN, ZrN, TaN, but
lower than in VN and TiN. Therefore, the achieved solubility of Al
in the HENs can be assigned to ‘‘cocktail” effect due to synergetic
effect of soluble TMNs, kinetic conditions constraining formation
of thermodynamically favoured hex-AlN and Al+ subplantation
boosting the formation of metastable NaCl solid solution during
growth of the films. The configuration entropy decreases with
increasing AlN content in the films and therefore cannot have an
impact on stabilization of the Al-rich solid solution. However, a
recent theoretical study demonstrates that severe lattice distortion
rather than configuration entropy highly contribute to stabilization
of Al-containing multicomponent TM based nitride systems
against decomposition [42]. Intriguingly, the Al-rich compositions
(x = 0.51 in hexanary HENs and x = 0.45 in heptanary HENs) have
the highest lattice distortion (Fig. 5c) that together with kinetic
constrains can compete the electronic incompatibility.

4.4. Mechanical properties

Mechanical properties of the HEN thin films are studied by
means of nanoindentation, nanoindentation toughness testing
and in situ SEM micro-pillar compression. This set of techniques
allows to determine a range of mechanisms of deformation taking
place in the HEN thin films.

The mechanical properties as a function of Al content are pre-
sented in Fig. 8. The indentation hardness of Al-free and low-x films
is very similar within the experimental error (Fig. 8a). For hexanary
films the hardness increases from about 30.86 ± 1.34 GPa with x = 0
to 34.68 ± 2.06 GPawith x = 0.51, while for heptanary layers the cor-
respondingvalues are 29.41GPawith x=0 and33.09±1.85GPawith
x = 0.45. Further increase of the Al content and transformation to
dual-phase structure is accompanied with a decrease of the hard-
ness of the films. The Young’s modulus follows the same trend
(Fig. 8b). The hardness of TMNs is typically associated with intrinsic
effects due to the nature of the chemical bonding and extrinsic
effects due to atomic/microstructural features such as solid solution
hardening, precipitation hardening, grain boundary hardening and
workhardening [43]. Considering that thegrain size andmicrostruc-
ture of the films is very similar, the grain boundary hardening can
have a relatively similar effect on themeasured hardness. The hard-
ness at electronic level is determinedby a particular band ofrbond-
ing states between the nearest-neighbor p (N) orbitals and metal d-
eg orbitals. Full filling of these states at VEC of about 8.4 e-/f.u. [44]
and low density of shear sensitive metallic d-d bonds (Fig. 7d,e)
result in a high density of strong bonding and resistance to shear
strain. Additionally, solid solution hardening, as a result of compres-
sive stress field being a consequence of the lattice distortion (reach-
ingmaximum at x = 0.51 of hexanary HEN and x = 0.45 in heptanary
HEN, Fig. 5c), can serve as an additional obstacle for dislocation
motion. Therefore, the relatively high hardness of the Al-rich
single-phase thin films (x = 0.51/0.45) can be assigned to two com-
plementary mechanisms. The lower hardness in Al-free and low-x
13
films can be caused by mechanisms working in opposite directions
– high density of shear sensitive metallic d-d interactions (Fig. 7d,
e) because of VEC of �9.4 e-/f.u. and lower lattice distortion
(Fig. 5c). Theoretical calculations show that at VEC around �9.5 e-/
f.u. a higher occupancy of metallic d-d electronic states induced by
the valence electrons of TMs enable formation of metallic bonding
promoting a lower shear resistance [10,45]. However, the high
VEC in Al-free and low-x systems can promote an additional effect
that is based on formation of SFs due to equal energy of awide range
of fcc- and hex-structured binary TMNs present in the solid solution
of HENs [46]. The hardness, thus, can be additionally increased by
restriction of dislocation motions across the SFs in materials with
VEC � 9.4 e-/f.u. Since the SFs are present in all films, they can con-
tribute to mechanical properties of the films at the same level. The
lowest hardness of dual-phase film is apparently associated with
the formation of a softer Al-rich hexagonal phase. At the same time,
the increase of hardness and Young’s modulus as a function of Al
content (up to x = 0.51/0.45) can be due to stronger ionicity of the
bonding as evident from XPS and Bader charge analysis [47]. The
measured experimental and theoretical hardness of the single-
phase solid solutions follows the same trend - increasing with the
increase of Al fraction (e.g. HV in Table 1 and H on Fig. 8a). However,
the apparent values of hardness derived from experiment and theo-
retical calculations are different owing to various strengthening
mechanisms in polycrystalline experimental samples, which are
not accounted for in theoretical calculations.

Nanoindentation toughness measurements are performed using
a cube-corner indenter in order to induce deformation of a large
volume of the films. The SEM images of the residual imprints after
the indentation with lowest applied load of 80 mN and the highest
applied load of 500 mN are presented in Fig. 9 with load-
displacement curves corresponding to 500 mN load (Supplemen-
tary Fig. S11 shows the load-displacement curves corresponding
to 80 mN load). No radial cracks at the indenter corner are
observed after the indentation of the single-phase thin films at
load 80 mN, which corresponds to a penetration depth of less than
30% of the films thickness (Fig. 9 a,b and Supplementary Fig. S11).
Even higher indentation load does not cause pronounced cracks in
the single-phase films, with exception for x = 0.51/0.45 films, in
which case lateral cracks and small spallation/delamination zones
are present as evident in SEM images and small pop-ins on the cor-
responding load-displacement curves (Fig. 10 c and d, and insets).
A significant pile-ups at the facets of the indenter are formed in the
single-phase films, implying plastic flow and, hence, a relatively
good ductility. The absence of the radial cracks in most of the
single-phase films can be explained by the suppression of the ten-
sile stress field (initiating radial cracks) created by the sharp edge
of the indenter, as a result of the high in-plane residual compres-
sive stresses [48]. At the same time, the dual-phase films demon-
strate complex residual damage at 500 mN load based on the
networks of residual cracks and spallation visible in the SEM image
and pop-in events encountered in load-displacement curves.

Although the formation of lateral cracks can be associated with
lower toughness of the films, the lateral crack can arise once a suf-
ficient bending of pile-up material occurs. Moreover, there are
clear pile-ups in the films with x = 0.51/0.45 at 80 mN load but less
pile-up material after 500 mN, and therefore the latter can be asso-
ciated with the delamination of a high fraction of plastically-
deformed material. Additionally, the pop-in events in the film with
x = 0.51 cannot be unequivocally associated to crack initiation in
the film, but rather also the internal, sub-surface nonvisible lateral
cracks occurred at the film/substrate interface before appearing on
the coating surface [49].

The indentation of the dual-phase thin films induces a complex
crack network, but the absence of obvious residual damage around
the impression in single phase films (and pop-in events on



Fig. 8. Mechanical properties of (TiVZrNbHf)1-xAlxN (x = 0, 0.14, 0.51, 0.64) and (TiVZrNbHfTa)1-xAlxN (x = 0, 0.13, 0.45, 0.61) thin films measured by means of nanoindentation
(a-c) and micro-pillar compression (d-f). The lines are used as a guide for the eye.
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load-displacement curves) hinders quantitative calculation of the
toughness of the films using well-known analytical approaches
[50]. The analytical expression that relates the fracture toughness,
Kc, and the length of residual radial cracks whose length (c) must
be two times longer than the radius of corresponding impression
(a), is given as follows [51]:

Kc ¼ a
E
H

� �0:5 P
C1:5
m

 !
ð1Þ

where P is the applied indentation load, E and H are the elastic mod-
ulus and hardness of the film, respectively, c is the average length of
radial cracks, d is an empirical constant which depends on the
geometry of the indenter (0.0319 for cube-corner indenter [50]).
In order to perform a relative comparison of the nanoindentation
toughness of the films, as a first approximation, the formation of
radial cracks can be assumed at an indentation load of 80 mN with
the length that satisfy the minimum criterion for a well-defined
crack c = 2a. Calculation of the Kc of the films following this approx-
imation and based on the measured radius of the impressions (a)
shows the increment of the Kc of the single phase films as a function
of Al content and significantly lower toughness of the dual-phase
films. Although it is a very rough approximation, this is in agree-
ment with SEM observation of plastic flow around the indenter
and absence of pop-in events on the load-displacement curves dur-
ing nanoindentation to the depth that correspond to 90% of the film
thickness. The appearance of plastic flow around the indenter and
rather similar residual compressive stresses in the films imply bet-
ter toughness/ductility of single-phase thin films with the highest
Al content.
14
The micro-pillar compression measurements are performed
in situ in SEM, which provides direct visualization of the deforma-
tion mechanism changes and allows to correlate the observed
events in the stress-strain curves to the deformation inflicted on
the pillars. Engineering stress-strain curves from the micro-pillar
load-displacement data are presented in Fig. 10 as function of Al
fraction with corresponding post-deformation SEM images. The
deformation of all pillars starts with the linear elastic regime. Al-
free pillars demonstrate elastic deformation followed by a short-
lived plastic regime before catastrophic brittle failure (Fig. 10a,f).
Although failure of some pillars has signs of brittleness, their
stress-strain curves have a pronounced short plastic region before
reaching the failure stress and therefore, the yield strength at 1%
strain, Y, is calculated (Fig. 8d). Low-x films demonstrate similar
deformation, but immediate catastrophic brittle fracture after elas-
tic deformation. Considering that debris formed after catastrophic
failure have the shape of the initial columnar grains, the brittle fail-
ure of the pillars of the Al-free and low-x films can be associated
with limited dislocation motion in the nanocrystalline materials
with high density of grain boundaries. However, the yield strength
at 1% strain of these films is very similar and within the experi-
mental error for both hexanary and heptanary HEN thin films,
which is in agreement with measured hardness. Noteworthy is
that, the single-phase films with highest Al content demonstrate
markedly different deformation behavior with more ductile failure.
Although being the hardest, these two films demonstrate different
stress-strain curves and post deformation state. This is evident as
more pronounced compressive ductility of the hexanary film with
relatively lower yield strength at 1% strain, whereas the heptanary
film has much higher strength, but lower ductility. Interestingly,



Fig. 9. Nanoindentation fracture toughness results of (TiVZrNbHf)1-xAlxN (x = 0, 0.14, 0.51, 0.64) (a) and (TiVZrNbHfTa)1-xAlxN (x = 0, 0.13, 0.45, 0.61) (b) thin films: SEM
images of the residual imprints after indentation at 80 mN and 500 mN load, and corresponding load displacement curves (c-d).
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the yield strength of dual-phase films follows the same trend. It is
worth noting that some films contain pop-ins (strain bursts) before
cracking in the stress-strain curves. Considering that pop-ins occur
before the appearance of the first crack on the SEM video of com-
pression (see Supplementary Video 1-8), such events can be asso-
ciated with a strain hardening and can be a clear indication of
plastic deformation in the pillars [52]. It is revealed that the
Young’s modulus measured by micro-pillar compression (Fig. 8e)
is lower than that measured by nanoindentation (Fig. 8b). This
can be due to error in pillar height measurement (FIB undercut-
ting), pillar taper and error from the sink-in effect that ultimately
all affect the absolute strain measured in micro-pillar compression
[53].

To interpret the origin of the strength of single-phase thin films,
a classic analysis of the resolved shear stress of a pillar is utilized
[54]. The resolved flow strength of the pillar (ssum) can be con-
tributed by lattice friction (s*), Taylor hardening (sG), source-
controlled strength (sS) and grain-boundary strengthening (sh-p),
expressed as:

ssum ¼ rm ¼ s� þ sG þ sS þ sh�p ¼

¼ 1� Tt

Tc

� �
s�0 þ abG

ffiffiffiffi
q

p þ KG
ln k

�
=b

� �
k
�
=b

þmKh�pGd
�1=2 ð2Þ

where r is the flow stress, m the Schmid factor, Tt the test temper-
ature, Tc the critical temperature, s*0 the Peierls stress of the active
slip system considered, a a constant lying in the range 0.1–1.0, b the
Burgers vector, G shear modulus, q is dislocation density (1015-1016

1/m2 for PVD TMNs [55]), K is the source-strength constant of the
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order of 0.1, k average source length (proportional to pillar dimen-
sion), and Kh-p is the Hall-Petch constant (12.5 GPa/nm�1 [56]), d
the grain size. Considering that Peierls stress and Hall-Petch con-
stant are not available for HENs, the parameters for the most thor-
oughly investigated TMN, TiN, are chosen. To make an estimate of
the pillar strengths the following constants are set as K 	 0.5, k 	
D, a 	 0.5. The diameters of columnar grains of the films estimated
by TEM are chosen as the grain size. The micro-pillars of the HEN
thin films are composed of a set of strongly textured (111) and
(001) columnar grains, and thus it is important to consider typical
elastic anisotropy of TMNs when calculating the strength of the pil-
lars. The shear modulus of (111) and (001) grains is calculated fol-
lowing the rule of mixture of corresponding binary nitrides
considering non-isotropic Poisson’s ratio [57]. Since the films exhi-
bit fine-fibrous microstructure with h111i and h001i oriented
columnar grains with diameters of �80–100 nm, the Schmid factors
available in the literature for the single-crystal TiN for the most
probable slip systems for loading along [111] and [001] are used.
It is experimentally confirmed that TiN has two active slip systems
at room temperature {111} h110i (m = 0.27) and {110} h110i
(m = 0.5) in h111i and h001i oriented crystals, respectively, with
propagation of a partial a0/6 h211i and full dislocation a0/2 h110i,
respectively [58,59]. Recent experimental [58] and theoretical [60]
studies show that Peierls stress for propagation of a partial disloca-
tion on {111} planes is larger (s*{111}h110i =2.3 GPa) than that for
full dislocation on {110} plane (s*{110}h110i =1.3–1.4 GPa). Consid-
ering this anisotropy and almost equal amount of a set of colum-
nar h111i and h001i grains in single-phase films, we determine
here the necessary Peierls stress to describe the experimental data.
It is worth pointing out that the same fit can be achieved with the



Fig.10. Representative engineering stress–strain curves derived from compression testing of micro-pillars fabricated by FIB milling of the (TiVZrNbHf)1-xAlxN (x = 0, 0.14,
0.51, 0.64) (a) and (TiVZrNbHfTa)1-xAlxN (x = 0, 0.13, 0.45, 0.61) (b) thin films, and corresponding post-compression SEM images.
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final variable, the dislocation density in the pillars, but this is
unconsidered in our analysis because when the pillar size is much
larger than the grain size, the size-effects on strength are deter-
mined by grain size. Peierls stress of s*{111}h110i = 2.6–2.7 GPa
and s*{110}h110i = 1.6–1.7 GPa for Al-free and low alloyed HEN thin
films are deduced from the experimental values. At the same time,
the Peierls stresses of s*{111}h110i =3.3 GPa and s*{110}h110i =2.6 GPa
are found for the measured values for Al-rich heptanary single-
phase film. The grain sizes of the compared films are very similar,
as follows from DF-TEM images (Fig. 3 b, k) and C111 values
(Fig. 2d), hence, the Hall-Petch strengthening cannot be responsible
for the increase of the yield strength of the Al-rich heptanary single-
phase film.

This implies that the increase of Peierls stress is the dominant
strengthening mechanism in single-phase HEN thin films. These
assumptions are supported by recent theoretical calculations that
show that Peierls stress increases when increasing the number of
elements in the high-entropy ceramics due to a random interaction
of different elements at a dislocation core that ultimately improve
the hardness [61]. It is obvious that the yield strength of the dual
phase thin films is determined by the hex phase in addition to fcc
16
phase and the higher yield strength of the Al-rich dual-phase hep-
tanary HEN thin film than that of corresponding hexanary film can
be attributed to a lower fraction of hex phase in the former film.

However, in the case of the Al-rich hexanary single phase films
no good fit to the experimental data can be obtained using the
same approach, which implies that additional mechanisms are
active during the pillar deformation. Apart from that, micro-
compression results agree very well with indentation results with
only the Al-rich hexanary single phase film ranked lower by com-
pression than nanoindentation.

In order to relate hardness and yield strength, it is worth
emphasizing that perfectly plastic materials have H/Y of �3, while
brittle ceramic materials can approach H/Y values of 1 [53]. Before
determining the H/Y ratio of the HEN films, one should take into
account the different stress fields created during compression (uni-
form uniaxial) and indentation (non-uniform triaxial) and the
related impact on the measured mechanical properties. Moreover,
we propose to differentiate the impact of the relaxation of com-
pressive residual stresses in the pillar material after FIB milling
[62] on measured yield strength and the effect of the confining
pressure of the surrounding material of the film under the indenter



A.V. Pshyk, A. Vasylenko, B. Bakhit et al. Materials & Design 219 (2022) 110798
tip and the compressive residual stresses in the films on the mea-
sured hardness [63]. Therefore, in order to establish a context for
relation of yield strength to hardness of the material of the film
and the material of the pillar, corresponding hardness/yield
strength values are determined by converting yield strength to
hardness (and vice versa) values obtained by compression/nanoin-
dentation using an analytical relationship between hardness, H,
and yield stress, Y, derived by Vandeperre et al. [64] (Fig. 8c and
f). It is evident that Al-free and low-x heptanary pillars behave
more plastically than corresponding hexanary pillars (Fig. 8f).
The higher H/Y values imply that there is a plastic or dislocation-
controlled flow in the pillar during compression. However, the H/
Y values of Al-free and low x pillars differ to within �0.15 and can-
not provide a background for estimation of plasticity in these
materials as Al-free pillars undergo more ductile failure than Al-
containing pillars. In contrast, the hexanary Al-rich film that is
ranked lower by compression than by indentation demonstrate
better plasticity in terms of H/Y than corresponding heptanary
alloy also evidenced as more ductile failure at lower stress. At
the same time, the H/Y ratio derived from indentation (Fig. 9c) does
not show considerable change as a function of Al content in the
films with almost similar values for Al-free films and higher values
of the heptanary films.

Recent theoretical studies show that there is an energetically
favorable formation of {111} SFs in fcc-structured TMN domains
that are thermodynamically-inclined to crystallize in hexagonal
structure [65]. Considering that negative SF energies and structural
energy difference between fcc and hex structure are maximized at
VEC � 10 e-/f.u. [65] and the fact that the heptanary HEN contains
more TMNs whose thermodynamical ground state structure is
hexagonal (Supplementary Table 3) then in the hexanary system,
the energetic preference to form {111} SFs in Al-free films can the-
oretically promote the observed ductility. The improvement of
ductility occurs via assisting slip along the faults (creation of plas-
ticity routes) and stress dissipation as the energy barrier is consid-
erably reduced. Although, as mentioned above, SFs can also
effectively impede dislocation motion across the faults, the relative
impact of SFs on strength-ductility trade-off in HENs remains open.
Another mechanism promoting activation of plastic deformation at
the material yield point in TMNs is the formation of a layered elec-
tronic structure assisting the activation of the {110} h110i slip sys-
tem due to full occupation of d-t2g metallic states at VEC 9 e-/f.u.
upon shearing [66]. Other mechanisms like recently observed
modification in atomic coordination triggered at the material yield
point of high-entropy carbides with VEC � 9.4 e-/f.u. cannot be
excluded to be active in the HENs [67]. Moreover, recent theoreti-
cal calculations show that NbN and TaN contribute to minimiza-
tion of SF energy of {111} h112i slip system in high-entropy
nitride systems in addition to {110} h110i and {111} h110i slip
systems [68]. Therefore, additional slip systems typical for all fcc
TMNs present in the solid solution can be active and contribute
to ductility of HENs films [65,69]. It is experimentally observed
that more than one slip systems can be active during deformation,
for instance, evidenced in TM carbides at room temperature [70].

However, Al-rich pillars with VEC around 8.7 e-/f.u. are less
thermodynamically inclined to activate slip systems and SF forma-
tion via above-described mechanisms. Moreover, due to fully pop-
ulated strong p (N)-d(Me) bonding states and unoccupied shear-
sensitive d-d bonds (Fig. 7d, e), the formation of metallic bonds
upon shearing can be rather excluded. This accounts for different
intrinsic mechanism responsible for the observed plasticity in
these systems. However, the recent density function ab initio
molecular dynamic investigation demonstrates that the modifica-
tions in the bonding network that become operative in Al-rich
TiAlN systems as local structural changes into wurtzite-like tetrag-
onal atomic environments when the elongation overcomes their
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yield points, ultimately result in enhanced resistance to fracture
and a substantially increased toughness [71]. As the hexanary sys-
tem is thermodynamically more inclined to fcc-hex phase transfor-
mation than heptanary due to higher Al content, the local lattice
transformations into wurtzite-like structures during uniaxial strain
can dissipate stresses and enhance ductility/plasticity. The
observed SFs in the hexanary Al-rich single-phase HEN can be con-
sidered as initial faults that did not sufficiently coalesce to form the
thermodynamically favoured hexagonal phase but are likely to act
as hexagonal phase-formation nuclei when subjected to externally
applied uniaxial loads. Additional evidence of the phase transfor-
mation toughening of the hexanary Al-rich single-phase pillars is
that the post-deformation state (crack pattern) and stress-strain
curves of this material is very similar to that of the film containing
hex phase. Heptanary film deform in a less ductile matter due to
lower Al content and lower driving force to fcc ? hex phase trans-
formation. The dual-phase pillars due to high content of Al demon-
strate lower but comparable yield strength to single-phase films,
and plastic deformation is more evident in hexanary HEN pillars.
This can be attributed to the formation of SFs in hex phase that
can enhance both strength and ductility, in agreement with previ-
ous experimental findings of M. Bartosic et al [72] for dual-phase
Al-rich TiAlN thin films.

It is worth noting that H/Y ratio derived from nanoindentation
does not reflect clear evidence of brittle-ductile behaviour of the
films observed during compression as there is no oscillation of H/
Y as a function of Al fraction. This may be attributed to triaxial
stress fields created during indentation and the plastic zone, where
dislocations nucleate, being concentrated below the indenter tip
and confined by pressure of the surrounding material that leads
to homogeneous dislocation propagation in a small volume and
can hence have a less pronounced effect on the load-
displacement curves. In contrast, uniaxial stress fields created in
the pillar during compression promotes heterogeneous dislocation
propagation promoting dislocation-active processes and making
them more evident on stress-strain curves because dislocations
can nucleate from the free surface of the pillar [75]. However,
the pop-in events encountered in load-displacement curves of hex-
anary thin film with x = 0.51 during cube-corner indentation
(Fig. 9c,d) and an absence of clear radial cracks on the surface
(Fig. 9a,b) might be circumstantial evidence of deformation-
induced phase transformation in this film.
5. Conclusions

Hexanary (TiHfNbVZr)1-xAlxN and heptanary (TiHfNbVZrTa)1-
xAlxN high-entropy nitride thin films with Al content x = Al/(TM +
Al) varying from �0.13 to �0.64 are synthesised utilizing a hybrid
PVD method based on DC and HiPIMS magnetron sputtering.
Despite theoretically predicted destabilization of the multi-
component NaCl-structured solid solution systems caused by
alloying with Al, HEN films exhibit Al solubility limits up to
x � 0.51–0.61and up to x � 0.45–0.64 for the hexanary and hepta-
nary alloy, respectively. The formation of the metastable multi-
component solid solution is attributed to a synergistic effect of
miscible transition metal nitride pairs in the solution and kinetic
constraints created by non-equilibrium growth conditions and
Al+ subplantation. By alloying with Al the indentation hardness
of the films increase from 30.9 ± 1.3 GPa in the Al-free hexanary
alloy up to 34.7 ± 2.1 GPa in the hexanary single-phase films with
the highest Al content and from 29.4 ± 1.9 GPa in the Al-free hep-
tanary alloy up to 33.1 ± 1.9 GPa in the heptanary single-phase
films with the highest Al content. The increment is attributed to
severe lattice distortion and strong ionic Metal-N bonding in the
Al-rich single-phase films. The formation of dual-phase
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microstructure fcc + hex for x > 0.51 in hexanary and x > 0.45 in
heptanary alloys deteriorates both hardness and elastic modulus
due to the formation of softer hexagonal phase. Nanoindentation
fracture toughness measurements demonstrate a relatively similar
toughness of all single-phase films evidenced as a plastic flow
around the indenter and absence of clear cracks during indentation
up to the depth of 90% of the film thickness. The micro-pillar com-
pression measurements performed in situ in an SEM allowed to
determine different deformation mechanisms in the pillars
depending on the Al fraction. Al-free thin films demonstrate com-
parable yield strength in the range 10.4–11.4 GPa and plastic
deformation before failure that is attributed to several intrinsic
electronic-level mechanisms leading to an increment of stacking
faults density or activation of slip systems. The high yield strength
of Al-free, low x and heptanary single-phase thin films with highest
Al content is assigned to synergetic effects of several strengthening
mechanisms with lattice friction strengthening being dominant.
The hexanary single-phase solid-solution films with x = 0.51
demonstrate pronounced plasticity that is attributed to phase
transformation toughening.

Based on the presented results it is projected that relaxing max-
imum entropy criteria opens a vast composition space of non-
equimolar high-entropy nitrides, as here, and provides additional
space for property tuning that can led to exploration of new phe-
nomena and properties in high-entropy ceramic materials.
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