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a b s t r a c t
Fe-Mn-Si shape memory alloys are materials, whose functional properties strongly depend on microstructural factors such as grain size and orientation, phase fraction and chemical composition. The present study demonstrates
the possibility of microstructure modiﬁcation via process parameter variation on a Fe-Mn-Si based shape memory
alloy fabricated by laser powder bed fusion. By varying the scan speed, samples characterized by coarse elongated
grains with strong <001> orientation along the build direction or by ﬁner equiaxed grains without preferential
orientation can be fabricated. Changes in the volume phase fraction of bcc-𝛿 ferrite and fcc-𝛾 austenite are also
introduced by selective Mn evaporation. A direct correlation between the generated microstructure and achieved
mechanical and shape memory properties is found.

Introduction
Fe-Mn-Si-based shape memory alloys (SMAs) are a class of smart materials that can recover the original shape after large deformation. The
possibility of shape recovery is based on a mechanically induced martensitic transformation from fcc-𝛾 austenite to hcp-𝜀 martensite, and its reversion during unloading, i.e. pseudo-elasticity (PE), and during heating, i.e. shape memory eﬀect (SME) [1]. Their shape memory properties
are strongly inﬂuenced by the grain size and grain orientation [2].
In contrast to conventional manufacturing methods, additive manufacturing (AM) methods like laser powder bed fusion (LPBF) or electron beam melting (EBM) provide a unique way of fabricating complex
geometries with almost no limitations in design, opening new prospective in several ﬁelds like biomedical, automotive, and aerospace [3].
AM of the most commonly used Ni-Ti-based SMAs has attracted significant attention in the last decades because of the excellent functional
and mechanical properties of the alloys (such as low elastic anisotropy,
mechanical strength, biocompatibility, corrosion resistance, enhanced
shape memory properties) coupled with the increased freedom of design enabled by AM [4–8]. However, the high cost of raw material and
the extreme sensitivity of functional properties on chemical composition represent the main drawbacks of this class of materials [9]. In this
scenario, Fe-based alloys represent an attractive material option for AM
of inexpensive structures made of SMAs [10]. In our previous studies
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[11,12], complex functional parts showing enhanced SME have been
successfully fabricated by LPBF from Fe-Mn-Si alloys.
By varying the laser (or electron beam) power and scan velocity,
or the arc conditions in arc-based AM techniques, and by modifying
the scan strategy, the thermal history in the deposited material can be
signiﬁcantly inﬂuenced, thereby enabling to manipulate the parts’ microstructure and properties [13–15]. In this way, the crystallographic
texture and grain size/morphology of several classes of alloys, e.g. stainless steels and Ni-alloys [16–19], could be successfully controlled during
LPBF or EBM. Signiﬁcant variations in grain size and texture have also
been observed by modifying sample geometry, such as part dimensions
and orientation, as heat ﬂow direction, cooling rate, and temperature
gradient are altered [10,20]. With regard to Fe-Mn-Si-based SMAs, the
texture along the loading direction (LD) of Fe–17Mn–5Si–10Cr–4Ni SMA
tensile samples fabricated by LPBF could be controlled by changing the
sample orientation with respect to the build direction (BD) [11]. The
preferred <101> orientation of austenite grains in the tensile samples
built without inclination on the build plate (LD // BD) results in improved shape recovery exceeding the one of similar alloys but conventionally fabricated. The PE (𝜀pse =1.18%) and SME (𝜀rec =1.64%) for the
LPBF-fabricated parts are more than 40% higher than for the conventionally fabricated samples, for which a maximum 𝜀pse of 0.8% and a
maximum 𝜀rec of 1.15% have been achieved [9,21].
Several studies have been conducted in a range of metals to build
spatially varying microstructures. As reported by Arabi-Hashemi et al.
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Table 1
Chemical composition of the Fe-based SMA powder measured by wavelength dispersive
X-ray ﬂuorescence spectrometry (WD-XRF) and energy-dispersive X-ray spectroscopy
(EDS);
Fe (wt.%)

Mn (wt.%)

Cr (wt.%)

Si (wt.%)

Ni (wt.%)

V (wt.%)

C (wt.%)

Bal.

17.7

10.1

4.5

4.3

0.7

0.2

[22], the use of a high volumetric energy density (VED) during LPBF of
a high-nitrogen steel resulted in the selective evaporation of N and the
stabilization of the ferromagnetic bcc phase at the expense of the paramagnetic fcc phase. The EBM fabrication of chemically graded parts has
also been demonstrated for austenitic Cr-Mn-Ni transformation induced
plasticity (TRIP) steels. A controlled Mn vaporization via adjustment of
VED allows for the manufacturing of parts with distinct microstructure
[23,24]. Mechanically tailored parts can thus be fabricated, with the
possibility of modifying alloys’ deformation and strengthening mechanisms.
In the present study, we demonstrate that the microstructure and
thereby the thermo-mechanical properties of a Fe-Mn-Si-based SMA can
be varied in a rather wide range by simply changing the laser scan velocity during LPBF. Samples characterized by highly textured columnar grains of austenite or by ﬁne equiaxed microstructures consisting
of austenite and ferrite grains without preferential orientation can be
fabricated through selective evaporation of Mn and modiﬁcation of the
solidiﬁcation conditions. Important variation in the parts’ mechanical
and shape memory properties are thus achieved.
Metamaterials and lattice structures made by Fe-SMAs seem to have
considerable potential for the realization of new damping structures,
which combine the damping capacity of SMAs with additional functionalities deriving from the parts’ design and topology. In this way, new
reusable structures for shock wave trapping, energy absorption and dissipation during impact, or vibration mitigation could be fabricated. In
all these applications, structures are mainly subjected to compressive
load. The investigation of the material’s behavior during compression
for diﬀerent generated microstructures is thus rather important from an
application point of view and will help for the design optimization of
novel structural metamaterials and for the microstructure manipulation
of the LPBF-fabricated parts.

samples, as in previous investigations the formation of lack of fusion defects was observed for higher speed. A bi-directional scan strategy with
90° rotation between the layers was applied.

Material and methods

The pseudo-elastic and shape memory behavior has been deﬁned
by compression test of cylindrical samples (h/d=1.5 [26,27]), as used
for Ni-Ti-based [28–30] or Fe-Mn-Al-Ni-based [10] SMAs fabricated by
LPBF. Cylindrical samples (5 mm diameter, 7.5 mm height, h/d=1.5)
were machined for compression tests from the fabricated blocks such
that the LD of the samples corresponds to the BD. Compression tests
were performed using a Electromechanical Central Spindle testing machine [LFMZ-50-HM] equipped with a resistance furnace to characterize the samples’ shape memory properties. In the ﬁrst step, the samples
were pre-strained to a strain of 2% and then unloaded with a deformation rate of 0.2 mm/min. From this ﬁrst cycle, the pseudo-elastic
behavior was characterized in terms of the pseudo-elastic strain, 𝜀𝑝𝑠𝑒 .
The PE values were obtained from the diﬀerence between the recovered
strain associated with the linear elastic part of the deformation and the
experimentally measured strain upon unloading. After unloading, the
SME was activated by heating. The samples were heated up to 200°C
and cooled down to room temperature (RT), at a rate of 2°C/min. The
strain evolution was recorded during the entire thermal cycle with a
side-entry extensometer. The ﬁnal strain measured by the extensometer
at 200°C and at the end of the thermal cycle was recorded as recovery
strain (𝜀𝑟𝑒𝑐,200◦ 𝐶 and 𝜀𝑟𝑒𝑐,𝑅𝑇 ).
Micro-hardness measurements were performed on the fabricated
blocks using a Fischerscope HM2000 microhardness tester. A load of
300 mN was applied for 10 s. An average value was calculated from 9
measurements in diﬀerent positions of the samples.

Sample characterization
The cross section of the samples parallel to the BD was prepared
for microstructure investigation by grinding with 600, 1200, 2500 and
4000 grit SiC paper and ﬁnal polishing with 50 nm colloidal silica. Afterwards, the samples were etched using V2A etchant at room temperature (100 mL hydrochloric acid, 100 mL water, 10 mL nitric acid). A
ﬁrst analysis was performed by optical microscopy (OM) with a Zeiss
Axiovert 100A/Canon DSLR. Further investigations were conducted by
energy-dispersive X-ray spectroscopy (EDS) and electron back scatter
diﬀraction (EBSD) using a (SEM) Tescan Mira equipped with an EDAX
DigiView camera. The electron beam voltage was set to 20 kV, the step
size was 1 𝜇m for a 500 × 500 𝜇m2 map.
Complementary, X-ray diﬀraction (XRD) was applied using a PanAnalytical Empyrean equipped with a PixCel 3D detector using the Cu
K𝛼 = 1.5418 Å wavelength. Diﬀraction patterns were acquired in BraggBentano geometry with angular range of 2𝜃 from 30° to 130°. The texture of the samples was analyzed by performing the pole ﬁgures of the
reﬂections of interest. The acquired data were analyzed by means of
HighScore Plus [25] and X’Pert Texture software (Malvern PanAlytical).
Background modeling and subtraction, peaks identiﬁcation and ﬁtting,
and phase identiﬁcation were performed on the HighScore Plus platform.
The chemical composition of the samples was analyzed by X-ray ﬂuorescence spectroscopy (XRF) using a Thermo Scientiﬁc Niton XL5 Plus
XRF Analyzer.
Thermo-mechanical characterization

Sample preparation
Gas atomized powder (Boehler Edelstahl, Kapfenberg, Austria) of a
Fe–17Mn–5Si–10Cr–4Ni-1(V,C)-wt.% SMA was used for sample fabrication. The chemical composition provided in Table 1 is the average of the
values obtained by energy-dispersive X-ray spectroscopy (EDS) analysis
on a ground and polished powder using a scanning electron microscope
(SEM) FEI NanoSEM 230 and by wavelength dispersive X-ray ﬂuorescence spectrometry (WD-XRF) using a Rigaku Primus IV technique.
Bars with a length of 30 mm and thickness and width of 8 mm
were fabricated from the powder by LPBF using the machine Sisma My
Sint100. Three diﬀerent scan velocities were applied for manufacturing.
Sample S1 was fabricated with a laser scan velocity of v1 = 100 mm/s,
sample S2 with v2 = 250 mm/s and sample S3 with v3 = 400 mm/s.
For all the samples, the laser power PL was kept constant at 175 W. A
layer thickness d of 30 𝜇m and hatch spacing h of 100 𝜇m, respectively,
𝑃𝐿
were selected. With these scan speeds, the resulting 𝑉 𝐸𝐷 = 𝑣⋅𝑑⋅ℎ
is 583
3
3
3
J/mm , 233 J/mm , and 146 J/mm for the S1, S2, and S3 samples,
respectively.
The laser power and scan velocities have been chosen based on our
previous work, where it was observed that a high VED (above 144
J/mm3 ) is required to avoid defect and crack formation [11]. A maximum scan velocity of 400 mm/s was selected for the fabrication of the
2
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Fig. 1. Optical microscope images showing melt pool size and morphology in the samples fabricated with 100 mm/s (S1) (a) and 400 mm/s (S3) (b) scan speed;
variation in the amount of Mn with the applied scan speed (c);

the BD with a preferential alignment along the <001> direction, generating a <001> texture. Grains are coarser with a high aspect ratio
compared to the previous cases. The average grain size of the austenite
grains increases to 34 𝜇m in S3.
A signiﬁcant change in the phase fraction is also noted according
to the EBSD maps with phase coloring. While S3 shows an almost fully
austenitic microstructure (less than 1% bcc-𝛿), the volume fraction of
ferrite increases with a reduction in the scan speed, with the highest
amount for S1 (more than 12% bcc-𝛿) and a <101> texture along the
BD. Similar ferrite content is observed for S2 (12%), with a preferential
<001> orientation along the BD. A limited amount of hcp-𝜀 martensite
(<2%) is observed in S1. The amount of hcp-𝜀 is less than 0.5% for S2
and S3.
The XRD patterns are reported in Fig. 3-a, showing the diﬀraction
peaks of fcc-𝛾 austenite and bcc-𝛿 ferrite. Additional peaks at low intensity appear in the sample fabricated with the lowest speed (Fig. 3-b)
and indicate the presence of Cr-rich precipitates with a fcc structure
[34]. XRD patterns of S2 and S3 do not show these phases, pointing out
their formation being limited or prevented with increasing scan velocity. Peaks related to the hcp-𝜀 are not detected by XRD, probably due to
the very low concentration of this phase.
The texture evolution of the samples is conﬁrmed by the pole ﬁgure
measurements reported in Fig. 3-c. The sample fabricated with the lowest scan speed (S1) shows an almost random texture (maximum texture
indices of 2.3), with the 020 reﬂection of the austenite phase partially
oriented in the out-of-plane direction, i.e. along the BD, and at an angle
of 55°, which indicates a preferential orientation of <111> along the
BD. A weak texture along the BD is also observed for S2, whereas the
sample fabricated with the highest scan speed shows a strong <001>
texture (maximum texture indices of 10.5).
The important variation in the microstructure detected by EBSD
and XRD is ascribed to the change in the chemical composition of
the alloy, as well as to the varying heating and cooling conditions
resulting from the diﬀerent scan velocities. The pronounced loss in
Mn due to evaporation signiﬁcantly aﬀects phase stability and the
primary solidiﬁcation mode. In Fe-Mn-Si-Cr-Ni alloys, the ratio between ferrite stabilizing elements, deﬁned by the chromium equivalent (Creq =Cr+1.5Si), and austenite stabilizing elements, nickel equivalent (Nieq =Ni+0.31Mn+22C), gives an indication of the primary phase,
which forms during solidiﬁcation [35]. For a ratio below 1.5, austenite is
supposed to be the primary solidiﬁcation phase. According to these empirical rules, the formation of austenite as primary phase is promoted
in S3, characterized by the highest amount of the austenite stabilizer
Mn (15.3 wt.%) and the lowest ratio Nieq /Creq (1.3). The grain morphology and the orientation of the austenite grains provide evidence of
austenite as primary phase in S3. Austenite solidiﬁes as columnar grains
elongated along the BD with a preferred <001> orientation, as generally
observed in most cubic alloys fabricated by PBF at comparably fast scan
speed [32]. The formation of a pronounced crystallographic texture and
large grains derives from the epitaxial grain growth [36]. Previously deposited layers are partially re-melted and grow preferentially with the

Results and discussion
Microstructure formation
Fig. 1 shows the optical images of the polished and etched surfaces
of the samples S1 and S3. Melt pool boundaries are highlighted by black
lines.
When the lowest speed of 100 mm/s is applied (S1), deep melt pools
form (Fig. 1-a). A decrease in the scan speed causes longer lifetimes of
the melt pool and higher maximum temperatures of the liquid phase,
as the heat input is drastically increased and the heat transfer from the
molten pool requires longer time. This results in larger and deeper melt
pools, which overlap [22]. The dissipation of heat from the melt pool
causes a curved melt pool shape. Melt pools are much deeper than the
layer thickness (30 𝜇m), indicating that most of the already solidiﬁed
materials is re-melted during deposition of the top layers. The high depth
of the melt pools observed at low scan speed might be also ascribed to
the fact that most of the heat of the melt adjacent to the powder is
transferred to the dense, solidiﬁed alloy below, which is characterized
by a higher thermal conductivity than the powder [31].
At a higher speed of 400 mm/s (S3), melt pools become elongated
but shallower and ﬂatter (Fig. 1-b). Because of the lower heat introduced with the increasing speed, heat is quickly dissipated, resulting in
melt pools with reduced dimensions. The bottom of the melt pools is
nearly horizontally oriented because of the high scan speed [32]. With
the lower heat input two diﬀerently oriented melt pool boundaries are
clearly identiﬁed, one created along the cross-section and one normal to
the cross-section, as expected for the 90° scan rotation. The melt pools
are fairly aligned with the melt pools underneath.
According to XRF measurements, important variation in the amount
of Mn in the as-built samples is also observed with the change in the
scan speed. The Mn content in the samples reduces with decreasing scan
speed, presumably due to evaporation (Fig. 1-c). Evidence of Mn evaporation during the process has been already observed in [23] and is
ascribed to the high vapor pressure of this element in the melt [33]. As
a decrease in the scan speed leads to higher maximum temperature of
the liquid phase [22] and results in formation of deeper melt pools with
longer lifetime and pronounced overlapping, the loss in Mn is more pronounced in S1, where an almost 5 wt.% lower amount of Mn (10.7% ±
0.069) is detected compared to S3 (15.3% ± 0.077), and in S2 (13.3%
± 0.074). No signiﬁcant diﬀerences in the amount of the other elements
are observed among the chemical compositions of the samples (Table A
1 in Appendix A).
The EBSD data for the samples fabricated with diﬀerent scan speed
(S1, S2, S3) are compared in Fig. 2.
At low and intermediate scan speed (100 and 250 mm/s), ﬁner
austenite grains (average diameter of 13 and 9 𝜇m, respectively) with a
very weak <111> or <101> preferential orientation along the BD form
(Fig. 2-b,c,e,f). Some regions characterized by more elongated austenite grains with a length of ∼20-30 𝜇m are observed. At the higher scan
speed of 400 mm/s (Fig. 2-h,i), the austenite grains are elongated along
3
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Fig. 2. Electron back scatter diﬀraction (EBSD) maps with phase coloring for the samples fabricated with 100 mm/s (a), 250 mm/s (d) and 400 mm/s (g) scan speed;
EBSD maps with inverse pole ﬁgure (IPF) coloring and IPFs for the samples fabricated with 100 mm/s (b-c), 250 mm/s (e-f) and 400 mm/s (h-i) scan speed;

<001> direction parallel to the maximum heat gradient, i.e. perpendicular to the local curvature of the melt pool boundary. Considering the
nearly horizontally oriented bottom of the melt pools, a strong <001>
texture develops along the BD.
Diﬀerently from S3, a superior volume fraction of the bcc-𝛿 phase is
observed for S1 and S2. Due to the lower amount of the austenite stabilizer Mn in these samples, the formation of bcc-𝛿 as primary phase
is favored compared to the previous sample, increasing the amount
of the ferrite in S1 and S2. This is in line with previous investigations on AM-manufactured and conventionally fabricated CrMnNi steels,
which report increased bcc-𝛿 fractions with increased depletion of Mn
[24,37,38]. The <101> texture of the primary ferrite in sample S1 is ascribed to the curvature at melt pools’ trailing edge and to the so called
side-branching eﬀect [13]. Beside <001>, the generation of <101> texture has been observed upon solidiﬁcation for both fcc and bcc when a
high VED and bi-direction scanning strategy with 90° rotation are applied [13].
The thermal history experienced by the material during LPBF is particularly complex. The layer-wise additive manufacturing induces an intrinsic heat treatment (re-heating) on the already solidiﬁed material during deposition. Previous TEM investigations on a similar alloy fabricated
by LPBF show that this re-heating eﬀect is responsible for a solid-state
phase transformation of the primary bcc-𝛿 to fcc-𝛾 in the bottom layers
[39]. At lower scan speeds (i.e. in samples S1 and S2), a high amount of
heat is transferred to the pre-deposited layers. This reduces the cooling
rate and increases the time for the solid-state bcc-𝛿 → fcc-𝛾 transformation to occur [40]. It can be thus assumed that the primary bcc-𝛿
partially transforms to fcc-𝛾 during deposition.

The TEM results in the previous study have indicated a Kurdjumov
and Sachs (K-S) orientation relationship (OR) between the bcc-𝛿 and
fcc-𝛾 phases when the fcc-𝛾 is transformed from the bcc-𝛿 during the
LPBF process [20]. The 020 reﬂection of the austenite phase partially
oriented around 55° observed from the pole ﬁgure analysis conﬁrms a
solid state transformation in S1, as the fcc-𝛾 phase inherits the texture
from the primary bcc-𝛿 phase following closely the semicoherent K-S
OR with {111}𝛾 // {011}𝛿. The coherent K-S OR is observed for S2,
leading to the weak <101> texture of the austenite grains along the BD
from the <001> oriented ferrite grains [39]. The weak texture of the
fcc-𝛾 phase with 020 reﬂections at 55° as well as along the BD of S1 and
S2 can be ascribed to the fact that austenite can form as both primary
phase and secondary phase from the phase transformation. Indeed, local alterations of the alloy’s chemical composition are caused by distinct
Mn evaporation, precipitation and segregations. According to SEM-EDS
maps (Fig. A 1 in Appendix A) the amount of Mn ranges from 10 wt.%
to 16.7 wt.% in diﬀerent locations of sample S1 because of the distinct
evaporation within the melt pool caused by the complex thermal history
and temperature distribution experienced by the sample. The distribution of the other elements is more homogenous. Some regions slightly
enriched in Si (5.8 wt.%) or Cr (12.4 wt.%) are observed, probably due
to segregation [41]. Varying cooling conditions within the melt pools
are also expected, locally aﬀecting the solidiﬁcation behavior of the alloy.
Based on the variation in texture and grain size between the samples,
it can be stated that the formation of ferrite as primary phase associated with Mn evaporation at low scan speeds and its partial transformation during deposition reﬁne the microstructure and prevent preferen4
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Fig. 3. X-ray diﬀraction (XRD) patterns obtained with the diﬀraction vector parallel to the built direction for the samples fabricated with 100 mm/s (black), 250
mm/s (red) and 400 mm/s (blue) scan speed (a); details of the XRD pattern for the sample fabricated with 100 mm/s scan speed, indicating the presence of precipitates
(green arrows) (b); pole ﬁgures for the 020𝛾 reﬂection of the samples fabricated with diﬀerent scan speed (c);

tial grain orientation of austenite, explaining the duplex microstructure
(∼12% bcc-𝛿) with ﬁne austenite grains and low texture intensity of S1
and S2 samples [24,36]. The retained bcc-𝛿 might be the result of local
compositional diﬀerences and the spatially varying temperature ﬁelds
in the samples. The formation of columnar grains with preferential crystallographic orientation, which normally results in strong anisotropy in
the mechanical properties of LPBF fabricated parts, can be suppressed
by reducing the scan speed. Interestingly, an opposite trend than what
is typically observed during LPBF is found, considering that the use of
lower scan speeds normally results in grain growth and strong texture
along the BD [42].
The pronounced re-heating and reduced cooling rate achieved at low
scan speed also induce the formation of precipitates. In situ precipitation during LPBF has been already observed in diﬀerent alloys, e.g.
maraging steels, nickel-base superalloys and scandium-containing aluminum alloys [43,44]. It is known that precipitation mainly occurs by
re-melting and by intrinsic heat treatment during the deposition of the
top layers. Precipitates might also form during cooling from the liquid
state after deposition, but only for slow cooling rate [43]. The presence
of precipitates might be the reason of hcp-𝜀 martensite formation prior
mechanically loading. Internal stress arises around the particles because
of thermal expansion and lattice mismatch with the matrix [21].

the same alloy but conventionally fabricated by hot forging and heat
treated (solution treatment and aging at 800°C, 2h) [9,21,45]. Fig. 4
shows the stress-strain curves obtained from the compression tests of
the three samples. The highest strength is observed for the S1 sample,
followed by S2 and S3. The stress achieved at 2% strain is deﬁned as
𝜎 2% in Fig. 4-a,b,c. At 2% strain, a stress of 1131 MPa is reached for S1,
which is 376 MPa higher than S3 (𝜎 2% = 755 MPa). An intermediate
value of 873 MPa is measured for S2.
By comparing the stress-strain curves of the samples, it is noticed
that the pseudo-elastic behavior strongly reduces for S1, showing the
lowest 𝜀𝑝𝑠𝑒 , 0.17%, among the three samples. Despite the ﬁnal strain
recovered upon unloading is higher for S1 compared to S3, only 18% of
the recovered strain in S1 is related to the pseudo-elastic behavior of the
material, the rest is related to the linear elastic strain recovery. For the
sample fabricated with the highest scan velocity, S3, an inferior linear
elastic recovery is observed due to the inferior strength of the sample,
but more than 30% of the total recovered strain is pseudo-elastic, with
a 𝜀𝑝𝑠𝑒 of 0.21%.
Fig. 4-d,e,f shows the strain evolution during the thermal cycle. In
the ﬁrst stage, i.e. during heating to 200°C, the samples expand and
tensile strains are recorded. The measured tensile strain arises from the
thermal expansion of the samples and from the strain recovery associated with the SME activated by heating. In the second stage, cooling to
RT, tensile strain reduces due to samples’ thermal contraction. A higher
tensile strain is achieved at 200°C (𝜀𝑟𝑒𝑐,200◦ 𝐶 ) for S3, 0.80%, compared
to S1 and S2 (0.50%, 0.72%), indicating a more pronounced SME for the
former. The total strain recovery after the whole heating-cooling cycle,
i.e. 𝜀𝑟𝑒𝑐,𝑅𝑇 , is more than three times higher for S3 (0.39%) compared to
S1 (0.12%).
The variation in mechanical and shape memory properties observed
for the samples can be ascribed to the diﬀerent generated microstructures. The higher strength and hardness for lower scan speeds of 100
mm/s and 250 mm/s are the result of the larger amount of bcc-𝛿, which

Mechanical and shape memory properties
The distinct microstructures resulting from the application of diﬀerent scan speeds lead to important variation in the samples’ mechanical
and shape memory performance. Table 2 summarizes the main properties measured from compression and hardness tests.
In comparison to the samples S2 and S3, for which hardness values
of 360 and 343 HV, respectively, are measured, an increased hardness is
observed for S1. For the later, a maximum value of 419 HV is achieved,
which is signiﬁcantly higher than the hardness (356 HV) measured for
5
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Table 2
Mechanical and shape memory properties for the samples fabricated with diﬀerent scan speed;

S1
S2
S3

Hardness [HV]

𝜎 2% [MPa]

𝜀𝑝𝑠𝑒 [%]

𝜀𝑒𝑙𝑎𝑠𝑡 [%]

𝜀𝑝𝑠𝑒 ∕𝜀𝑒𝑙𝑎𝑠𝑡 x100 [%]

𝜀𝑟𝑒𝑐,

419 ± 17
360 ± 14
343 ± 12

1131
873
755

0.17
0.25
0.21

0.92
0.97
0.69

18
26
30

0.50
0.72
0.80

200◦ 𝐶

[%]

𝜀𝑟𝑒𝑐,𝑅𝑇 [%]
0.12
0.28
0.39

Fig. 4. Stress-strain curves during compression tests for the samples fabricated with 100 mm/s (a), 250 mm/s (b) and 400 mm/s (c) scan speed and evolution of
strain with heating up to 200°C (H) and cooling (C) to room temperature for the samples fabricated with 100 mm/s (d), 250 mm/s (e) and 400 mm/s (f) scan speed;

is generally harder than austenite [46,47], and of the ﬁner microstructure [48]. The formation of precipitates in S1 also contribute to increase
sample’s hardness and strength [49,50].
The larger amount of ferrite formed at low scan speed also leads to
a decrease in PE and SME. The strain recovery of the alloy is caused
by the reverse transformation of hcp-𝜀 to fcc-𝛾 during unloading and/or
heating. Larger strain recovery indicates a more pronounced martensite formation during deformation, which can then transform back to
austenite. As hcp-𝜀 forms from extension and overlap of stacking faults
(SFs) in the fcc-𝛾 austenite lattice during deformation [51,52], the presence of bcc-𝛿 ferrite reduces the possibility of martensite formation in
S1 and S2 compared to S3. Additionally, the high amount of precipitates in S1 might also negatively aﬀect the shape memory properties by
blocking the movement of Shockley partial dislocations, thus increasing
the critical stress for stress-induced martensite formation [53]. For this
reason, controlled precipitation (in terms of size and density of precipitates) by aging treatment is required for the present alloy to improve
the material’s SME and PE.
A higher amount of martensite is expected to form in S3 as
a consequence of the austenite texture along the LD. Considering that fcc-𝛾 → hcp-𝜀 is a shear transformation with an underlying (111)<112> shear system and that the <001> direction has
a high Schmid factor of 0.47 [2], pronounced martensitic transformation is expected in S3 due to the high amount of {001} grains
preferentially oriented along the LD [54]. Other important factors,
which might have a certain impact on the extent of the martensite transformation are stacking fault energy [55] and transformation temperatures [56], which, in turn, directly depend on the chemical composition. Further investigations will be performed in this
regard.
The present work shows the possibility of microstructure and property manipulation of Fe-Mn-Si-based SMAs oﬀered by LPBF. Adjusting

the VED by simply varying the scan speed leads to signiﬁcant changes
of the microstructure, as well as of the deformation and shape memory behavior of the material. Understanding the fundamentals of the
process-microstructure-property relationships governing the Fe-Mn-Sibased alloys manufactured via LPBF is one step towards the fabrication
of graded materials with site-speciﬁc properties, which can be tuned
according to the intended application. By simply modifying the laser
parameters, distinct microstructure could be integrated in a single component to fabricate graded structures that incorporate diﬀerent properties and multiple functionalities. The control of Mn evaporation and the
change in the thermal history experienced by the sample can be eﬃciently used for this scope. The approach of alloy’s composition control
by changing the scan speed can be extended to other classes of alloys
containing volatile elements, such as Al, N, and Mn [57].
Conclusions
In the present study, the possibility of microstructure and property
manipulation for a Fe-Mn-Si-based SMA by varying the laser scan velocity during LPBF was investigated. The following conclusions can be
made:
1 Important variations in grain size, morphology and orientation, as
well as in phase fraction of bcc-𝛿 and fcc-𝛾 can be induced if the
scan velocity increases from 100 mm/s to 400 mm/s.
2 The reasons of the distinct microstructure are found in the distinct
evaporation of Mn in the samples, which aﬀects the primary solidiﬁcation phase formation from fcc-𝛾 to bcc-𝛿, and in the eﬀect of the
intrinsic heat treatment, which causes the solid-solid phase transformation bcc-𝛿 → fcc-𝛾 during cooling.
3 A clear correlation between the microstructure and the mechanical/shape memory properties is found, indicating the possibility of
property tailoring in 3D parts via processing parameters.
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Table A1
Chemical composition of the as-built samples (S1, S2, S3) measured by X-ray ﬂuorescence spectroscopy (XRF);
Sample
S1
S2
S3

Scan speed (mm/s)
100
250
400

Fe (wt.%)
bal.
bal.
bal.

Mn (wt.%)
10.7
13.3
15.3

Cr (wt.%)
10.4
10.3
10.1

Si (wt.%)
6
5.7
5.5

Ni (wt.%)
4.6
4.4
4.2

V (wt.%)
0.7
0.7
0.7

C (wt.%)
0.2
0.2
0.2
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