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a b s t r a c t 

Physical vapour deposition combined with atomic layer deposition was exploited to design a model sys- 

tem of UFG aluminium with a narrow grain size and shape distribution, including two types of inter- 

faces (Al-Al & Al-Al 2 O 3 ), with Al-Al grain boundary orientations exclusively parallel to the loading axis. 

This enabled isolated study of the strengthening mechanisms that ultrathin oxide layers would provide 

in a metal multilayer structure. The Al/Al 2 O 3 crystalline/amorphous multilayers with 240 nm metal lay- 

ers and oxide thicknesses in the range < 1 nm–12 nm (i.e. to below the natural oxidation thickness), 

were microcompressed, yielding a pseudo-macroscopic yield strength of 532 MPa – over 100 MPa higher 

than the literature-conforming oxide-free reference. The homogenous co-deformation of the structure, 

with barrelling of the individual metal layers at the micropillar edges, results from the high bonding 

strength of the metal with its native oxide, meaning no failure or sliding at the interface, unlike previ- 

ous Al/ceramic multilayer studies. Only the thicker ( ≥5 nm) oxide layers fractured in-plane: at locations 

coincident with vertical Al-Al grain boundaries. An analysis of contributions to the strength of these crys- 

talline/amorphous metal/ceramic hybrid multilayers is carried out, identifying the Al-Al 2 O 3 interface to be 

the crucial factor, rather than the in-plane tensile stiffness and considerable plasticity of ALD Al 2 O 3 itself. 

The strengthening effect of the oxide layer was effective down to a layer thickness of just 0.5 nm. 

© 2022 The Author(s). Published by Elsevier Ltd on behalf of Acta Materialia Inc. 

This is an open access article under the CC BY license ( http://creativecommons.org/licenses/by/4.0/ ) 
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. Introduction 

Nanoscale multilayered thin films consisting of alternating sub- 

ayers of dissimilar materials have attracted extensive attention in 

ecent years due to their unusual electrical [ 1 , 2 ], magnetic [3] , op-

ical [4] , anti-radiation [5–7] , thermal [8–10] and mechanical prop- 

rties [11–20] as compared to their single component counterparts, 

nd are hence very promising for engineering applications. The ex- 

ellent mechanical properties are mainly attributed to the dense 

nterfaces and interfacial structures amongst the dissimilar sublay- 

rs of the multilayers. Several studies have shown that the strength 

f the multilayers can reach up to one third or even half of the 

heoretical strength limit by reducing the individual layer thick- 
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ess h from sub-microns to a few nanometres [ 12 , 21-27 ]. Several

lassical models have been proposed to describe the mechanical 

ehaviour of multilayers as the periodic bilayer thickness is de- 

reased. At large layer thickness ( h > 100 nm), the deformation 

f the multilayers is dominated by the pile up of dislocations at 

rain boundaries or other interfaces, and the deformation follows 

 Hall-Petch scaling law, with the flow strength increasing in pro- 

ortion to 1 / 
√ 

h [12] . When 5 nm < h < 100 nm, the strengthen-

ng mechanism generally follows a confined layer slip (CLS) model 

hereby the glide of Orowan-type loops or hairpin-like disloca- 

ions is bounded by individual layer interfaces [12] . When h is 

ess than 5 nm, the strength and hardness of multilayers reach a 

eak value due to the interface barrier strength (IBS) mechanism 
Pethö) . 
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hich considers a single dislocation cutting across an interface. It 

s worth mentioning that the strength may drop down when the 

islocation core dimension ( ∼1–2 nm) is on the order of the indi- 

idual layer thickness [ 12 , 28 ]. 

Compared with the extent of studies to date on metal-metal 

ultilayers with crystal-crystal interfaces, the number of studies 

egarding the deformation behaviour of metal-ceramic multilayers 

ith crystal-amorphous interfaces are substantially more limited 

29–31] , particularly for cases where the thickness of the crys- 

alline sublayer is much thicker than that of the amorphous sub- 

ayer. Indeed, most commonly for metal-ceramic multilayers stud- 

es, the individual layer thickness exceeds 20 nm; in such cases, 

icrocompression determined that the multilayers deformed by 

xclusive plastic deformation of the soft metal layers (e.g. Al and 

u) with some extrusion at the free surfaces in between the ce- 

amic layers [ 14 , 32 , 33 ]. This is known as impenetrable barrier the-

ry, and has been elucidated in several computational studies [34–

6] . The stiff and brittle ceramic layers undergo initial elastic de- 

ormation, then crack with increasing strain [37] . The high strength 

nd hardness of the metal-ceramic multilayers to date is therefore 

olely the result of constraint imposed by the stiff ceramic lay- 

rs on the plastic deformation of the soft metal layer. However, 

hen individual layer thickness is decreased to a few nanome- 

res, ceramic layers can become flexible and bear severe deforma- 

ion without failing under compression [ 13-15 , 32 , 38-41 ]. A special

ase of this is single layer graphene, whose immense strength and 

tiffness means that when multi-layered with Cu or Ni, it did not 

ndergo plastic shearing but remained elastic [ 42 , 43 ]. Generally, 

he studies on metal-ceramic multilayer mechanics evoked thus far 

ad metal-ceramic thickness ratios of 1:5 to 20:1; in contrast, the 

eformation mechanisms of multilayers is poorly understood when 

he metal/ceramic thickness ratio is from 25:1 to, say, 250:1, as will 

e studied here, i.e. the metal layer is several orders of magnitude 

hicker than the ceramic layers. 

Often, metal-ceramic multilayers are prepared by magnetron 

puttering (a form of physical vapour deposition, PVD) due to ad- 

antages such as almost no limitation in solid targets, the high 

eposition rate and tolerance for high vacuum conditions. How- 

ver, the nucleation and island coalescence processes in the ini- 

ial stage of Volmer-Weber film growth mean it is difficult to 

btain uniform and continuous films below 5 nm thick, hence 

xcluding studies of the mechanical behaviour of many ceram- 

cs as ultrathin layers within multilayers. Single layer graphene- 

etal multilayers are similarly complex to produce, requiring re- 

eated transfers between vacuum deposition and wet chemistry 

teps [43] . Atomic layer deposition (ALD) instead provides us an 

xcellent method to synthesise uniform, dense, continuous, and 

ubstrate conformal thin films, with precise thickness control at 

he Ångström scale due to its sequential and self-limiting sur- 

ace chemical reactions. The combination of PVD and ALD without 

reaking vacuum has only recently been performed [ 44 , 45 ] and is

uccessful in circumventing surface native oxidation of the metallic 

ayers [44] . 

In this paper, Al-Al 2 O 3 multilayers consisting of ALD deposited 

l 2 O 3 sublayers (with nominal thicknesses from 1 to 10 nm) be- 

ween PVD deposited pure Al sublayers (250 nm thick) were fab- 

icated using a hybrid custom-built PVD-ALD deposition system. A 

ure Al thin film of equal total thickness and same lateral grain 

ize prepared by PVD was used for comparison. The mechani- 

al behaviour of the Al-Al 2 O 3 multilayers was investigated by mi- 

ropillar compression tests to assess the performance of ultra- 

hin embedded ceramic nanolayers. The microstructure analyses of 

he Al-Al 2 O 3 multilayers before and after compression were per- 

ormed using Scanning Electron Microscopy (SEM), Transmission 

ikuchi Diffraction (TKD) and Transmission Electron Microscopy 

TEM). 
2 
. Experimental method 

.1. Sample production 

The deposition of the Al-Al 2 O 3 multilayer sample was carried 

ut in a custom-built hybrid PVD-ALD deposition system that al- 

ows subsequent deposition processes to be conducted without 

reaking high vacuum between PVD and ALD chambers. This ad- 

anced technology was achieved by a chamber-in-chamber design 

n the hybrid deposition system, which is an important innova- 

ion as until now the PVD and ALD deposition processes were usu- 

lly conducted in isolated vacuum chambers. This deposition sys- 

em avoids surface native oxidation and the efficiency of multi- 

ayer preparation can be greatly improved. A detailed description 

f the custom-built PVD-ALD deposition system (Mantis Deposi- 

ion Ltd., base model: QPrep500, United Kingdom) is presented in 

ur previous work [44] , along with the process parameters simi- 

arly employed for the current study. It is worth mentioning that 

he vacuum of this hybrid deposition system is always better than 

 × 10 −5 Pa during the entire substrate transfer process between 

he vacuum chambers. 

In this study, two Al-Al 2 O 3 multilayers were fabricated by the 

ybrid PVD-ALD system consisting of eleven pure Al sublayers with 

ominal 250 nm thickness, alternating with ALD sublayers. For the 

rst multilayer film, as in diagram Fig. 1 b, ten ALD Al 2 O 3 sublayers

ith thicknesses increasing from 1 to 10 nm (nominal thickness: 8 

o 80 ALD full cycles) along the thin film growth direction in 1 nm 

ncrements were produced. The pure Al sublayers were deposited 

y direct current (DC) magnetron sputtering in the PVD chamber, 

nd the Al 2 O 3 sublayers were fabricated by alternatively exposing 

 2 O and trimethyl-aluminium (TMA) precursors in the ALD cham- 

er (at 120 °C). In the second multilayer, Fig. 1 d, ALD layers (from

he substrate upwards) were: 8 full ALD cycles (1 nm nominal), 6, 

, 4, 3, 2, 1 cycles, followed by only a half cycle of H 2 O, a half cycle

f TMA, and finally a blank (sample transferred to ALD chamber, no 

eposition performed). 

A 2.7 μm-thick pure Al thin film, Fig. 1 a, was also prepared by 

C magnetron sputtering in the PVD chamber. This Al thin film is 

ctually constituted of 11 pure Al sublayers with the same nomi- 

al thickness of 250 nm. The interval times between each Al sub- 

ayer deposition varied from 0.5 h to 5 h with a 0.5 h increment, 

orresponding to the approximate durations of ALD deposition in 

he Al-Al 2 O 3 (1–10 nm oxide) counterpart sample above. All of the 

amples were deposited on 4-inch single crystal Si < 100 > wafers. 

he details of the deposition parameters of the Al-Al 2 O 3 multilayer 

nd the pure Al thin film was described in [44] . 

Finally, to study the effect of lateral constraint on the mechani- 

al behaviour of the Al-Al 2 O 3 multilayer, an additional 1.2 μm thick 

 layer was DC magnetron sputtered on top of a subsection of the 

l-Al 2 O 3 multilayer sample, Fig. 1 c, at room temperature. Deposi- 

ion conditions were: 6.8 × 10 -3 mbar at 15 sccm Ar flow, follow- 

ng 3 × 10 −8 mbar base pressure, and 120 W at 0.3 A and substrate 

otation at 2 rpm. 

.2. Taper-free square section micropillar fabrication 

Taper free cuboidal micropillars with 2.5 × 2.5 μm 

2 section and 

spect ratio of 2–3 including Si pedestal were fabricated by Ga + 

ocused ion beam (FIB) milling using a Tescan Vela dual beam FIB 

orkstation. A large square crater was milled outside of the pillar 

osition at ion beam conditions of 30 kV, 10 nA. The pillar was 

illed and polished to the target size at successive currents of 1.1, 

.3 and 0.1 nA to minimize ion beam damage. Finally, the taper 

as removed from all sidewalls with a 1.5 ° over-tilt mill at 20 pA. 

he morphology of the taper free pillars of the Al-Al 2 O 3 multilayer 

nd the pure Al thin film are shown in Fig. 1 e-h. 
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Fig. 1. Structure diagrams adapted from [44] of the (a) pure Al columnar-grained reference, (b) Al-Al 2 O 3 multilayer film with ’thick’ oxide layers (1 – 10 nm nominal), (c) 

the same multilayer with W capping layer and (d) Al-Al 2 O 3 multilayer film with ’thin’ oxide layers (0 – 1 nm nominal), along with (e,f,g,h) secondary electron images of 

taper-free square cross-section micropillars Ga + milled from each. 

2

d

Z

fl

p

i

o

p

i

a

d

2

e

s

t

w

J

s

(

s

d

c

a

q

S  

1

b

g

s

c

2

p

o

i

i

p

fl

m

w

l

fi

g

m

m

y

c

e

e

m

a

1  

s

m

t

T

l

3

3

e

1

s

2

A

e

2

l

(

b

e

.3. Micro-compression tests 

Micro-compression tests were performed using an in situ in- 

enter system (Alemnis AG, Switzerland) inside a SEM (DSM 962, 

eiss, Germany) at room temperature. A 5 μm diameter diamond 

at punch (Synton MDP, Switzerland) was used to compress at dis- 

lacement rates of 2.7 × 10 2 to 2.7 × 10 −1 nm s −1 , correspond- 

ng to strain rates of the Al/Al 2 O 3 (1–10 nm) multilayer sample 

f 10 −1 –10 −4 s −1 , before correction for the indenter frame and Si 

edestal-substrate compliance. The yield stress was extracted us- 

ng a 1% strain criterion, in view of the experimental difficulty of 

pplying the conventional macroscopic 0.2% criterion to micropillar 

eformation [46] . 

.4. Characterization 

The morphologies of the pillars were imaged using a cold field 

mission Hitachi S-4800 high resolution scanning electron micro- 

cope (SEM) at 1.5 kV, 10 pA, before and after the compression 

ests. The characterization of the cross-sectional microstructure 

as conducted on a transmission electron microscope (TEM, JEOL 

EM2200fs, Japan) with a 200 kV accelerating voltage. 

For lamella fabrication, pillars were surrounded on the top and 

ide faces of the pillar by a protective e-beam gas injection system 

GIS) deposited 100 nm thick Pt layer in a dual beam FIB work- 

tation (Vela-Tescan), followed by a 2 μm thick ion-beam-assisted 

eposition of Pt. A standard FIB lift-out process on the same ma- 

hine ensued to yield ∼100 nm thick lamellae, as previously [44] . 

Transmission Kikuchi diffraction (TKD) was carried out using 

n Electron Backscattered Diffraction detector and associated ac- 

uisition and analysis softwares (EDAX, USA) within a Mira-Tescan 

EM with a 20 nm step size. SEM beam conditions of 30 kV and

0 nA were used. The samples were tilted at -20 ° to the incident 

eam, at a working distance of 3 mm. Datasets underwent a sin- 

le step nearest-neighbour noise reduction procedure. Lateral grain 

ize was measured using a simple line intercept method without 

orrection factor. 

.5. Finite element simulations 

Finite element simulations of deformation, to assess the im- 

act of the elastoplasticity of the oxide layers on the yield stress 
3 
f the total multilayer, were conducted as quarter-pillar models 

n Abaqus/Standard (Dassault Systèmes, France) with correspond- 

ng mirror boundary conditions about the two orthogonal planes 

arallel to the loading axis. The pillars were compressed by a rigid 

at indenter with a surface friction coefficient of 0.1, which is com- 

on for diamond [47] . The complete 21 layers of the multilayer 

ere modelled (240 nm thick Al layers, 1.2 nm–12 nm thick Al 2 O 3 

ayers), along with the Si pedestal (3 μm high) with 500 nm root 

llet radius and a sufficiently large Si substrate to yield a negli- 

ibly uniform stress state at its base. The aluminium layers were 

odelled as homogenous isotropic media with a 70 GPa Young’s 

odulus and 0.34 Poisson ratio; for all multilayer combinations, 

ielding of Al at both 350 MPa and 200 MPa was evaluated, to 

over the literature range, see Section 4.2 , and without work hard- 

ning in light of the small grain size and the apparent sink prop- 

rties of the Al-Al 2 O 3 interfaces, again, see Section 4.2 . The alu- 

ina layers were modelled with an elastic modulus of 170 GPa, 

s has been measured on ALD Al 2 O 3 membranes at a thickness of 

5 nm by bulge testing [48] , a Poisson ratio of 0.24 [49] and a yield

tress of 4.5 GPa as previously observed for thin amorphous alu- 

ina [41] with work hardening-free plastic flow to at least 8% plas- 

ic strain. The element thickness in the alumina layers was 0.6 nm. 

he room temperature anisotropic elasticity of (100) Si was simi- 

arly included, using values from [50] . 

. Results 

.1. Microstructures of as-deposited multilayers 

The cross-sectional TEM and TKD images of Al-Al 2 O 3 multilay- 

rs and pure Al thin film are shown in Fig. 2 . The Al-Al 2 O 3 (1–

0 nm) multilayer fabricated using the hybrid PVD-ALD deposition 

ystem consists of eleven PVD prepared Al sublayers (averaging 

40 nm thick, from TEM imaging) and ten ALD-prepared ultrathin 

l 2 O 3 sublayers. The actual thicknesses of the individual oxide lay- 

rs was reported previously [44] from high resolution TEM as ∼1.2, 

.4, 3.6 … 12.0 nm (i.e. ∼20% thicker than the nominal). High reso- 

ution analysis of the Al-Al 2 O 3 multilayer with thinner oxide layers 

1 nm, and below) will be the topic of a further publication, to 

etter understand the structure of these sub-nanometre oxide lay- 

rs, along with the considerable thermal stability of the present 
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Fig. 2. (a,d,g) Cross-sectional bright field scanning TEM (BF-STEM) of the pure Al reference film and Al-Al 2 O 3 multilayers, respectively, along with (b,e,h) transmission Kikuchi 

diffraction (TKD) maps of the Al grains in inverse pole figure colouring relative to the vertical (film normal) axis. High angle boundaries ( > 15 °) are indicated by black lines, 

whilst low angle boundaries (5 – 15 °) are in red. Texture of the as-deposited films relative to the film normal (pillar loading axis) is related by inverse pole figures in (c,f,i); 

a relatively weak texture of the pure Al reference is centred on approximately 331. The 1 – 10 nm thick oxide Al-Al 2 O 3 multilayer’s texture is again spread over a large range 

of orientations, with a median closer to 111. The 0 – 1 nm thick oxide Al-Al 2 O 3 multilayer is also spread, with several local maxima in the 211 – 110 range. Texture was 

measured by TKD from a minimum of 50 grains (considerably more, shorter grains for the Al/Al 2 O 3 conditions) with 5 ° discrete binning. Part reproduced with permission 

from [44] . 
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l-Al 2 O 3 multilayers. Indeed, one may observe in Fig. 2 g,h that 

ven the thinnest amorphous Al 2 O 3 sublayer (and the H 2 O half 

ycle, but not the TMA half cycle or blank cycle) was sufficient 

o interrupt the columnar grain growth of each Al sublayer and 

eplicated its surface roughness, stemming from the competitive 

olumnar grain growth between adjacent Al grains. In contrast, the 

.7 μm thick pure Al thin film deposited with ten differing pauses 

resents a continuous growth mode of columnar grains normal to 

he Si substrate, such that many of the Al columnar grains stretch 

he entire film thickness. 

The cross-sectional TKD patterns of multilayers sample confirm 

hat the Al sublayers were isolated by the ultrathin Al 2 O 3 sublay- 

rs, with nucleation anew of the metal grains at each layer. The 

l sublayers presented a nanocolumnar grain structure where the 

olumnar height is always equal to the layer thickness, and there- 

ore the grain size is homogeneous, with a narrow distribution of 

he lateral grain size across all layers, averaging at 186 ±15 nm for 

he thicker oxide multilayer, and 171 ±11 nm for the thinner ox- 

de one. The grain boundaries (GBs) within Al sublayers are mainly 

arallel to the thin film growth direction. TKD analysis of GBs indi- 

ates that most (93%) of the GBs amongst Al grains are high angle 

Bs. For the pure Al reference thin film, TKD identifies the colum- 

ar Al grains, most over 2 μm in height. Competitive growth at 
4 
he base of the film results in an increasing lateral grain size with 

lm thickness; measured at three equispaced positions along the 

lm thickness, the lateral size averages at 220 nm, though it is 

60 nm at the top of the film. Again substantial lateral homogene- 

ty in grain size is noted. The slight tilt of the columnar grains 

 ∼7 °), all in a same direction, results from deposition using a single 

agnetron without substrate rotation. Texture relative to the film 

ormal in all three samples was not strong, Fig. 2 c,f,i, being spread 

ver a wide range of orientations mainly between 111 and 110: the 

ode texture of the pure Al reference is approximately 331, whilst 

hat of the Al/Al 2 O 3 (1–10 nm) multilayer is 111. 

.2. Microcompression 

.2.1. Pure Al reference 

SEM images of compressed reference pure Al micropillars are 

iven in Fig. 3 a,c. After compression to low, 8%, strain, Fig. 3 a,

light barrelling of the pillar is seen as a deflection of the sidewalls 

f the Al relative to the sides of the Si pedestal. Plastic deforma- 

ion of the Al film is achieved without obvious shearing of the en- 

ire Al film, or the appearance of slip bands on individual colum- 

ar grains. Relative to the top surface of the undeformed pillars, 

ig. 1 e, it is obvious that a considerable amount of the initial defor- 
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Fig. 3. Secondary electron SEM images of the morphology of the compressed pillars 

at 10 -3 s -1 to (a,b,e,f) 5 – 8% strain and (c,d,g,h) 15 – 18% strain for (a,c) the pure Al 

reference film, (b,d) the Al/Al 2 O 3 multilayer with 0 – 1 nm oxide layer thicknesses, 

(e,g) the Al/Al 2 O 3 multilayer with 1 – 10 nm nominal oxide layer thicknesses, and 

(f,h) the latter multilayer with a W cap. Surface plasticity features of slip steps or 

grain boundary sliding are arrowed in white. 
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5 
ation is focused in the flattening of the surface roughness, which 

erves to explain the particularly low loading modulus values mea- 

ured in microcompression (10.3 ± 0.2 GPa, see later). Upon in- 

reased straining to 18%, Fig. 3 c, plastic deformation is evidenced 

t the pillar surface by slip steps in the individual grains, as well 

s grain boundary sliding of entire columnar grains relative to their 

eighbours, leading to surface protrusions. Lateral deviation off the 

dge of the Si pedestal by the lower left section of the Al layer in

ig. 3 c, near the Si-Al interface, indicates a deformation instability 

t high strain, with the direction likely determined by the tilt angle 

f the columnar grains. It is thought that this phenomenon does 

ot affect the yielding behaviour of the pure Al reference film as it 

nly occurs at higher strains. The lateral collapse of the lower por- 

ion of the layer erases any previous evidence of initial barrelling. 

mportant to consider relative to the taper-free machining of the 

resent pillars, is that there is neither a “mushroom effect” [ 15 , 51 ]

t the top of the pillar (normally caused by stress concentration in 

 tapered pillar), nor inhomogenous barrelling resulting from fric- 

ion of the top of a tapered pillar with the diamond punch, much 

s Singh et al. reported in simulations of taper-free Al pillars [33] . 

Further analysis of an electron-transparent lamella of the 18% 

trained pillar in Fig. 3 c by TEM and TKD, as shown in Fig. 4 ,

ndicates that, for the most part, the high angle grain boundary- 

eparated, columnar Al grains remain. A larger lateral grain size 

n the upper region following compression, now 360 nm, which is 

eyond that required to maintain volume in plasticity, may indi- 

ate stress-induced grain boundary migration. An orientation de- 

endence of the grain coarsening was not investigated by TKD due 

o the limited number of specimens, not allowing for a solid sta- 

istical analysis. The tilt of the whole Al layer is suggestive of grain 

oundary sliding between the columns, however there is no fur- 

her direct evidence for this in post-mortem transmission imag- 

ng of the mid-section. It is apparent that from the morphology of 

he lower left of the Al layer, that interface debonding and slid- 

ng has not occurred at the Al/Si interface: rather, highly localised 

training by lateral extrusion of Al. In this region, TEM imaging in- 

icates a particularly high dislocation density, above that initially 

resent from film growth, arranged in pile-up formation towards 

he grain boundaries – demonstrating the effectiveness of the high 

ngle columnar grain boundaries in resisting dislocation transmis- 

ion to neighbouring grains. Further, the overall fraction of high 

ngle GBs was found to decrease, from 88% to 64%, whilst the lo- 

al grain size in the region Fig. 4 c is substantially smaller than the 

illar average, and more equiaxed. This evidence points towards 

oom temperature dynamic recovery (increase of low angle bound- 

ry fraction) and limited recrystallization at the high local strains 

f this compression instability, which is well-reported for pure Al 

52] . 

.2.2. Al-Al 2 O 3 (1–10 nm) multilayer 

Images of the compressed Al-Al 2 O 3 (1–10 nm) multilayer pil- 

ars are in Fig. 3 e,g. At both the lower (7%) and higher (16%) strain

evels reported in the figure, pillar deformation was homogeneous, 

ith minor barrelling, and no shear band formation or substantial 

xtrusion of the Al layers. Slip steps in the Al layers are observed 

n the side surfaces of the pillars, whilst some bulging of the indi- 

idual layers is apparent along the vertical layers – this is clearer 

n the TEM lamella below. It should be noted that initial stages of 

his study employed tapered cylindrical pillars by normal incidence 

f the Ga + beam on the multilayer surface. The combined pillar 

aper and strain softening (see Section 3.2.3 ) of the multilayer led 

o a mushroom-shaped deformation morphology, illustrated in the 

upplementary Material Fig. 1; this geometry is not effective to 

easure the mechanical behaviour of the individual oxide layers 

s a function of thickness. Using the taper-free pillars, Fig. 3 , ev- 

ry Al layer is seen to contribute more equally to the total plastic 
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Fig. 4. (a) TKD and (b) BF-STEM images of a thin film extracted from the mid-depth of the pure Al reference pillar in Fig. 3 c. In the details (c,d), the refined microstructure 

of the high plasticity region at the pillar base is highlighted, along with the numerous dislocation pile-up features. For TKD maps, the same IPF colour scheme, relative to 

the loading axis, is employed as in Fig. 2 . High angle boundaries ( > 15 °) are indicated by black lines. 
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train. Again, no detachment was observed at the interface with 

he Si pedestal. When a W capping layer was included, Fig. 3 f,h, to

aterally constrain the upper surface of the multilayer pillars, the 

verall barrelling of the pillar at the mid-height Al layers relative 

o the upper one was, as expected, more substantial. 

Again, TEM imaging and TKD measurements were undertaken, 

ig. 5 . Imaging confirms that no shearing or kinking across the 

ayers occurs, even at the highest strains here: the structure af- 

er deformation retains the initial layer arrangement, with all Al 

nd Al 2 O 3 layers clearly distinguished: deformation remains ho- 

ogeneous. No Al grain growth across the oxide layers was found, 

owever the aspect ratio of grains does change. Indeed, the lateral 

rain size from TKD measurement, Fig. 5 c,d, found the grain size 

istribution to evolve from being centred on 220 nm at 5% strain, 

o 240 nm at 15%. Again the high majority of high angle grain 

oundaries remains unchanged upon compression and the grains 

emain crystallographically distinct between the layers. 

At the sides of the pillar, the Al layers are seen to individually 

ow outwards, see detail Fig. 5 e, but without extrusion of the Al 

ast the oxide along the full height of each layer. Indeed, the mor- 

hology indicates that no debonding occurs between Al and Al 2 O 3 

ublayers up to the highest strain levels tested here, for all Al 2 O 3 

hicknesses. Assuming pure plastic deformation of the Al layers, 

nd hence conservation of volume for Al, the Al O would be sub- 
2 3 

6 
ected to a maximum in-plane biaxial tensile strain of 2.6% and 

.5%, at 5% and 15% overall compressive strain, respectively. The 

owing of each Al layer at the pillar sides suggests that the oxide 

ayers resist such in-plane strain, restricting the lateral straining of 

he bonded Al (a non-zero lateral tensile straining of Al 2 O 3 must 

till occur to accommodate the barrelling of the pillar as a whole). 

evertheless, at 15% compressive strain, the in-plane tensile strain 

f the oxide layers is sufficient to cause their fracture; indeed mea- 

urement of lateral strain of the pillar from post-mortem TEM, 

ig. 5 b, finds this to vary between ∼0% (i.e. at the Al-Si pedestal

nterface) and 10.5% tensile strain at the multilayer mid-height, 

here barrelling is greatest, hence locally exceeding the 8.5% ex- 

ected from homogeneous, constraint-free deformation. Such frac- 

ure was observed in all Al 2 O 3 layers above and including 5 nm 

hick (nominal), particularly at locations where vertical Al GBs in- 

ersect the Al-Al 2 O 3 interphase, Fig. 5 g. From the TEM images, one 

annot rule out that grain boundary sliding be operative, but the 

rain geometries at the several strain steps indicate that GB sliding 

annot be mediating most of the plasticity: the Al-Al GBs remain 

ear-vertical throughout, and the large majority high angle charac- 

er remains unchanged. In no case were dislocation lines seen to 

xtend across the oxide layers; in Fig. 5 h, one observes several dis- 

ocations with a single end coincident with the interphase – pos- 

ibly pinned there. In fact, the thin-lamella samples of both the 5 
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Fig. 5. (a,b) BF-STEM images and (c,d) TKD maps of thin film samples of the Al/Al 2 O 3 (1 – 10 nm) multilayer with W cap, at 5 and 15% strain, respectively, again from 

the mid-depth of the pillars, as in Fig. 4 . The histograms describe the spread of circular-fit grain diameters at each strain condition. For TKD maps, the same IPF colour 

scheme, relative to the loading axis, is employed as in Fig. 2 . High angle boundaries ( > 15 °) are indicated by black lines, low angle (5 – 15 °) by red lines. (e – h) Higher 

magnification details of (b), indicating (e,f) bulging of the Al layers at the pillar surface and a low or null dislocation density after unloading in approximately half the grains. 

In (g) the failure (arrowed in red) of the 5 nm (nominal) oxide layer occurs coincident with a vertical Al-Al grain boundary. (h) describes dislocations (arrowed in yellow) in 

the proximity of the oxide layer: one end of the dislocation arm lies at the oxide-metal interface, potentially pinned there. 

7 
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Fig. 6. An illustrative selection of engineering stress-strain curves of the pure Al 

reference and Al/Al 2 O 3 multilayer micropillars, with and without the W cap, cor- 

responding to the pillars in Fig. 3 . Multiple tones of colour represent the range of 

stress-strain behaviour observed for that condition. 
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Fig. 7. Yield stress of the micropillars at 1% strain as a function of strain rate for the 

four material conditions studied here. The hollow circle indicates the data point was 

not used in the determination of the strain rate sensitivity coefficient, m ; the blue 

trendline is this logarithmic fit. The number, N , of repeats of each loading condition 

are indicated alongside the average values; error bars correspond to the standard 

deviations of these repeated measurements. 
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nd 15% compressed multilayer pillars indicate a – maybe surpris- 

ngly – low dislocation density, despite the use of bright field STEM 

maging, normally conducive to efficient contrast for a breadth of 

islocation orientations and types. The majority of the grains ap- 

ear to be entirely dislocation-free after unloading. 

.2.3. Al-Al 2 O 3 (0–1 nm) multilayer 

A considerable lateral bulging of exclusively the upper half of 

he Al-Al 2 O 3 (0–1 nm) multilayer pillar is observed in Fig. 3 b,d. 

his is particularly illustrative of the apparent strength benefit of 

he presence of the oxide layers, which appears in Fig. 3 d to be

ffective above an oxide layer thickness of approximately 4 ALD 

ycles ( ∼0.5 nm, arrowed in red in Fig. 3 ), limiting plasticity of the

illar through a reduced lateral expansion. 

.2.4. Yield strength at 10 −3 s −1 

The four material conditions investigated were: the 2.7 μm 

hick pure Al reference film and the two Al-Al 2 O 3 multilayer sys- 

ems characterised in Section 3.1 , as well as a version of the Al-

l 2 O 3 (1–10 nm) multilayer, produced in the exact same deposi- 

ion run as the former, but where an additional 1.2 μm thick W 

apping layer was added to impose equivalent lateral constraint 

n the top surface of the pillar as already achieved at the multi- 

ayer base by the sufficiently strong bond to the Si pedestal. Gener- 

lly, at least five pillars were successfully compressed and analysed 

er material condition; Fig. 6 reports the loading curves, to sev- 

ral differing maximum strains per condition, demonstrating the 

ood repeatability of the microcompression. The measured Young’s 

oduli of the pure Al or Al-Al 2 O 3 (1–10 nm) multilayer alone 

e.g. after correction for loading frame compliance and elasticity 

f the Si pedestal and substrate) upon loading were low – aver- 

ging at 10.3 GPa for pure Al and 14.1 GPa for the Al-Al 2 O 3 mul-

ilayer – but substantially higher for the multilayer with W cap- 

ing layer: 46.5 GPa. This is a common feature of microcompres- 

ion, and thought to result here from differences in surface rough- 

ess between the Al (higher roughness) and W layers (lower), as 

escribed and illustrated further in Sections 3.2.1 & 3.2.2 . This is 

onfirmed by consideration of the unloading moduli, which are 

6.1 GPa, 129.2 GPa and 127.4 GPa respectively, i.e. much closer 

o the 70 GPa Young’s modulus of bulk Al for the pure Al pillars

ollowing plastic densification of the upper regions of the films. 
8

More interesting for the present study is the yield strength: 

25 MPa for the Al reference film, increasing to 532 MPa with sim- 

le addition of the 1–10 nm thick Al 2 O 3 ALD layers (average peak 

trength: 591 MPa), and further 624 MPa with the constraint of 

he W layer; the (0–1 nm) multilayer lies between pure Al and 

he thicker oxide multilayer, at 498 MPa. The data spread, sum- 

arised as standard deviations of measurement, are given in the 

ummary graph, Fig. 7 . In all cases, the loading curves are smooth 

that is to say sudden load drops rarely occur, as are otherwise 

ommon for slip and twin operation during microcompression of 

ingle and oligo-crystals [ 46 , 53 ]. Whilst the Al reference displays 

n essentially null work hardening, the Al-Al 2 O 3 (1–10 nm) multi- 

ayer with or without W cap has a stress peak shortly beyond the 

ield stress ( ∼50–70 MPa above; a specific strain range under load 

s inconvenient to report for the peak stress occurrence, due to the 

ow loading modulus in certain material conditions), followed by 

train softening to a plateau at ∼570 MPa in both cases – hence 

emaining well over 100 MPa above that of the pure Al reference 

 ∼440 MPa). 

.2.5. Strain rate sensitivity and activation volume 

By performing microcompression tests on the double- 

onstrained (W upper, Si lower) multilayer (1–10 nm oxide) 

amples at four log 10 -equispaced strain rates in the range ∼10 −4 –

10 −1 s −1 , the strain rate sensitivity, m : 

 = 

∂ lnσy 

∂ ln ̇ ε 
(1) 

f the deformation could be extracted from the variations in the 

ield stress σ y ( σ 1.0 used here) and strain rate ˙ ε . One may note, 

ig. 7 , an anomalous yielding behaviour – i.e. above 10 −2 s −1 , the 

ield stress is seen to decrease by over 100 MPa relative to that at 

0 −2 s −1 ; the room temperature value for m of 0.082 was hence 

aken from the linear fit in the range 10 −4 – 10 −2 s −1 . The yield

tress-strain rate data can further be used to extract the apparent 

ctivation volume V app , which along with m determines an effec- 

ive kinetic signature of the rate-controlling deformation mecha- 
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ism [ 54 , 55 ]: 

 app = 

√ 

3 k B T 

(
dln ̇ ε 

dσy 

)
(2) 

here k B and T are the Boltzmann constant and temperature, re- 

pectively. Hence V app was calculated here to be 6 b 3 , where b is

he Burgers vector of a perfect dislocation in aluminium, 2.864 Å. 

. Discussion 

We start with a qualitative overview of the deformation mor- 

hology of the thin film samples, looking for clues for the active 

nd controlling mechanisms, followed by a more in-depth quanti- 

ative analysis of specific mechanisms. 

.1. Deformation behaviour 

The deformation characteristics of the pure Al reference sample 

ere are broadly coherent with literature: on Ga + -milled 7 μm di- 

meter micropillars of pure Al with equiaxed 700 nm grains, Xiao 

t al. [56] measured a yield of 320 MPa at 10 -3 s -1 ; this is anal-

sed further in the next section. Li et al. [57] similarly found lateral 

rain coarsening of their nanocolumnar Al-based grains in the up- 

er half of the pillar in this microstructural orientation. If instead 

hey compressed normal to the long axis of the grains, the strength 

ecreased 20%, and deformation was characterised by intergranular 

hearing along ∼45 ° planes and eventual fracture along this path 

57] . The ∼7 ° tilt of the columns here also leads to some GB slid-

ng character. One disparity of the present 220 nm pure Al rela- 

ive to larger equiaxed grained nanocrystalline ( ≥ 700 nm diameter 

 56 , 58 ]) or microcrystalline Al is in the work hardening behaviour,

hich normally leads to a continuously increasing flow stress until 

ample failure. Instead, here, as in other nanocolumnar grain stud- 

es ( ≤ 450 nm [59] ), there is no work hardening: the engineering 

tress is constant until over 20% compressive strain – our selected 

oading limit. 

Relative to established deformation modes [16] , the behaviour 

f the Al-Al 2 O 3 (1 – 10 nm) multilayer pillars may be described 

est as a combination of homogeneous co-deformation (barrelling 

f the full 2.7 μm thick stack) and individual metal layer barrelling 

bulging of the Al layers at the pillar edge). This kind of deforma- 

ion behaviour is different from that in other metal-ceramic mul- 

ilayers investigated (e.g. Al-SiC multilayers [ 32 , 33 ], Cu-graphene 

43] ), where for 50 – 200 nm metal layers, the metal is extruded 

rom the lateral micropillar surface during compression, with com- 

lete loss of nearest-neighbour volumes across the metal-ceramic 

nterface (apparent sliding). This important difference is a result 

f the high bonding strength of the Al-Al 2 O 3 interface, where the 

ork of separation is up to 9.7 J m 

−2 for Al/Al 2 O 3 depending 

n exact interface stoichiometry [60] – noting an oxygen over- 

toichiometry in ALD (amorphous) a-Al 2 O 3 deposited at 120 °C 

O:Al is 1.59:1 (at.) and H content is 10.1 at.% for a density of 

.0 g cm 

−3 in [61] ). This compares to only 1.52 J m 

−2 for Al/TiN

62] , 4.74 J m 

−2 for Al/SiC [63] , and ∼3.9 J m 

−2 for analogous

ystem Ti/TiO 2 [64] ; as experimental or simulation data is lack- 

ng for amorphous oxides on crystalline metal, we state an equally 

eighted average of separation energies across reported crystalline 

xide structures and orientations. This interface is achieved here 

ith low impurity concentration by PVD-ALD deposition without 

reaking vacuum, and this despite waviness of the metal layers re- 

ulting from competitive grain growth: the conformity of ALD is 

n asset here. Recently, it has been reported that sub-10 nm ce- 

amic interlayers can undergo extensive deformation [ 37 , 65 ]; in 

articular, amorphous Al 2 O 3 produced by pulsed laser deposition 

41] may yield at 4.5 GPa followed by tensile flow to 8% plas- 

ic strain (i.e. 15% total strain). This plasticity is a second fac- 
9 
or that enables the co-operative deformation of the Al-Al 2 O 3 bi- 

ary, where 50 nm SiC or graphene layers would otherwise remain 

urely elastic, followed by eventual brittle fracture in the case of 

iC [37] and TiN [40] . Indeed, in the present study, oxide thick- 

esses below 5 nm did not fracture, even where the in-plane bi- 

xial tensile strain could reach up to 10.5%. It is a notable finding 

hat in none of the oxide thicknesses studied here did plasticity 

f the amorphous layer occur by shear localisation, based on TEM 

bservations of the geometries of deformed layers: no abrupt ver- 

ical displacements of the a-Al 2 O 3 layers were found. Where the 

xide layers were thicker than 5 nm and did eventually fracture, 

he coincidence with Al-Al vertical GBs suggests that incompatibil- 

ties between the Al grains, either due to differentially orientated 

lastic stiffness anisotropies, or poor slip transmission at the GB, is 

he cause for local stress concentration and hence oxide failure. 

The arrangement of dislocations in the multilayer pillars after 

eformation is worth consideration: although the grains size is 

bove the minimum necessary for Taylor hardening to be active 

12] , most grains appear dislocation-free after unloading. Further- 

ore, of the few that remain, several appear to be end-pinning at 

he metal-oxide interface. This suggests the metal-oxide interface 

ay act as a dislocation sink, discussed further in Section 4.2.3 , 

nd that unlike the Al reference where dislocation pile-ups are im- 

ged, Taylor hardening may be repressed in the multilayer sample 

y the low dislocation density. This importance of the metal-oxide 

nterface is reinforced by the observation of the effectiveness of the 

xide layer down to a thickness of just ∼0.5 nm. The absence of 

ny dislocation pile-up and emission features across the oxide lay- 

rs in post-mortem TEM also indicates a certain degree of indepen- 

ence of deformation of the Al layers, at least relative to common 

rystal-crystal strain transmission mechanisms. As in many pre- 

ious ultra-fine grained (UFG) Al studies, the predominance here 

f high angle boundaries should further increase strength through 

lastic incompatibility between neighbouring grains. Altogether, 

hese lead to a 107 MPa strength increase relative to the pure Al 

eference, solely achieved by including the 1.2 – 12 nm thick ox- 

de layers, i.e. without any reduction in the lateral grain size, and 

ven an apparent loss of Taylor hardening. To better understand 

he source of this strength increase, the individual contributions to 

trength will be assessed in the following sections. 

A final point to note in the deformation behaviour of the Al- 

l 2 O 3 (1 – 10 nm) multilayer sample is the large, 124 MPa, de- 

rease in yield stress between strain rates of 10 −2 and 10 −1 s −1 . 

his may relate to a rate-limited deformation process, which is 

uppressed at 10 −1 s −1 , such as the formation of long-distance 

hear bands as in some nanolayered crystalline films and metallic 

lasses [ 66 , 67 ] – however shear band formation is notably absent 

t all strain rates here. In this strain rate range, no mechanistic 

ransition is expected for nanocrystalline or UFG Al [68] . For the 

xides layers, the fracture of alumina, and many other ceramics, is 

elatively strain-rate independent at quasi-static rates (see [69] in 

he range 10 −4 – 10 0 s −1 ). The source of this strain rate anomaly 

s therefore unclear: it could relate to the specific processes oc- 

urring at the metal-oxide interface, discussed further in section 

.3.3; testing to higher strain rates is required for further charac- 

erisation. 

.2. Strengthening 

First, we consider strength levels expected from conventional 

etallurgical strengthening, followed by that achieved with the ad- 

ition of impenetrable barrier theory, or by alternative crystalline- 

morphous metal-oxide dissimilar interface mechanisms. Further 

omment on the extrinsic geometric constraint by the W capping 

ayer and the aspect ratio of the pillar is given in the Supplemen- 

ary Material. 
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Fig. 8. Yield stress of pure annealed aluminium at 10 −3 s −1 against inverse square 

root grain size [ 56 , 58 , 79 , 108-110 ]. Lines are linear fits to the literature data indi- 

cated; the ECAP micropillars trendline is extrapolated. PVD data [89] is from the 

as-deposited condition (i.e. not annealed, unlike other processing). ’Conventional’ 

refers to macroscopic mechanical testing. ’MP’ refers to data from Ga + FIB-milled 

micropillars. Other acronyms are defined in the main text. Data from nanoindenta- 

tion [89] is converted to a yield stress according to σ Y = H / 3. For multilayer sys- 

tems, the corrected grain size is employed, converted from metal layer thicknesses 

to an effective (111) plane length, considering the 111 texture, as in Section 4.2 : 

d corr = 1.22 t Al for [89] . Only the Al/Al 2 O 3 multilayer with nominal oxide layer thick- 

nesses 1 – 10 nm is plotted. 

Fig. 9. Schematic of the metal columnar diameter, d col (respect. metal layer thick- 

ness, t Al ), correction procedure to calculate the effective equiaxed grain size, d corr , 

for the columnar grained model system studied here. 
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.2.1. Conventional mechanisms in metallurgy 

For a generalised metallic system, the yield strength, σ Y , may 

e expressed as: 

Y = 

[
σ i 

0 + σ i 
HP + σ i 

Tay + σ i 
SSS + σ i 

Oro + σ i 
twin + σ i 

coh + σ i 
ord 

]1 

/ i (3) 

here σ 0 , σ HP , σ Tay , σ SSS , σ Oro , σ twin , σ coh , and σ ord are contri- 

utions from the intrinsic lattice friction, grain boundaries (Hall- 

etch), dislocation networks (Taylor hardening), elements in solid 

olution, oxide or precipitate dispersion (Orowan bowing), twins 

similar to Hall-Petch), coherency (lattice misfit between phases 

ith compatible structures for dislocation transmission) and pre- 

ipitate superlattices (order strengthening), respectively. The expo- 

ent i is commonly assumed to be 1, but values anywhere be- 

ween 1 and 2 have been identified previously [70–72] , as several 

trengthening mechanisms are not fully independent of each other, 

nd ranges of particle sizes may exist in a matrix [71] , for example.

ence in the present analysis, the extrema values for σ Y at i = 1 

nd i = 2 will be evaluated. The grain size, d , above 200 nm in

oth sample types studied here is within the scope of Hall-Petch 

caling law: the confined layer slip (CLS) model is generally re- 

orted to only contribute significantly at d below ∼50 – 100 nm 

12] . This is confirmed by the observation here by post-mortem 

EM of dislocation pile-up features in the pure Al sample, Fig. 4 d. 

For the columnar-grained pure Al reference sample, several 

erms in (3) are null: the impurity concentration of the sputtered 

etal is low (e.g. Ar < 0.02 at.% [73] ), such that σ SSS is presum-

bly negligible, TKD indicates no twin population, annulling σ twin , 

hilst no second phase exists, eliminating σ Oro , σ coh , and σ ord . 

he terms σ HP and σ Tay may be expressed as [74–76] : 

HP = kd −1 / 2 (4) 

Tay = MαGb 
√ 

ρ (5) 

here k is the Hall-Petch coefficient, M is the Taylor factor ( M = 3

or randomly orientated face-centred cubic polycrystal – used 

ere), G is the shear modulus ( ∼26 GPa for Al), b is the Burgers

ector (0.2864 nm), α is a constant (0.24) and ρ is the dislocation 

ensity. Literature is rich with mechanical data on microscopic and 

ltra-fine grained (UFG: diameter ∼5 μm – 100 nm) aluminium 

 76 , 77 ]. Commonly σ x is plotted against d −1/2 , where x is the ap-

lied plastic strain, such that the slope k may be evaluated (as- 

uming linearity, i = 1) at successive strain values; variable values 

78] of k on x , i.e. k x , highlight the interplay, in reality, between 

rain-size and Taylor hardening. Explicitly: 

x = 

[ 
σ i 

0 + 

(
k x d 

−1 / 2 
)i + ( MαGb 

√ 

ρx ) 
i 
] 1 

/ i 
(6) 

Several studies report σ 0 ∼ 10 MPa [79] . From the data in 

ig. 8 for σ 0.2 (’yield stress’, at 0.2% strain) of macroscopic an- 

ealed test specimens, a transition in k is identified at d ∼10 μm, 

otentially related to the transition from a core-shell Hall-Petch 

odel [ 80 , 81 ] to a monolithic one; σ 0.2 of annealed samples be-

ng used, it may be assumed the Taylor component is negligible 

here ( ρ0 < 4.0 × 10 12 m 

−2 at 0.2% strain [82] , so σ Tay < 11 MPa).

ence in the grain size range of the present study, k 0.2 ∼ 133 MPa 

m 

1/2 . Additionally reported in Fig. 8 are annealed Ga + milled mi- 

ropillars [ 56 , 58 ]. The equal channel angular pressed (ECAP) sam- 

les display a similar k to the macroscopic samples, yet retain a 

tress offset of ∼30 MPa ( �MP in Fig. 8 ); this is likely caused by

he micropillar loading geometry, whereby the low lateral compli- 

nce of the pillar base leads to a heightened yield stress – see 

iscussion in 4.3.1. The σ 0.2 of the 700 nm high pressure torsion 

HPT) sample [56] lies substantially above the rest: the authors re- 

ort issues with microstructure analysis which may indicate a bi- 
10 
odal grain size distribution, and a high density of additional non- 

quilibrium sub-grain boundaries, with potentially even nanocrys- 

alline ( < 100 nm diameter) grains separating the 700 nm ones. 

For the model films of the present study, one may con- 

ider a correction factor allowing conversion of the lateral colum- 

ar grain width, d col , into a Hall-Petch-appropriate dislocation- 

erceived length, d corr (on (111) planes, in the [110] direction, see 

ig. 9 ), equivalent to the diameter of equiaxed UFG grains for ease 

f comparison. This is dependant on the out-of-plane texture: e.g. 

or an exact 101 orientation, this would be d corr = 2 / 
√ 

3 d col , whilst

or 111 (mode of Al/Al 2 O 3 here) it is d corr = 

√ 

3 d col ; for 331 this

s estimated at d corr ≈ 1 . 35 d col by interpolation. The data point for 

he Ga + milled micropillar Al reference sample ( d corr = 297 nm: 

ode orientation ∼331) of the present study lies ∼120 MPa above 

he annealed ECAP line ( �PVD in Fig. 8 ), which is indeed consis- 

ent with the higher dislocation (and point defect) density of as- 

putter deposited films: ρ0 ∼ 4.0 × 10 14 m 

-2 [83] , such that σ Tay ∼
07 MPa. Hence Eq. 6 predicts a strength between 361 MPa ( i = 1)

nd 267 MPa ( i = 2): the upper bound is close to the 425 MPa
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easured here if the further ∼30 MPa supplement of the micropil- 

ar geometry observed previously for this material [ 56 , 58 ] is con-

idered. 

In another study [59] on nanocolumnar sputter deposited Al, 

he measured yield stress for 450 nm diameter columnar Al was 

nly ∼200 MPa. However, the pillar diameter used was 1 μm; 

herefore, unlike the present and the above study of Wheeler et al., 

he criterion of the pillar diameter being at least ten times larger 

han that of the average grain is not achieved. Hence in such oligo- 

rystal pillars, the effect of lateral constraint of neighbouring grains 

i.e. a constituent of Hall-Petch strengthening) is not consistently 

aintained: in many cases dislocations in an inner grain can es- 

ape at a free surface. A lower yield strength, part-way between a 

50 nm UFG bulk and a single crystal would therefore indeed be 

xpected. 

Based on Eq. (6 ), at ρ0 ∼ 4.0 × 10 14 m 

-2 , strength in the range

52 ( i = 1) to 256 MPa ( i = 2) would be predicted for the Al/Al 2 O 3 

1 – 10 nm) multilayer with d corr = 322 nm – far short of 532 MPa 

easured, particularly considering the fact that post-mortem TEM 

f this system finds grains to be mainly dislocation-free, suggesting 

hat Taylor hardening is not substantially active, further reducing 

he matrix strength (e.g. decreasing ρ0 ∼ 4.0 × 10 14 to 4.0 × 10 12 

 

-2 as above, σ Tay drops from 107 to 11 MPa). This pseudo- 

acroscopic strength is achieved despite the multilayer film being 

7.8 at.% Al and containing 97.5 vol.% Al grains, which are solute- 

ree and precipitate-free. This yield strength remains competitive 

ith many top-of-class Al-alloys [84] - without yet considering any 

olution or precipitate strengthening of the Al grains, or the poten- 

ial for further grain refinement. The impact of the loading geome- 

ry on the measured strength should be considered however – see 

urther discussion in Supplementary Material. 

In short, the 107 MPa higher strength compared with the pure 

l reference requires additional strengthening terms than in Eq. 6 . 

lthough the oxide layers thickness are below 12 nm, the CLS 

odel usually applied at this length scale [12] is not appropriate as 

l 2 O 3 here is not crystalline. Instead, for amorphous structures, al- 

ernative size effects in shear band kinetics exist; more often stud- 

ed in metallic glasses, this leads to a suppression of shear band- 

ng below a critical size as the local volume is insufficient to ac- 

umulate sufficient energy for shear band formation [85] , e.g. for 

d 82 Si 18 this means homogeneous plasticity below a 9 nm film 

hickness [86] . In section 4.3, we will first consider whether the 

easured strength can be explained entirely by impenetrable bar- 

ier theory, considering also the elastoplasticity of the amorphous 

xide layers themselves; indeed, unlike other metal/ceramic sys- 

ems, e.g. Al/TiN & Al/SiC, the high bond strength between Al and 

l 2 O 3 mean the oxide layer is laterally drawn by the plasticity of 

he metal layers. Finally, we will consider whether the crystalline- 

morphous character of the interphase may contribute a unique 

urther benefit. 

.2.2. Impenetrable barrier layers: modelling and experiment 

The basic theory of impenetrable barrier theory in crystalline 

lasticity, whereby an internal or external surface impedes strain 

ransfer, has been established now for several decades [34–36] . 

train gradient crystal plasticity and discrete dislocation dynamics 

imulations have robustly captured the effect of impenetrable bar- 

ier layers on the strength of FCC crystalline layers. In fact, these 

odels predict that perfect impenetrability could lead to a greater 

roportional strength increase (60% for a layer thickness divided by 

hree [34] ) than observed here. However, to achieve such levels of 

mpenetrability practically, significantly thicker layers are required 

han the 0.5 nm effective thickness of Al 2 O 3 found here. Indeed, 

n a previous study [87] of the Al/Al 2 O 3 multilayer system ( ∼5 nm

l 2 O 3 layers), the strength over 500 MPa here was not achieved 

ven at a metal layer refinement of 50 nm thick, whereas in micro 
11 
lectromechanical device-based loading by de Boer et al. [88] of 

200 nm free-standing Al films capped on both sides by an oxide 

ayer, strengths of 600 MPa were measured. This difference may be 

elated to the nature of the oxide layers: in the former, deposited 

y pulsing oxygen gas during evaporation of Al, the low energy of 

eposition likely led to semi-crystalline oxide layers, as elsewhere 

13] , unlike the amorphous oxide here (ALD), although the struc- 

ure was not specifically reported by the authors in [87] . In the 

l/TiN [89] and Al/Si 3 N 4 [31] systems, an identical strength to the 

resent for this grain size was found to within 10% experimental 

rror (by interpolation, after converting nanohardness, H , to a yield 

trength via σ Y = H / 3); however, the Al content there was below 

4 at.% due to the ∼25 nm crystalline TiN or 250 nm Si 3 N 4 lay-

rs required to achieve this strength. However, where the TiN lay- 

rs were considerably thinner (2 nm), they were not impenetrable 

s slip transmission from Al into them (co-deformation) did occur 

65] . 

To contextualise, in the metal/ceramic Cu/graphene and 

i/graphene multilayer systems developed by Kim et al. [43] , the 

ignificant strengths (up to 4 GPa) achieved were attributed to the 

igh in-plane stiffness of the graphene layers, which altogether im- 

ede the glide of dislocations between the metal layers; this was 

upported by molecular dynamics modelling which found disloca- 

ions to be halted at one metallic monolayer before the graphene 

nterface. That is to say, the graphene layer is a perfectly impene- 

rable barrier. 

Conflicting variations of the activation energy for flow (by 

anoindentation) have been reported upon reducing the metal 

rain size to below ∼25 nm [ 37 , 90 ]. In Al/SiC, the activation en-

rgy is found to increase – reportedly a sign of dominant diffusion- 

ontrolled processes at the high density of interfaces; whilst in 

u/TiN this activation energy decreases – apparently indicating ’co- 

eformation’ of the metal-ceramic layers, similarly evoked for the 

l/SiC system [37] . Equivalent variable temperature testing of the 

resent system is needed to assess specific processes at the Al- 

l 2 O 3 interface during deformation via the activation energy. 

In fact, it is worthwhile to consider separating the effect of the 

trong interfacial adhesion and elastoplastic deformation of the ox- 

de layers on the yield stress and work hardening behaviour, from 

hat of crystal plasticity inhibition – the impenetrable aspect of 

he hard layers. We achieve this here by finite element modelling 

FEM): any existing or straightforwardly envisageable analytical ap- 

roaches are limited to purely elastic behaviour [ 91 , 92 ]. The aim

ere was to estimate the maximum contribution the oxide layers 

ould achieve; hence perfect bonding between the metal and ox- 

de layers, and without possible fracture of the oxide, was main- 

ained throughout – much as experiment indicates to be the case 

or the thinner oxide layers, the thicker layers cracking in-plane 

t higher strains. Additionally, homogeneous, isotropic plasticity of 

he metal layers was assumed, not crystalline plasticity: this ef- 

ectively removes the ’impenetrable barrier’ effect from the cal- 

ulations. Whilst the interface with the diamond punch was sim- 

ly frictional, the interface between Al and the Si pedestal may 

ocally debond (mode II/III) upon loading, even if this detail is 

ot captured by the present imaging. To determine the impact 

n the loading curve and deformation morphology of this phe- 

omenon, calculations were executed at two extremes: firstly with 

erfect bonding, and secondly with purely frictional sliding with 

 coefficient of friction of 0.6, which is common for metals slid- 

ng on SiO 2 glass [93] . As seen in the Supplementary Material 

ig. 2, the boundary conditions at the multilayer-pedestal interface 

ave a negligible impact on the overall deformation properties; for 

ts simplicity, the perfect bonding condition was maintained else- 

here. 

The microcompression of four multilayer arrangements was 

imulated: a pure Al reference, as experimentally, the 1.2 – 12 nm 
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Fig. 10. Finite element simulation of compression of the multilayer system to evaluate the impact of elastoplasticity of the oxide layers on the yield strength: (a) overview 

of quarter-model employing mirror-plane boundary conditions in 1–2 and 1–3, with a large Si substrate to achieve far-field loading condition, a Si pedestal and the Al/Al 2 O 3 
appropriately scaled the TEM measured dimensions (not nominal). Details of the normal stress fields of the 1–10 nm Al 2 O 3 pillar at ∼14% strain, under maximum load, 

relative to (b) the loading axis and (c) the horizontal; note the oxide is tensile loaded to yielding (4.5 GPa) across most of the plane. From the loading curves (d), the yield 

stress at 0.2% strain was extracted (inset), as well as the work hardening exponent, n , from the true stress-strain curves (not plotted), indicating a proportionally much larger 

impact of the oxide layers on work hardening than on yielding. 
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l 2 O 3 varying Al-Al 2 O 3 layering as in Fig. 1 b, as well as the ex-

rema of this sample: an Al-Al 2 O 3 multilayer where all oxide layers 

re 1.2 nm thick, and another where these are all 12 nm thick. Il-

ustrative deformation and stress fields at maximum applied strain 

re given in Fig. 10 : the oxide layers are seen to exert a retaining

ateral stress on the metallic layers, which increases with ceramic 

ayer thickness, and could result in the yielding of these oxide lay- 

rs within the total strain levels applied experimentally. The over- 

ll morphology of the deformed pillar in Fig. 10 b,c is consistent 

ith that experimentally observed in Fig. 5 b at 15% strain, particu- 

arly when considering relative thickness of the Al layers as a func- 

ion of position along the multilayer height and laterally relative to 

he centreline. Indeed, in both experiment and simulation, the low- 

st layer is thickest in the pillar centre, experiencing only a low ax- 

al strain, unlike at the pillar edges for this layer. This lateral strain 

eterogeneity per metal layer is inversed by the 4th and 5th layers, 

eing more highly axially strained in the pillar centre than at the 

ulged edges, before becoming more laterally homogeneous upon 

rogressing towards the diamond punch. Stress-strain curves were 

xtracted from the reactive force of the Si base, and the relative 

isplacement at each analysis step of the top and bottom surfaces 

f the Al-Al 2 O 3 multilayer. The yield stress was extracted with a 

.2% offset criterion, and the work hardening parameter, n , was ex- 

racted from the true stress-strain, σ true - εtrue , data according to 

true = K εtrue 
n ( K is the strength coefficient). 

For the all-12 nm Al 2 O 3 condition, the yield stress increase is 

ighest, at 7 – 9% relative to the pure Al reference, depending on 

he exact yielding properties of the simulated Al material (see Ex- 

erimental Methods); this yield increase reduces to only 4 – 5 

 for the specific multilayer arrangement experimentally studied 

ere. However, these ∼10–20 MPa strength gains as a result of the 

resence of the elastoplastic oxide layers are insufficient to explain 
t

12 
he observed strength improvements of over 100 MPa. Instead, the 

xide layers, if they were to remain intact (which we know to not 

e the case above 5 nm thickness) would lead instead to an in- 

reased work hardening coefficient for higher oxide film thickness, 

ig. 10 . No substantial change in the elastic modulus was observed, 

ased on the loading line: relative to the pure Al reference, the 

ariation was of up to -3.0 to 3.5% across the range of multilayer 

nd Al material property conditions tested. This result of FEM is 

eflected in particular by the success of the experimental Al-Al 2 O 3 

0 – 1 nm) multilayer here in generating a strength increase of 

3 MPa over the pure Al, notably for oxide layer thicknesses above 

.5 nm, despite the load bearing capability of such thin layers be- 

ng low. Therefore, our attention should focus on the Al-Al 2 O 3 in- 

erface as the source of strength – whether an impenetrable barrier 

r another mechanism, as discussed in the final section. 

.2.3. An additional strengthening mechanism 

Given the above on plasticity transmission into thin hard ce- 

amic layers, and the fact that the strengthening here is observed 

ven at oxide layer thicknesses of 0.5 nm, suggests that impenetra- 

le barrier theory is an incomplete description of the mechanisms 

ctive. It was observed, Fig. 5 , that after compression the dislo- 

ation density was lower than before deformation, particularly in 

he grain centres. However, high resolution imaging of the regions 

ear the oxide layers indicated several dislocation arms that ap- 

eared pinned on one end at the metal-oxide interface, Fig. 5 h. It 

s currently unclear to what extent the crystalline-amorphous in- 

erface in this metal-ceramic hybrid may impact dislocation nu- 

leation, mobility and annihilation: is it possible that the inter- 

ace acts as a dislocation sink, whilst simultaneously resisting the 

ucleation of new Al dislocations from these grain boundary in- 

erfaces? In this case, heterogeneous dislocation nucleation would 
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nly be favourable from the vertical grain boundaries, running per- 

endicular to the oxide layers. Experimental analysis of such plas- 

icity, to capture slip continuity across Al GBs and oxide layers is 

nvisageable by digital image correlation strain mapping, which 

as recently been applied to such microscale testpieces [ 94 , 95 ], 

ow regularly achieving sub-100 nm resolutions, as low as 40 nm 

96] , even at high temperature [ 95 , 97 , 98 ]. Note that this sink char-

cteristic would not necessarily be contradictory to the triple-point 

ffects (intersection of vertical Al GBs with horizontal Al-Al 2 O 3 in- 

erphase, Section 3.2.2 ) thought to lead to cracking of the > 5 nm

xide as the magnitude of stress concentration here may still lie 

elow those known to occur at all-crystalline metallic Al triple 

oints [99] . 

In the crystalline/amorphous Cu/CuZr systems studied exten- 

ively over the past decade [100–103] both experimentally and by 

olecular dynamics simulation, shear transformation zones in the 

etallic glass are reported to co-locate with slip banding of the 

rystalline layers of usually equal thickness, whilst coarse shear 

anding of the CuZr can be suppressed. Such co-localised plasticity 

f the amorphous phase may well be activated in a-Al 2 O 3 here due 

o the dense, flaw-less and easy bond-switching characteristics of 

he ALD-grown phase [41] . 

Searching in a different direction, the strength may result from 

 repression of grain boundary processes standardly active in UFG 

l, such as grain boundary sliding and grain boundary diffusion. 

t is straightforward to imagine that the vertical boundaries in our 

ystem are not conducive to sliding processes as it is apparent here 

hat the oxide layers are not shearable, nor is grain rotation easily 

ccommodated. In the fine grained microstructures of PVD met- 

ls, the relatively clean grain boundaries, combined with a high 

acancy density from deposition, means diffusion often dominates 

echanics – be this for assisting dislocation nucleation by nuclei 

ormation at a GB [104] , GB sliding or creep. It may be hypothe-

ised that here this major contribution of GB diffusion is limited to 

he vertical grain boundaries only, which as said cannot geometri- 

ally alone fulfil deformation: the metal-oxide interfaces produced 

y in situ shuttling between PVD and ALD deposition systems are 

xpected to experience slower diffusion due to the increased cova- 

ent character of bonding. A strength limitation by slow diffusion at 

he Al-Al 2 O 3 boundary would in theory [105] also lead to a small 

ctivation volume ( < 10 b 3 ), as evoked here in the Supplementary 

aterial. This interpretation is supported by recent nano-tensile 

oading of Al where 26 vol.% of the gauge was the surface natural 

xide layer: dislocation motion in Al was heavily restricted by the 

nterface with the oxide layer [ 106 , 107 ]. Electron beam irradiation 

eportedly led to rejuvenation of the amorphous oxide, leading to 

efecting of the oxide-metal interface and a transfer from internal 

islocation multiplication to interface-dominated nucleation. 

Further investigation of the (both metal/ceramic and crys- 

alline/amorphous) Al/Al 2 O 3 hybrid system by crystal plasticity 

EM or discrete dislocation simulations could shed light on the role 

f the oxide layers. However, molecular dynamics modelling, cur- 

ently underway, along with the correspondingly smaller size-scale 

xperimental investigation of Al/Al 2 O 3 multilayers (metallic layers 

5 – 25 nm thick), it is thought will better explain the mechanism 

f strengthening contributed by the continuous amorphous oxide 

ayers, and establish the minimum oxide thickness to confer this. 

uch true nanolaminates would be expected to display a greater 

trengthening effect of the oxide layers than the ∼100 MPa here, 

ue to the greater role of interfaces in controlling plasticity at such 

maller scales [12] . 

. Conclusions 

Microcompression of 250 nm/1 – 10 nm (nominal) Al/Al 2 O 3 

rystalline/amorphous multilayers identified homogenous co- 
13 
eformation of the layers, as well as barrelling of the individual 

etal layers at the micropillar edges. Where the true oxide layer 

hickness exceeded 5 nm, in-plane fracture of these layers was ob- 

erved in few locations coincident with contact of vertical Al-Al 

rain boundaries with the Al-Al 2 O 3 interphase; below this thick- 

ess, no fracture was seen. No failure or sliding at the Al-Al 2 O 3 in-

erface itself was found, unlike previously studied Al/ceramic sys- 

ems where nearest-neighbour loss at the interface, and hence ex- 

rusion of the Al layers past the ceramic, was common. Upon fur- 

her refining the oxide in the Al-Al 2 O 3 (0 – 1 nm) multilayer, the 

ole of the oxide layer in stabilising the pillar against lateral plas- 

icity was found to be effective down to an oxide thickness of 

ust ∼0.5 nm. Deformation of the pure Al reference was consis- 

ent with literature for ultra-fine grained pure Al in both morphol- 

gy and strength (425 MPa), where a high density of high an- 

le boundaries was present. The Al/Al 2 O 3 (1 – 10 nm) multilay- 

rs displayed a 107 MPa higher yield stress, which exceeded any 

xide dispersion strengthening envisageable with the present vol- 

me fraction of oxide phase and scale of dispersion. This 532 MPa 

seudo-macroscopic yield is competitive with most modern Al al- 

oys – before any matrix strengthening or further grain refinement 

s considered. Alternative sources for this strength were consid- 

red: the in-plane tensile loading of the oxide layers resulting from 

heir traction by the plasticity of the well-bonded Al layers was 

ound to not contribute more than ∼15 MPa to the yield strength, 

espite the high tensile strength and ductility of the thinner ALD 

l 2 O 3 layers – these more substantially impacted work hardening 

ehaviour instead. Further investigation is required to elucidate the 

ole of the crystalline-amorphous, metal-ceramic Al-Al 2 O 3 hybrid 

nterface in the mechanism of Al strengthening – it is possible that 

t is simply an impenetrable barrier, or that it acts as a dislocation 

ink, whilst the slow diffusion along the interface limits its dislo- 

ation nucleating ability. 
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