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The fcc-c ? hcp-e ? bcc-a’ martensitic transformation of a Fe-Mn-Si-based shape memory alloy fabri-
cated by laser powder bed fusion (LPBF) is studied for the first time by in-situ neutron diffraction, in-situ
high-resolution electron backscatter diffraction and digital image correlation during uniaxial tensile test-
ing. The comparison between horizontal specimens (fabricated with no inclination on the build platform)
and vertical specimens (fabricated with 90� inclination on the build platform) shows that sample orien-
tation affects the deformation and transformation behavior of the material, considerably influencing
alloy’s shape memory and mechanical properties. The reason for the variation in the alloy’s behavior is
found in the distinct crystallographic texture generated during the LPBF process. In the vertical samples,
the preferential h110i orientation of grains along the loading direction facilitates the martensitic trans-
formation, resulting in enhanced shape memory properties and pronounced work hardening.

� 2023 The Author(s). Published by Elsevier Ltd. This is an open access article under the CC BY license
(http://creativecommons.org/licenses/by/4.0/).
1. Introduction

Shape memory alloys (SMAs) are a class of materials that can
recover their original shape after deformation. Thanks to their
functionalities, SMAs are widely used in different engineering
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fields, e.g. civil and structural engineering, aerospace, automotive,
biomedical, and robotics. For example, SMAs are very suitable for
fabricating actuators, sealers, and vibration dampers [1,2].

Commercially available shape memory alloys (SMAs) are
mainly based on Nickel Titanium (NiTi) alloys. However, because
of their high price and poor machinability [3], low cost Fe-Mn-Si-
based SMAs have drawn much attention during the last two dec-
ades. Since the discovery of the shape memory properties on a
Fe-30Mn-1Si single crystals [4], several Fe-Mn-Si alloy systems
have been developed and investigated [5]. In all these studies,
the formation of high concentration of stacking faults (SFs) within
the austenite grain interior has been observed. Bergeon et al. inves-
tigated the formation mechanism of these SFs and their effect on
the shape memory properties on a Fe-16Mn-5Si-9Cr-4Ni (wt.%)
SMA [6]. Druker et al. showed that rolling the Fe–15Mn–5Si–9C
r–5Ni (wt.%) alloy at 800 �C followed by annealing at 650 �C
induces a high density of SFs that promotes the shape memory
functionalities of the manufactured parts [7]. Extensive studies
have also been performed on a Fe-15Mn-5Si-9Cr-5Ni fabricated
by casting, annealing and final forging. Transmission electron
microscopy (TEM) investigations show the presence of high den-
sity of overlapped SFs after solution treatment and water quench-
ing [5,8,9]. The occurrence of SFs prior to and during deformation is
based on the fact that Fe-Mn-Si-Cr-Ni SMAs have low stacking fault
energy (SFE) [10]. For example, a SFE of 2.9 mJ/m2 was calculated
for the Fe-30.7Mn-6.5Si SMA [11], whereas for the Fe-30.3Mn-
6.06Si SMA in [12] the SFE accounts for 7.8 mJ/m2. In alloys with
very low stacking fault energy (SFE) (<20 mJ/m2), Shockley partial
dislocations (SPDs) dissociate easily, causing the formation of a
high density of SFs and their accumulation in deformation bands
during loading [13,14]. The creation of SPDs on every second
(111) layer of the fcc-c austenitic matrix and the associated regu-
lar arrangement of SFs change the crystal structure into a hexago-
nal crystal structure, which is identified as hcp-e martensite [15].
The transformation of fcc-c austenite to hcp-e martensite during
loading and its reversion upon unloading, pseudo-elasticity (PE),
and heating, shape memory effect (SME), are the mechanisms
underlying the shape recovery of Fe-Mn-Si SMAs [16]. SFs thus
play a dominant role in improving the shape memory properties
of SMAs by acting as nucleation sites for the hcp-e phase [17].

Several investigations have been performed in order to increase
the alloys’ shape memory properties. In one of the latest study on
Fe-Mn-Si SMAs, compressive yield strength, fracture strength, as
well as shape memory properties of the Fe–20Mn–6Si–8Cr–5Ni
SMA could be improved by the addition of 0.5 wt% Ti [18]. The dis-
solution of Ti into the matrix lattice leads to solid solution
strengthening and increases lattice microstrain in the alloy, provid-
ing a driving force for the fcc-c ? hcp-e transformation. Recently,
special focus has been placed on the optimization of the heat treat-
ment conditions applied for Fe-Mn-Si SMAs containing C and car-
bide formers. For example, it has been observed that the
application of two-step aging procedure facilitates precipitation
nucleation and growth, allowing the fabrication of SMAs with high
recovery stress (above 500 MPa) [19] and pronounced PE [20]. A
significant variation in the recovery strain was also measured in
the Fe-16.99Mn-5.59Si-9.28Cr-Ni5.67–0.12C SMA for different
aging durations. The reduction of aging time from 180 min to
30 min leads to an increase in the recovery strain from 4.6 % to
5.4 % due to the formation of high density of precipitates, SFs
and hcp-e martensite [21].

At higher strains, the bcc-a’ martensite forms inside the afore-
mentioned deformation bands and at the intersections of hcp-e
laths. The volume fraction of bcc-a’ increases with the strain
[22]. The formation of bcc-a’ martensite generally improves the
strain hardening behavior of the material as this phase carries
higher load than the austenite under external loading, acting as
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reinforcing phase [23–25]. Additionally, bcc-a’ martensite repre-
sents an efficient barrier for dislocation movement, reduces the
mean free path of dislocations and thus causes an increase in the
strain hardening rate [26,27]. Due to the fact that this phase does
not contribute to the SME and hinders the back movement of SPDs
and hcp-e lamellae upon heating, shape memory properties
decrease with the formation of bcc-a’ martensite [28].

Additive manufacturing (AM) has attracted much attention in
the past years as an innovative fabrication process that allows for
high design freedom and short lead times [29]. 3D objects are fab-
ricated by progressively adding thin layers of material based on a
digital model. In the case of laser powder bed fusion (LPBF), a laser
heat source is used to selectively fuse layers of spread powder,
leading to the melting and solidifying of overlapping melt tracks.
During the process, the fabricated component forms through a
complex thermal history characterized by high thermal gradients,
high heating and cooling rates, and cyclic re-heating, inducing sig-
nificantly different microstructures compared to the conventional
manufacturing process. High-Manganese (Mn) alloys exhibiting a
transformation-induced plasticity effect (TRIP) or a twinning-
induced plasticity effect (TWIP), or both, were recently successfully
fabricated by AM [30,31]. The activation of the TRIP effect during
deformation is the main mechanism responsible for the shape
memory behavior of Fe-Mn-Si SMAs [32] and enhances their
mechanical properties. Alloys showing TWIP and TRIP effects gen-
erally exhibit superior strength and plasticity in comparison with
conventional steels, as the transformation of austenite to marten-
site and the formation of twins in the austenite grains raise the
work-hardening rate and strengthen the material at the neck
region [33]. The strength and ductility tradeoff can be overcome
by fabrication of this class of steels by AM due to the generation
of a graded microstructure with combinations of fine grains, direc-
tional grain architectures, high dislocation densities, solidification
cell structures, solute segregations and metastable phases
[30,31,34–41]. A strong anisotropic behavior in the tensile proper-
ties of these AM steels is, however, observed, which is mainly
explained by the generation of pronounced crystallographic tex-
ture of the grains [31,40].

In the context of SMAs, Fe–17Mn–5Si–10Cr–4Ni SMA compo-
nents showing pronounced shape memory properties were suc-
cessfully manufactured by LPBF [42]. The achieved SME and PE
significantly exceed those measured for the similar alloy Fe–17M
n–5Si–10Cr–4Ni-1(V,C), but conventionally fabricated [43]. The
reason for this improvement is also found in the specific
microstructure developed during the LPBF process. The finer grains
and the high density of SFs prior to loading facilitate the martensite
transformation and its reversion [44]. The local variation in the
chemical composition of the alloy due to evaporation and segrega-
tion phenomena also accounts for the differences in alloys’
thermo-mechanical properties, as phase stability and SFE are
affected [45].

Besides the possibility of manufacturing parts with complex
geometries and enhanced performance, LPBF allows for a site-
specific control of the microstructure in order to fabricate parts
with tailored properties [46]. Changes in the processing parame-
ters (heat input, scanning strategy [47–50]), build orientation
[51] and part dimensions [52] result in variations in the final tex-
ture and microstructure as the local heat flux and the cooling rates
are modified. The possibility of microstructure manipulation
offered by LPBF process represents a significant advantage over
conventional fabrication techniques, as mechanical and functional
properties can be tailored according to the required performance of
the parts. LPBF is thus highly beneficial for processing SMAs, whose
functionalities strongly depend on sample microstructure. For
example, significant variations in the alloy’s strength and shape
memory properties have been observed for the Fe–17Mn–5Si–10



Table 1
Chemical composition of the Fe-based SMA powder.

Fe (wt. %) Mn (wt. %) Cr (wt. %) Si (wt. %) Ni (wt. %)

bal. 17.3 9.9 5.1 4.0
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Cr–4Ni-1(V,C) SMA simply by increasing the scan velocity (from
100 mm/s to 400 mm/s) [53]. The achieved mechanical and shape
memory properties could be directly correlated to the changes in
size, morphology and orientation of the grains introduced via mod-
ification of the processing parameters [53]. The rapid cooling and
fast solidification experienced by the material during the process
lead to the formation of bcc-d ferrite as primary phase of solidifica-
tion [54]. A dual phase bcc-d (ferrite)/fcc-c (austenite) microstruc-
ture thus characterizes the Fe–17Mn–5Si–10Cr–4Ni samples after
LPBF [42]. The volume fraction and distribution of the two phases
can be varied by adjusting the processing parameters as the ther-
mal history experienced by the material affects the primary phase
of solidification (bcc-d or fcc-c), as well as the extent of solid-state
transformation of the primary bcc-d to fcc-c during the cooling
stage [54]. Tensile samples made of Fe–17Mn–5Si–10Cr–4Ni SMA
and showing different mechanical (yield strength, elongation to
fracture and work hardening) and shape memory (SME and PE)
properties could also be fabricated by changing the sample orien-
tation on the build plate (Loading direction (LD) parallel to the
build direction (BD) for the vertical samples and LD perpendicular
to the BD for the horizontal samples) [42]. Specifically, a more pro-
nounced SME was achieved in the samples whose LD is parallel to
the BD. Kim et al. observed the same trend, where the PE and the
SME of the same LPBF-manufactured alloy were measured by
three-point bending tests [44]. However, a detailed investigation
on the factors that give rise to this strong anisotropic behavior is
still missing.

Understanding the microstructure changes associated with the
LPBF processing parameters and their influence on the material’s
shape memory and mechanical proprieties represents the first step
for a local tailoring of the microstructure of the LPBF-fabricated
SMAs in order to achieve the desired thermo-mechanical and func-
tional properties. Furthermore, for a better understanding of the
mechanical behavior of the material, the complex interaction
between preexisting nucleation sites, plasticity, formation and
evolution of microstructure (e.g. SFs, twins, texture, etc.), and
phase transformations have to be considered. In this regard, in-
situ experiments during deformation allow for characterization
of the phase transformation behavior responsible for the PE and
SME in the different microstructures developed during LPBF, pro-
viding a coupling between bulk mechanical behavior and
microstructure evolution. Additionally, with neutron diffraction it
is possible to follow the evolution of the macroscopic and micro-
scopic lattice strains and the load partitioning between grain fam-
ilies/phases, which are classified with respect to their orientation,
and the scattering vector.

The deformation behavior of conventionally produced Fe-Mn-Si
SMAs has been previously studied [55–57]. However, AM-
processed materials are expected to exhibit significantly different
mechanical behavior due to the unique microstructures generated
during the AM process. Furthermore, among all these studies, the
martensitic transformation has been mainly examined on a macro-
scopic scale. The deformation behavior of the material in the
microscale is also an important aspect of optimizing the PE and
SME effects, as microstructural and deformation heterogeneity in
terms of amount, size and morphology of transformed martensite
among differently oriented grains can be detected. Capable meth-
ods for studying deformation at this scale are high-resolution elec-
tron backscatter diffraction (EBSD) and digital image correlation
(DIC) of high magnification images acquired by scanning electron
microscope (SEM). When applied in-situ, the evolution of marten-
site transformation with the deformation can be followed and
locally tracked during loading. Therefore, in the present study,
the martensitic transformation is investigated in Fe–17Mn–5Si–1
0Cr–4Ni SMA samples fabricated by LPBF using in-situ neutron
diffraction and in-situ EBSD and DIC. This work describes the effect
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of sample orientation on texture formation, phase transformations
and lattice strain variation during deformation. The detailed view
of the microstructure evolution during loading is directly corre-
lated with the macroscopic thermo-mechanical properties of the
LPBF-fabricated samples, shedding light on the main mechanisms
governing the alloy’s response. The dependence of the martensitic
transformation on austenite grain orientation is also discussed to
explain the effect of sample texture on martensite formation,
shape memory, and mechanical properties.

2. Materials and methods

2.1. Powder

The material investigated in this work is the Fe-Mn-Si-based
SMA already investigated in the previous studies [42,44,58], whose
composition, as provided by the powder supplier, is given in
Table 1. The powder was produced by gas atomization in Argon
atmosphere (Metal Player Co., ltd., Republic of Korea) and is char-
acterized by spherical particles with a d50 of 29.7 lm and a size dis-
tribution between 10 and 50 lm.

2.2. Sample fabrication

The investigated samples were fabricated by LPBF with a Sisma
MySint 100 LPBF machine (Sisma S.p.A., Italy) in an argon environ-
ment to keep the oxygen content below 0.1 %. The machine is
equipped with a 1070 nm fiber laser, with a Gaussian intensity dis-
tribution and a spot size of 55 lm.

For the sample fabrication, the LPBF machine operated with a
laser power of 175W and a scanning speed of 300 mm/s. The hatch
spacing was set to 0.1 mm and the layer thickness to 0.03 mm. A
bidirectional scanning strategy without border contour was used.
A scanning rotation of 90� was applied between subsequent layers.
The selection of processing parameters was based on the previous
investigation [42], where it was found that a high volumetric
energy density (194.44 J/mm3) has to be applied in order to avoid
cracking, less amount of fusion defects and fabricate dense parts.
As shown in Fig. 1-a, cylindrical bars with different build orienta-
tions with respect to the build plate were fabricated. The vertical
bars have the main axis parallel to the BD, and the horizontal ones
have an axis perpendicular to the BD. All bars were annealed at
800 �C for 2 h to dissolve residual bcc-d (ferrite) [42,44]. Round
specimens with a gauge length of 25 mm and a diameter of
6 mm were machined from the heat-treated cylindrical bars
(Fig. 1-a). In this way, tensile samples with different orientations
of the LD with respect to the BD (parallel for the vertical samples
and perpendicular for the horizontal samples) were obtained.

Cylindrical tensile samples were fabricated for the neutron
investigations (shown in Fig. 1-a), whereas flat tensile samples
were used for the in-situ EBSD and DIC investigations [59]. The flat
tensile specimens with the geometry shown in Fig. 1-b were pro-
duced by electro discharge machining (EDM). Samples were
machined from a horizontal block as with this orientation no pref-
erential texture is generated [42]. In this way, several grains with
different orientations could be investigated. The obtained tensile
samples have the LD perpendicular to the BD. For the thermome-
chanical characterizations, samples from both vertical and hori-
zontal building orientations were used.



Fig. 1. Orientation of the cylindrical samples (V vertical, H horizontal) with respect to the BD and related technical drawing (a); orientation of the flat tensile samples and
related technical drawing (b);
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2.3. Sample characterization

2.3.1. Texture and microstructure
Texture and microstructure were investigated for the horizontal

and vertical samples before and after the neutron diffraction tests.
A cross-section of the gripping part and one within the gauge
length of the samples were analyzed in order to investigate the
microstructure in the un-deformed state and after the deformed
state (at 10 % engineering strain), respectively. The surfaces were
mechanically ground with 600, 1200, 2500 and 4000 grit SiC paper
and electrochemically polished for 10 s with a 16:3:1 (by volume)
ethanol, glycerol and perchloric acid solution at 50 V for 10 s. The
EBSD was performed using a field emission gun scanning electron
microscope (FEG SEM) Zeiss ULTRA 55 equipped with EDAX Hikari
Camera operated at 20 kV in high current mode and with a 120 lm
aperture. The acquired EBSD raw data were post processed using
the EDAX OIM Analysis 7.3 software.

The amount of magnetic phases in the clamping part and in the
gauge length of the samples was (semi)quantified by magnetic
induction measurements using the FMP30C [60].

Transmission electron microscopy (TEM) analysis was per-
formed with a Thermofisher Titan Themiz Z, using an acceleration
voltage of 300 kV. The TEM specimen was prepared from a flat un-
deformed sample by focused ion beam milling (Thermofisher
Helios G4 UC).

2.3.2. In-situ neutron diffraction during tensile test
In-situ neutron diffraction tests were performed on the cylin-

drical tensile samples shown in Fig. 1-a and with the two different
orientations of the LD (vertical and horizontal samples). For the
tensile tests, the uniaxial deformation stress rig with 30 kN load
capacity of the time-of-flight (TOF) strain scanner POLDI at the
SINQ Swiss spallation source (Paul Scherrer Institute, Villigen,
Switzerland) was used. A clip-on extensometer of 25 mm was
mounted on the samples to measure the macroscopic strain. The
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samples were strained with a strain rate of 0.4x10-3/s until a max-
imum strain of 10 % and then unloaded.

Neutron diffraction measurements were undertaken during the
tensile test at predefined forces (elastic regime) and strains (plastic
regime) by interrupting the loading and keeping the displacement
fixed. For every interruption (12 interruptions during loading and 4
during unloading), the displacement was kept constant and the
neutron acquisition was performed after allowing 180 s of relax-
ation time. The neutron diffraction acquisition time was defined
by a monitor counter before the sample and ranged from about
20 min per point in the elastic regime to 110 min in the plastic
regime. The acquisition time was increased for the measurements
in the plastic regime to detect the weak hcp-e peaks that have a
lower signal-to-noise ratio compared to the initial fully austenitic
material. The incident neutron beam is characterized by wave-
length ranging between 1.1 and 5 Å. The POLDI instrument is
equipped with a detector bank positioned at an angle of 90� with
respect to the incident beam. The samples were mounted in a
way that the LD of the cylindrical sample was parallel to the scat-
tering vector and a 3.8 � 3.8 � 3.8 mm3 gauge volume was defined
by a pair of diaphragms and a radial collimator. In this way, the hkl
lattice planes with their < hkl > direction parallel to the LD fulfill
the Bragg condition (axial configuration). A second set of samples
was mounted with the LD perpendicular to the scattering vector
(transverse configuration). In this configuration, the gauge volume
was 10 � 3.8 � 3.8 mm3, which improved the counting statistics
due to the larger probed volume. Fig. A1 in Appendix A shows a
schematic detailing the two different configurations, axial and
transverse, used for neutron diffraction measurements.

The diffraction peaks were fitted with the single-peak fitting
routine available in the open source software Mantid [61]. Phase
transformation, load partitioning and lattice strains were investi-
gated by following the evolution of peak position and integrated
intensity of both the austenite and martensite diffraction peaks
of the recorded patterns. In particular, the fcc-c peaks 220, 111,
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200 and 311 and the hcp-e peaks 10.1, 10.3, 20.1 and 20.3 were
analyzed in terms of variation of the integrated intensity with
the applied strain. The lattice strains for a lattice plane family at
every stress level were also calculated as:

ehkl ¼ dhkl � d0hkl

d0hkl
ð1Þ

where the dhkl is the lattice spacing of the hkl family of planes in
the loaded stated and d0hkl before loading.

2.3.3. In-situ EBSD and in-situ DIC during tensile test
In-situ EBSD mapping was carried out on a flat sample to inves-

tigate the phase transformations during loading for different grain
orientations. A Kammrath and Weiss tensile-compression module
with a 5 kN load cell was installed inside the chamber of the FEG
SEM Zeiss ULTRA 55. The EBSD mapping was always performed
in the same area at different deformation stages (0, 1, 2, 4 % strain)
by interrupting the loading and keeping the displacement fixed.
The displacement rate was 0.002 mm/s. EBSD maps were acquired
with a step size of 80 nm and an aperture size of 120 lm.

In-situ high-resolution DIC analysis was also performed to
investigate the martensite transformation during deformation
with the same tensile rig and SEM used for the in-situ EBSD anal-
ysis. All the analyses were performed in a polished area of the
cross-section of a flat sample. After polishing, a thin gold film
was deposited. The method described in [59] was applied in order
to get images for DIC. The in-lens detector of the SEM was used. A
working distance of 7.5 mm, an acceleration voltage of 3 kV and an
aperture size of 20 mm were selected to minimize topographic
contrast and obtain a sufficiently good signal/noise ratio. SEM
images were taken in four different positions of the sample for
every strain condition (0 %, 2 %, 4 % strain) and then overlapped.
The analysis was performed using the Ncorr open-source 2D-DIC
software for MATLAB [62]. The strain along the LD, exx, the in-
plane transverse direction, eyy, and the in-plane shear strain, exy,
were used to calculate the effective strain:

eeff ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
ðexx � eyy

2
Þ
2
þ e2xy

r
ð2Þ

Thus the surface strain maps for 2 % and 4 % deformation are
presented as maximum shear strain, effective strain eeff , as
explained in [59,63].

2.3.4. Thermo-mechanical characterization
The stress–strain behavior of vertical and horizontal flat dog-

bone samples was determined by strain-controlled tensile tests
until failure in a Zwick/Roell Z020 tensile testing machine at room
temperature (RT). It is known that the nonlinear stress–strain
observed for Fe-Mn-Si alloys is due to martensite transformation,
plastic flow, or a combination of both. According to Lee et al., the
0.1 % yield stress is bettersuited for estimating the stress onset
for the martensite transformation than the 0.2 % yield stress
[64,65]. For this reason, both the yield stress 0.1 % and 0.2 % were
calculated in this work and defined as r0.1 and r0.2, respectively.
Ultimate tensile stress (UTS) and elongation to fracture were
obtained from the engineering stress–strain curves. The evolution
of the work hardening rate was also calculated from the true
stress–strain curves of both samples.

The recovery strain, erec , after deformation and heating was
characterized for the two sample orientations. The strain evolution
was recorded by a side-entry extensometer with a datum leg spac-
ing of 10 mm. The tensile samples were pre-strained to 4 % at RT
and at a strain rate of 0.01 %/s, followed by unloading. After pre-
straining, one end of the sample was released, and the extensome-
ter was reset to zero strain. The sample was heated up to 300 �C
5

and cooled down to RT at a rate of 2 �C/min. The temperature
was kept constant for 30 min when the maximum temperature
(i.e. 300 �C) and RT were reached to ensure a homogenous temper-
ature distribution within the samples. The final strain measured by
the extensometer at the end of the thermal cycle was recorded as
erec . The same procedure was performed for a pre-strain of 10 %,
followed by heating to 300 �C.
3. Results

3.1. Microstructure and texture

3.1.1. Microstructure and texture before deformation
Fig. 2-a,b shows the EBSD analysis for the vertical and horizon-

tal samples prior to the deformation. According to the EBSD maps
with inverse pole figures (IPF) color triangles, different textures of
the austenite phase can be generated along the LD by varying the
sample orientation with the BD. Specifically, a weak/random crys-
tallographic texture develops along the LD of the horizontal sam-
ple, whereas the vertical sample shows grains with a
preferred h110i orientation along the LD. The scan area has been
selected to cover a sufficient number of grains to get statistically
accurate texture information. The EBSD based texture analysis is
complemented by the neutron diffraction experiments, which have
been performed on the same samples to achieve even higher statis-
tical accuracy (section 3.3.1). The variation in the texture of the
samples along the LD is related to the fact that grains preferentially
grow with the h110i direction aligned towards the BD, which cor-
responds to the LD of the vertical sample. The preferen-
tial h110i texture along the BD is ascribed to the solid-state
transformation bcc-d? fcc-c that occurs through the intrinsic heat
treatment generated during the layer-wise deposition [54]. Some
elongated grains parallel to the LD of the vertical sample are
observed (Fig. 2-a,b). This is in agreement with the preferred solid-
ification in the direction of the heat flow. As most of the induced
heat is usually directed towards the substrate, most grains show
a high aspect ratio, with the largest dimension in the BD, which
corresponds to the LD of the vertical sample.

Similar grain sizes are achieved in the two samples, with
slightly finer grains in the vertical sample (average diameter of 6.
16 ± 2.89 lm) compared to the horizontal one (average diameter
of 6.72 ± 3.18 lm).

The grain size histogram for both samples is reported in Fig. A2
of Appendix A.

The TEM analysis before deformation shows a high concentra-
tion of SFs (indicated by red arrowheads) prior to loading (Fig. 2-
c,d), as already pointed out in [54] for the same alloy. The forma-
tion of SFs in LPBF-manufactured parts has been observed in sev-
eral austenitic steels [34,35,37]. The rapid solidification
experienced by the material during fabrication causes the forma-
tion of fine cellular structures. A high density of tangled disloca-
tions with a high tendency to dissociate normally characterizes
the walls of these structures, leading to the formation of wide
SFs [66]. Dense SF arrays in the present alloy are also introduced
at the bcc-d/fcc-c interface during the afore-mentioned shear-
induced solid-state transformation bcc-d ? fcc-c [54].
3.1.2. Microstructure and texture after deformation
EBSD analysis was performed on the gauge length of the cylin-

drical samples after neutron diffraction investigations, i.e., after
10 % engineering strain. The EBSD maps with phase coloring
(Fig. 3-a,b) reveal that, especially for the vertical sample, a high
volume of hcp-e martensite forms in the austenite grains upon
loading. The absolute values of phase fractions obtained from the
EBSD analysis are more approximate qualitative estimations of



Fig. 2. EBSD maps with IPF coloring related to the LD and IPFs of the vertical sample (a) and of the horizontal sample (b); TEM images showing the presence of SFs prior to
deformation in the fabricated samples (c,d);
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the phase concentration as the investigated areas are rather small
and the grain statistics relatively low. However, from the compar-
ison of the two EBSD maps, it is clear that the amount of hcp-e is
higher in the vertical sample than in the horizontal sample (phase
fractions of hcp-e are 34 % and 26 %, respectively). Martensite (hcp-
e) forms with a texture along the LD and follows the Shoji–
Nishyama (SAN) orientation relationship [67], where {111}c //

{0001}e, h110ic // h12
�
1
�
0ie (Fig. 3-c,d,e,f).

The high-resolution EBSD map with phase coloring performed
in a smaller area on the gauge length of the vertical sample shows
the formation of bcc phase that is identified as residual bcc-d fer-
rite, which did not completely dissolve after annealing, and as
bcc-a0 martensite (Fig. 3-e). According to the semi-quantification
of the amount of bcc phase by magnetic induction measurement,
the concentration of bcc phase on the gauge length of the samples
(4.54 % ±0.08 % for the vertical sample, 1.69 %±0.07 % for the hori-
zontal sample) is higher compared to the clamping part (0.31 %
±0.09 % and 0.28 % ±0.07 %), indicating that most of the bcc phase
in the deformed section is deformation-induced bcc-a0. This can be
6

additionally confirmed by the fact the bcc-a0 forms at the expense
of hcp-e, following the orientation relationship {0002}e // {011}a0,

h2
�
1
�
1
�
0ie // h111

�
ia0 (Fig. 3-e,g) [68], which is indicative of a

sequence of deformation-induced transformation.
3.2. Stress–strain and shape memory response

3.2.1. Stress–strain response
Fig. 4-a shows the engineering stress–strain (r-e) response of

the vertical and horizontal samples until the failure. The vertical
sample has a lower yield (r0:1 223.9 ± 10 MPa and r0:2 258.6 ± 5.
9 MPa) than the horizontal sample (r0:1 239 ± 5.2 MPa and r0:2

297 ± 6.5 MPa). For both samples, the engineering r-e curve devi-
ates from a linear trend at stresses well below r0:1. An earlier devi-
ation is already observed for the vertical sample at an engineering
stress of approximately 140 MPa (Fig. 4-b). A more gradual devia-
tion is observed for the horizontal sample at higher engineering
stress, around � 200 MPa.



Fig. 3. EBSD maps with phase coloring from the gauge length of the vertical (a) and horizontal (b) samples after 10% pre-straining; IPFs with respect to the LD for the hcp-e in
the vertical (c) and horizontal (d) samples; high magnification EBSD map with phase coloring for the gauge length of the vertical sample, showing the formation of bcc-a0

martensite (e); pole figures of selected grains, showing the orientation relationship between fcc-c and hcp-e (f), and between hcp-e and bcc-a0(g);

Fig. 4. Engineering stress–strain curves of the vertical and horizontal samples (a-b); work hardening rate curves as a function of the true strain for the vertical and horizontal
samples (c-d);
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Regarding the UTS, the same trend was already reported in the
previous study [42], with the vertical sample showing lower
strength (UTS of 876.8 ± 8.6 MPa) but higher elongation to fracture
(43.3 ± 6.2 %) compared to the horizontal sample (UTS of 928.5 ±
12.2 MPa and elongation to fracture of 34.9 ± 1.1 %)). The work
hardening rate is calculated from the true stress and true strain
and reported in Fig. 4-b. The work hardening rate is not signifi-
cantly different; however, it appears to slightly increase above
7

8 % applied true strain for the vertical sample. Contrary to the ver-
tical sample, the work hardening rate of the horizontal sample con-
tinues to decrease until final failure without any increase.

3.2.2. Shape memory response – Recovery strain
Fig. 5-a shows the recovery strain of the cylindrical samples

after 4 % pre-straining, followed by heating up to 300 �C and sub-
sequently cooling to RT.



Fig. 5. Recovery strain as a function of temperature after 4 % (a) and 10 % (b) pre-straining and annealing at 300 �C for the vertical and horizontal samples;
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The evolution of the strain recovery curve is defined by a com-
bination of sample expansion (associated with the material’s ther-
mal expansion) and sample contraction (associated with the phase
transformation reversion hcp-e ? fcc-c) during heating and by
thermal contraction during cooling. For 4 % pre-strain (Fig. 5-a), a
pronounced sample contraction is observed upon heating, indicat-
ing a large amount of reverse martensitic transformation. The
recovered strain is higher in the vertical sample than in the hori-
zontal one at 300 �C (1.02 % and 0.85 %, respectively) and after
cooling to RT (1.47 % compared to 1.29 %, respectively). For both
samples, the contraction starts at around 45 �C, but it proceeds fas-
ter for the former, suggesting a more readily and pronounced back
transformation.

When the samples are pre-strained up to 10 % (Fig. 5-b), the
recovery strain reduces to almost half the values observed for the
4 %-strained samples. Considering the influence of the sample ori-
entation, an opposite trend than in the case of pre-straining to 4 %
is observed. The final recovery strain achieved at RT for the hori-
zontal sample is 25 % higher than for the vertical one. For the ver-
tical sample, the recovery strain curve is rather flat up to 200 �C,
indicating that up to this temperature, the SME is active and bal-
ances the thermal expansion effect, but is not enough to exceed
it. For the horizontal sample, phase transformation becomes pre-
dominant and overcomes the effect of thermal expansion at tem-
peratures below 100 �C, indicating a more pronounced SME
compared to the vertical sample.

3.3. In-situ neutron diffraction

3.3.1. Evolution of peak intensities
Fig. 6-a shows the diffraction patterns for the un-deformed

state for the horizontal and vertical samples. A comparison of the
initial intensity of the austenite peaks before loading validates
the different textures generated with the variation of the sample
orientation with respect to the BD already observed by EBSD anal-
ysis. Grains show a preferential alignment of the h110i direction
along the LD of the vertical sample (i.e., the {220} lattice plane
families are perpendicular to the LD), whereas no preferential ori-
entation is observed for the horizontal sample.

The evolution of the diffraction patterns in the selected q-values
of 2.8–3.6 Å�1 obtained using the axial configuration are exemplar-
ily reported for the vertical sample after 0, 4, 8,10 % strain, as well
as unloaded after 10 % strain (Fig. 6-b). A pronounced intensity
reduction of the austenite 111 and 200 peaks is observed at 4 %.
By increasing the strain up to 8 and 10 %, peak intensity still
reduces, but the reduction is less pronounced. Upon unloading,
8

an intensity increase is observed. With increasing strain, new
peaks appear which are associated with the formation of hcp-e
phase (martensite). During deformation, the hcp-e martensite
peaks experience an opposite trend (intensity increase during
loading, intensity decrease during unloading) compared to the
austenite peaks, confirming the onset of the fcc-c ? hcp-e trans-
formation upon loading and a partial reversion hcp-e ? fcc-c dur-
ing unloading. Although a decrease of the fcc-c peak intensity is
observed at very low strain (<1%), the hcp-e peaks can be identified
only at higher strain. This can be explained by the lower symmetry
of the hcp crystal structure, which results in more diffraction peaks
than cubic crystal structures, and the rather low initial fraction of
hcp-e. The low intensity of the hcp-e diffraction peaks and their
overlapping with the fcc-c peaks render the identification of the
hcp-e rather complex at low strain, when the fraction of martensite
is low.

Fig. 6-c,d shows the evolution of the integrated intensity of the
austenite peaks, i.e. the peak intensity normalized by the initial
intensity at 0 % strain, as a function of the macroscopic engineering
strain for the {111}, {220}, {200} and {311} grain families and for
the two sample orientations. The integrated intensity of most of
the analyzed austenite peaks ({111}, {220}, {200}) decreases with
increasing strain. According to previous neutron diffraction inves-
tigations on fcc metals and alloys [69], the diffraction intensity of
the 111 and 200 diffraction peaks increases with the strain in the
LD due to the deformation texture development induced by
dislocation-based plasticity. The 111 peak normally shows the lar-
gest increase in intensity in the LD due to deformation texture. The
decrease in the integrated intensity of the 111 peak observed here
is thus an indication of the dominance of the phase transformation
of austenite over texture development. Based on these observa-
tions, it can be assumed that, for the investigated alloy, martensite
formation is the dominant deformation mode and superimposes
the effect of dislocation slip already at the beginning of
deformation.

As plastic deformation proceeds, the austenite diffraction peaks
exhibit distinctive variations in their intensities. Very similar
trends are observed if the same grain families in the vertical and
in the horizontal samples are compared. The intensity reduction
occurs in different amounts and with a different rate for differently
oriented grains. A particular behavior is observed for the 311 peak,
whose intensity remains almost constant during loading, presum-
ably because of a balance between transformation and deforma-
tion texture development. A pronounced reduction in intensity
for the 220 peak, i.e. decrease of almost 75 %, is observed. Such
strong reduction is a result of both decrease by the formation of



Fig. 6. Diffraction patterns at the initial stage (un-deformed) for the two different sample orientations (a); diffraction peak evolution with the applied engineering strain for
the vertical sample in the selected q-range 2.9–3.6 Å-1 (axial configuration) (b); integrated intensity evolution with the applied engineering strain of the austenite peaks of
the vertical (c) and horizontal (d) samples (axial configuration); summed integrated intensity evolution with the applied engineering strain of the 10.1e, 10.3e, 20.1e and
20.3e martensite peaks of the vertical and horizontal samples (transverse configuration) (e); diffraction patterns at 4 % engineering strain of the vertical and horizontal
samples (transverse configuration) (f);
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deformation texture and phase transformation. The intensity of the
111 and 200 peaks also reduces due to transformation despite the
effect of deformation texture that in the absence of transformation
would exhibit an increase in the diffraction intensity.

The evolution of the 10.1e, 10.3e, 20.1e and 20.3e martensite
peaks of the two samples is analyzed from the neutron diffraction
patterns. For this analysis, the transverse configuration was used
due to better counting statistics and better signal-to-noise ratio.
9

It is also important to note here that strain-induced martensite
exhibits less strong crystallographic texture in the transverse
direction. In Fig. 6-e, the sum of the integrated intensity of the four
hcp-e martensite peaks normalized by the monitor counting (see
experimental) is reported as a function of the applied engineering
strain for the vertical and horizontal samples. By considering mul-
tiple peaks, the effect of the possibly mild texture difference of
martensite between the two samples is negligible and the inte-
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grated intensity can be correlated qualitatively with the amount of
martensite. During loading, the sum of the integrated intensities is
higher for the vertical sample compared to the horizontal one,
especially at the beginning of the deformation. The integrated
intensities of the martensite peaks can be already measured at
strain < 2 % for the vertical sample, whereas the martensite peaks
in the horizontal sample are too broad and with too low intensity
to be fitted (Fig. 6-e), indicating an earlier and more pronounced
phase transformation at the beginning of the deformation in the
vertical sample (Fig. A3 of Appendix A). Only at 4 %, some marten-
site peaks can be detected and fitted. Peaks are still very broad and
with a low intensity (Fig. 6-f).

Peaks corresponding to the bcc-a0 phase are also identified in
the diffraction patterns. At 4 % strain, a relatively wide peak with
low intensity is observed in the diffraction pattern of the vertical
sample at q of 3.098 Å�1 (transverse configuration), which corre-
sponds to the 110a’ peak (Fig. 6-f). The peak intensities of the
bcc-a0 phase slightly increase with strain up to 10 % (Fig. A5-a,b
of Appendix A), becoming well visible at a strain of 8 % (Fig. A4-
a,b of Appendix A). The diffraction pattern of the horizontal sample
also shows the 110a’ peak, but only at 10 % strain (Fig. A5-c,d of
Appendix A). At 8 % (Fig. A4-c,d) and lower strain, the amount of
bcc-a0 is too low to be detected by neutron diffraction. Compared
to the vertical sample, the peak intensity is lower and the peak is
rather broad. The high asymmetry of the diffraction peak at
q � 5.3 Å�1 at 8 and 10 % strain of the vertical sample shown in
Fig. A4-b and Fig. A5-b of Appendix A is assumed to result from
the peak overlap of the 211a0 and 10.3e peaks, confirming the for-
mation of bcc-a0 during loading.
Fig. 7. Lattice strain evolution with the applied engineering stress of the austenite grain f
evolution with the applied engineering stress of the {220} (c) and {200} (d) austenite g
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3.3.2. Evolution of lattice strains
Fig. 7-a,b reports the elastic strain for the 4 different grain fam-

ilies of fcc-c {111}, {200}, {220} and {311} (e111, e200, e220, e311)
for both the vertical and horizontal samples with respect to applied
macroscopic engineering stress.

The lattice strains reveal a monotonic increasing trend as a
function of stress in the LD. In the first stage, all grain families
deform elastically, and the lattice strains increase linearly. The lin-
earity changes with grain orientation due to elastic anisotropy,
showing the highest specific modulus for the h111i direction and
the lowest for the h200i, as already observed for most of the fcc
materials [70]. In the second stage, the curves deviate from linear-
ity. For the {220} grain family of the vertical sample, the slope of
the lattice strain curve reduces and grains carry less elastic strain
than what would be expected from the extrapolation of the linear
elastic behavior, implying that they undergo plastic deformation.
Similar behavior is observed for the {111}, but the decrease in
the lattice strains is less pronounced and occurs at higher stress.
The load that is not carried by the {220} and {111} grains appears
to be transferred to the {200} grains, which develop large elastic
strain. This observation agrees well with previous diffraction stud-
ies where the {200} grains continue to accumulate significant load
at an increased rate [55,56,71,72].

The divergence from the linear behavior is similar for the grains
in the horizontal sample, with {111} and {220} grains exhibiting
plasticity and shedding their load to the {200} grains. Fig. 7-c,d
compares the evolution of the lattice strains for the {220} and
{200} grains as a function of the macroscopically applied engineer-
ing stress for the vertical and horizontal samples. Contrary to the
amilies of the vertical (a) and horizontal samples (b); comparison of the lattice strain
rains of the vertical and horizontal samples (axial configuration);
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vertical one, in the horizontal sample the {220} grains do not
deform fully plastically post yielding but undergo a slight increase
in the elastic strain up to 400 MPa. This indicates that that the
{220} grain family in the horizontal sample still carries some elas-
tic strain post-yielding, resulting in inferior load transfer to the
{200} grains when compared to the same grain family of the ver-
tical sample (Fig. 7-d).

At a stress of 335 MPa, the increase rate of the lattice strain
of the {200} grains in the vertical sample decreases, indicating
an additional load partitioning. At this point, the load is not
taken up by other grain families, as all lattice plane families
appear to shed load. It can be thus assumed that, at this stage,
the load is partially transferred to the new forming phase(s).
Indeed, at this point of the deformation, which corresponds to
an applied strain of 1 %, hcp-e peaks start to be detected in
the vertical sample by neutron diffraction (Fig. 6-e). In the hor-
izontal sample, the lattice strain of the {200} grains continues to
increase linearly without any evidence of important load shed-
ding at this deformation level.
Fig. 8. EBSD map with IPF coloring related to the LD (a) and EBSD maps with phase colo
with phase coloring for horizontal flat sample at 4 % deformation obtained by in-situ EBS
maximum (blue line) and second maximum Schmid factor (blue dashed line) (d); IPF s
dislocations of type a/6 h112i dissociated from a perfect dislocation on the slip system {1
reader is referred to the web version of this article.)
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3.4. In-situ EBSD

Fig. 8 shows the EBSD maps with phase coloring for a flat sam-
ple deformed up to 4 % strain. The same area is analyzed at differ-
ent strain levels in order to characterize the formation of
deformation-induced martensite.

At 1 % strain, hcp-e is not detected within grain interior,
although martensite formation is expected according to the
decrease in the integrated intensity observed with neutron diffrac-
tion analysis (Fig. A6 in Appendix A). It is assumed that the lamel-
lae thickness is below the detection limit of EBSD, considering the
probe volume of the electrons of 50 nm3 for a single data point and
the use of a step size of 80 nm. By increasing the macroscopic
strain to 2 % and 4 %, hcp-e lamellae are identified (Fig. 8-b). Some
hcp-e lamellae are still not fully indexed and appear as dark bands
due to the limited thickness, indicating the characteristic inclina-
tion along the trace of one of the {111} planes.

In alloys with a low SFE, under an external load, a perfect dislo-
cation on the {111} h110i slip system with high Schmid factor can
ring acquired during loading at 2 % (b) and 4 % strain (c) in a flat sample; EBSD map
D showing the trace on the sample surface of the (111) h110i slip system with the
howing the difference in the Schmid factor of leading (LP) and trailing (TP) partial
11} h110i (e); (For interpretation of the references to color in this figure legend, the
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dissociate into a leading partial (LP) dislocation and a trailing par-
tial (TP) dislocation of type a/6 h112i. The Schmid factor of the
individual LP and TP depends on the perfect dislocation from
where they originated and on the orientation of the grain with
respect to the LD. Table 2 and Fig. 8-e report the Schmid factor
(LP and TP) of the SPDs, which form by dissociation of a perfect dis-
location on the {111} h110i slip system with the highest Schmid
factor. In Fig. 8-d, the slip trace with the maximum (solid blue line)
and second maximum Schmid factor (blue dashed line) among the
possible slip system {111} h110i are also plotted in the EBSD map
with phase coloring (4 % strain) for few selected grains. It can be
observed that for grains with orientation that lies on the right-
hand side of the black dashed line boundary in the IPFs in Fig. 8-
e, i.e. for grains with an orientation close to h220i or h111i along
the LD, the Schmid factor of the LP is higher than that of the TP
(LP > TP) if the dissociation of the perfect dislocation with the high-
est Schmid factor is considered.

Martensite lamellae form in different extent and size, depend-
ing on the grain orientation of the parent phase fcc-c, as clearly vis-
ible from the three selected grains in Fig. 8-e, having orientation
close to h220i, h200i and h111i. Grains with orientation close
to h220i along the LD (grains 1–2) show the highest amount of
hcp-e phase. In these grains, LP > TP and martensite forms as thin
lamellae homogenously distributed in the entire grain. In some
cases, e.g. in grain 2, these lamellae appear as dark bands at 4 %
due to the reduced thickness. Martensite profusely forms in lamel-
lae aligned with the trace of the {111} h110i slip system with the
highest Schmid factor. Martensite lamellae also form along the
trace of the slip system with the second highest Schmid factor,
which also shows LP > TP. In grains oriented close to the h111i di-
rection in the LD (grains 3–4), hcp-e lamellae are also observed in
relatively high amount. For these grains, the Schmid factors of the
leading partials are rather low (0.314 and 0.368) but still exceed
the values of the respective trailing partials so that LP > TP.

Limited formation of martensite is observed for grains with an
orientation close to h311i and h200i along the LD. These grains
lay on the left-hand side of the black dashed line boundary in
the IPFs in Fig. 8-e, meaning that if the perfect dislocation with
the highest Schmid factor is considered, it applies LP < TP. No
hcp-e can be detected at 4 % strain in grains 6–7-8, for which the
Schmid factor of TP significantly exceeds the Schmid factor of LP.

Only a reduced number of lamellae forms in grains 5–9-10.
Despite LP < TP, few but thick martensite lamellae form, indicating
that thickening of few lamellae rather than nucleation of multiple
Table 2
Schmid factor of leading (LP) and trailing (TP) partial dislocations of type a/
6 h112i dissociated from a perfect dislocation with the highest Schmid factor of the
slip system {111} h110i for the differently oriented grains; the difference in the
Schmid factor of the two partials is also reported (LP-TP); for the selected grains, grain
orientation is defined by the plane normal to the LD;

Grain Grain orientation LP TP LP-TP

1 (9 1
�
6) 0.415 0.119 0.063

2 (19 15
�

1) 0.477 0.318 0.159

3 (1918 20
�
) 0.314 0.169 0.145

4 (1212 17
�
) 0.368 0.236 0.132

5 (2 2 7
�
) 0.376 0.405 �0.029

6 (25 4
�
3) 0.330 0.462 �0.132

7 (2342) 0.333 0.472 �0.139
8 (25

�
2 3

�
) 0.266 0.499 �0.233

9 (30
�

8
�
7
�
) 0.375 0.426 �0.051

10 (6
�
25 8

�
) 0.314 0.346 �0.032
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lamellae seems to take place. As highlighted by the white marks in
Fig. 8-d, hcp-e lamellae seem to nucleate at the grain boundaries.
Localized shear stresses at the grain boundaries can cause the
growth of martensite at these locations [73].
3.5. In-situ DIC

In-situ DIC was performed to additionally investigate the
amount and distribution of martensite within differently oriented
grains. Fig. 9-a shows the EBSD map with IPF coloring for the sam-
ple prior to deformation.

Fig. 9-b,c, shows the DIC maps for the sample after deformation
at 2 % (Fig. 9-b) and 4 % (Fig. 9-c) strain. The grain boundaries are
designated with white lines on the maps. The DIC analysis reveals
the localization of the strain, which gives an indication of strain
accommodation by the formation of slip, SFs and martensitic trans-
formation [74]. Already at 2 % strain, parallel bands with high eeff
form within the grains. At 4 %, the values of eeff significantly
increase. The orientation of the strain bands is similar to the
microstructural dark bands and hcp-e lamellae observed in the
in-situ EBSD analysis, indicating the formation of martensite. As
already observed by in-situ EBSD, the number and the width of
bands vary between grains with different crystallographic orienta-
tions. Grains A and B, whose orientation is near to the h220i direc-
tion in the LD, show a rather homogenous strain distribution.
Accommodated strains form thin but numerous bands within the
grain interior. In grains with orientation between h200-
i and h311i along the LD, which appear as red/violet in the EBSD
map with IPF coloring, strains develop locally, with formation of
less but wider bands characterized by high strain (grain E and F).
For closely h111i -oriented grains (blue grains C, D), band distribu-
tion and size is between the {220} and {311}, {200} grains.

The eeff strains averaged within the grain at 4 % strain are
reported for grain A and grains E and F, whose orientation and,
therefore, Schmid factor for the LP and the TP are significantly dif-
ferent (Table 3). Grain A with an orientation close to the h220i di-
rection along the LD and with LP > TP shows a higher number of
strain bands homogeneously distributed within the grain (Fig. 9-
d), which results in a total average strain of 3 % within the grain.
The average strain associated with the martensitic transformation
in grains F and E (LP-TP around �0.20) is significantly inferior to
that of grain A, meaning that less strain is accommodated by trans-
formation and/or slip compared to the previous case. Higher-strain
bands but lower in number form indicating the formation of thick,
localized, and more sporadic martensite lamellae (Fig. 9-d).

For the three individual grains, the {111} h110i systems with
the highest and second highest Schmid factor are also reported
(Fig. 9-d). In grain A, according to the orientation of the strain
bands, most of the numerous martensite lamellae nucleate along
the system with the highest Schmid factor. The system with the
second highest Schmid factor is also activated, probably due to
the fact that for this system LP > TP and the difference is particu-
larly high (LP-TP = 0.354). Martensite lamellae along the two slip
systems interact and intersect each other with high frequency
and at different locations. In grain E lamellae also seem to prefer-
entially form along the system with the highest or second highest
Schmid factor, but to a limited extent. Despite for the first system
LP < TP, for the second system LP-TP = 0.222. The martensite lamel-
lae along the system with the highest Schmid factor tend to be
rather thick and are not as numerous as in the grain A. In grain F,
some martensite transformation also occurs along systems with
lower Schmid factor, for which LP > TP. This indicates that the Sch-
mid factor of LP and TP affects the amount and morphology of
martensite that forms during loading and its nucleation is particu-
larly pronounced along the systems for which LP > TP.



Fig. 9. EBSD map with IPF coloring related to the LD (a) and surface strain maps acquired during loading at 2 % (b) and 4 % strain (c) in a flat sample; a sketch of the
investigated area is also reported; EBSD maps with IPF coloring and related surface strain maps for three selected grains (d); for the three selected grains, the {111} slip
planes of the {111} h110i systems with the highest and second highest Schmid factor are reported together with the calculated Schmid factor; the red arrows indicate the
hcp-e lamellae that nucleate along these planes; (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)
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4. Discussion

4.1. Effect of grain orientation on martensite transformation(s)

According to the in-situ neutron diffraction analysis, the orien-
tation of the LPBF-fabricated samples (vertical or horizontal in the
build plate) affects the martensitic transformation induced during
loading. Considering the peak intensity as a measure for the vol-
ume phase fraction in the samples, the increase of the hcp peak
intensities with the applied deformation must be assigned to the
transformation from fcc-c austenite to hcp-e martensite. The
appearance of hcp-e peaks at the lower applied strain (<2%) in
the vertical sample compared to the absence in horizontal one
13
denotes an earlier and premature martensitic transformation for
the former (Fig. 6-e,f). Additionally, the higher hcp-e peak intensity
values indicate that martensite forms to a larger extent when the
sample is fabricated with a vertical orientation in the build plate,
especially at low deformation levels.

The evolution of the micro-strain of the grain families of the
vertical sample also gives evidence of pronounced martensitic
transformation (Fig. 7). After yielding, the micro-strain within the
{220} grains of the vertical sample does not change with increas-
ing external stresses up to 400 MPa, indicating that grains start to
behave plastically and additional stresses acting on these grains
are relaxed by the fcc-c ? hcp-e transformation [55]. The almost
perfect plasticity of the {220} grains in the vertical sample results



Table 3
Grain orientation and Schmid factor of leading (LP) and trailing (TP) partial dislocations of type a/6 h112i dissociated from a perfect dislocation on the slip system
{111} h110i with the highest Schmid factor; the average strain of the selected grains calculated by DIC is also reported; for the selected grains, grain orientation is defined by the
plane normal to the LD;

Grain Grain orientation LP TP LP-TP Average strain (%)

A (23
�

315) 0.476 0.368 0.108 3.0

F (13
�

11) 0.287 0.496 �0.209 1.0

E (33
�

13) 0.285 0.492 �0.207 1.8
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in enhanced load transfer to the {200} grains, increasing the diver-
gence between the two grain families. The {220} austenite grains
of the horizontal sample also show a plastic behavior after yielding,
which is mainly ascribed to the phase transformation to hcp-e.
However, the associated stress relaxation and load transfer to the
{200} grains is not as pronounced as in the vertical sample.

Above 275 MPa, the lattice strain accumulation slows down for
the {111} grains and starts to decrease for the {220} grains of the
vertical sample. At stress above 335 MPa, the {200} grains of the
vertical sample also show a certain load shedding. At this point,
part of the load is also shared with the transforming hcp-e phase
as the volume fraction of martensite induced by the deformation
becomes sufficiently high to bear some load shed by the austenitic
phase [68,69]. Similar behavior is not observed in the lattice strain
of the austenite grains of the horizontal sample, possibly because
of the reduced amount of martensite formation compared to the
vertical sample at this point of the deformation.

With increasing strain, both hcp-e and bcc-a0 form in the sam-
ples and the volume fraction of bcc-a0 martensite increases with
deformation. According to neutron diffraction and magnetic induc-
tion investigations, the bcc-a0 formation occurs at a lower strain
(peaks of bcc-a0 are already detected at 4 % strain-Fig. 6-f) and to
a larger extent in the vertical sample compared to the horizontal
one. The martensite transformations have been well studied in
high-Mn steels showing the TRIP effect [75]. The main factors
affecting martensitic transformations are SFE [76], chemical com-
position [16,77], temperature [32], and level of deformation
[78,79]. Considering that bcc-a0 martensite is known to form from
hcp-e lamelle and their intersections [80,81], thus following the
sequence fcc-c ? hcp-e ? bcc-a0 [50,82,83], the distinct amount
of bcc-a0 martensite in the vertical and horizontal samples can
be directly correlated to the distinct amount of the precursor phase
hcp-e.

The reason for the different transformation behavior observed
for the two samples is ascribed to the preferential orientation of
the grains along the LD. In previous neutron diffraction investiga-
tions on a similar alloy system but conventionally manufactured,
a clear correlation between grain orientation with respect to the
applied external load and martensite transformation has been
found [56]. Under an external load, the dissociation of
a/2 h110i perfect dislocations into SPDs of the type a/6 h112i is
accomplished due to the low SFE of the system. The motion of
a/6 h112i SPDs and the formation of SFs result in the nucleation
of martensite, which proceeds by extension and overlap of the
SFs on every second (111) plane of austenite [84,85]. During load-
ing, the SF width changes based on the resolved shear stress on the
LP and TP, thus on the Schmid factor of the LP and TP and the mag-
nitude of the external load. A higher Schmid factor for the LP than
for the TP usually results in an increase in the SF width and, there-
fore, in forming a high amount of nucleation sites for hcp-e [86].
This explains the correlation between martensite formation and
grain orientation/Schmid factor of SPDs observed in the in-situ
EBSD and DIC analysis of the present study. A higher amount of
martensite lamellae forms in the grains with orientations close
to h220i in the LD, for which the Schmid factor of the LP is partic-
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ularly high and LP > TP. The continuous nucleation and expansion
of SFs expected for these grains result in pronounced martensite
formation already at the very beginning of the deformation.
Because of the high availability of SFs in these austenite grains,
the nucleation of new martensite lamellae is favored, leading to
the formation of dense and thin lamellae of martensite. According
to high-resolution electron microscopy (TEM) investigations, the
presence of uniformly scattered SFs in austenite promotes the for-
mation of nanometric deformation bands that, in most of the cases,
consist of a mixture of fcc-c and hcp-e phase. These thin hcp-e
martensite lamellae are readily reverse-transformed by recovery
heating [87–89].

Nucleation and extension of SFs are not as favored in the
grains h200i- and h311i -closely oriented along the LD. The forma-
tion of martensite in these grains occurs at pre-existing SFs or is
delayed until lower-Schmid factor slip systems for which LP > TP
are activated under the application of external load. At the begin-
ning of deformation, fewer nucleation sites for hcp-e are gener-
ated. Strain is thus mainly accommodated by the thickening of a
few localized hcp-e lamellae rather than by the nucleation of
new lamellae. This leads to the formation of thick martensite
lamellae in confined areas of the grains, as observed by in-situ
EBSD and DIC results. A higher deformation level is probably
required for these grains to profusely transform within the grain
interior.

In previous studies on conventionally fabricated SMAs [56], it
was observed that martensite transformation is suppressed in
those grains for which LP < TP because of the limited availability
of nucleation sites for martensite. For the present alloy, although
in an inferior amount, hcp-e lamellae also form in the less-
favorably oriented grains. This is mainly ascribed to the specific
microstructure generated during the LPBF. After fabrication, the
high concentration of grain boundaries and SFs provides effective
nucleation sites for hcp-e [56,73,90].

Neutron diffraction patterns prior deformation show that the
orientation of the grains along the LD of the horizontal sample is
rather random. In contrast, most grains in the vertical sample show
a preferential h220i orientation, which favors the transformation
of austenite, explaining the high volume fraction of hcp-e and
bcc-a0 induced in the vertical sample already at the first stages of
the deformation.
4.2. Effect of sample orientation on the thermo-mechanical properties

The difference in the phase transformation behavior dictated by
the distinct crystallographic texture of the horizontal and vertical
samples affects the macroscopic mechanical behavior of the mate-
rial. This is clearly visible from the comparison of the macroscopic
stress–strain curves of the two samples. The gradual change from
linearity in the investigated alloy is related to an elastic/plastic
transition regime attributed to the formation of SFs and hcp-e
[55]. Thus, the premature onset of non-linearity in the stress–
strain curve of the vertical sample compared to the horizontal
one derives from the easier and earlier martensite transformation
of the former. The lower yield point (both r0.1 and r0.2) indicates
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that the stress to induce martensite has been decreased in the ver-
tical sample [91].

Another important feature that can be accountable for the ani-
sotropy of the LPBF-produced alloy is the different aspect ratio of
the grains with respect to the LD [31]. As grains growth preferen-
tially elongated parallel to the BD, the contribution of grain bound-
ary strengthening is not isotropic. Considering that in the vertical
sample the BD corresponds to the LD, it can be seen from Fig. 2 that
the effective grain size along the LD is higher, and the number of
grain boundaries is lower for the vertical sample compared to
the horizontal one [92,93]. A lower grain boundary strengthening
effect is thus expected for the vertical sample, resulting in inferior
strength but higher elongation to failure. Furthermore, the more
pronounced bcc-a’ formation in the vertical sample than in the
horizontal might also contribute to the higher elongation achieved
for the former, as necking is delayed by the martensitic transfor-
mations fcc-c ? hcp-e ? bcc-a’ [94].

A slight difference in the work hardening and plastic deforma-
tion behavior is also observed between the vertical and horizontal
samples. The variation in the work hardening rate curves of the
two samples is ascribed to the possible changes in the dominant
deformation mechanisms and the balance between deformation
mechanisms [71]. After the initial elastic strain, for true strain
above 5 %, a less steep decreasing work hardening rate is observed
for both samples, becoming particularly evident between 6 % and
8 % strain in the vertical sample. This variation in the work harden-
ing rate is ascribed to the formation of hcp-e lamellae that act as
barriers to the dislocation motion within fcc-c. The generation of
geometrically necessary dislocations, which form at phase bound-
aries to ensure lattice compatibility, also contributes to locally
strengthen the material [95]. Above 8 % strain, the work hardening
rate of the vertical sample starts rising, probably due to a combina-
tion of an increasing amount of hcp-e transformation and bcc-a’
formation. The formation of bcc-a’ martensite is particularly effec-
tive in increasing the strength of the material due to the higher
strength of the phase [39] and due to the continuous microstruc-
ture refinement, which progressively reduces the free path (pin-
ning) of dislocation (dynamic Hall-Petch effect) [7,66]. The work
hardening of the horizontal sample reaches a relatively steady
state and keeps decreasing at a constant rate. Because of the lower
amount of hcp-e and bcc-a’ formation upon deformation, no
increase in the work hardening is observed for the horizontal sam-
ple at this stage.

In most of the previous studies on conventionally fabricated Fe-
Mn-Si-SMAs, many attempts have been made to improve the SME
and PE. The SME could be significantly increased by the controlled
precipitation of fine NbC [96], VC or VN [97], Cr23C6 [98]. The rea-
son for the improvement is found in the generation of a high num-
ber of SFs accompanying the precipitation, which leads to the
formation of very thin (<3 nm) martensite plates within austenite
grains upon deformation [89]. A similar effect is obtained by the
so-called ‘‘training”. Samples are repeatedly deformed at RT, fol-
lowed by an annealing process at 650–800 �C [99]. Training in
Fe-based SMAs is employed to obtain a microstructure composed
of fine austenite grains with evenly spaced and well-defined SFs
throughout the parent phase. Samples processed via training pro-
duce a larger fraction of martensite compared to samples in the
as-austenitized condition, as the generated SFs act as nucleation
sites for martensite formation during deformation [91]. Addition-
ally, the induced precipitation and grain refinement observed after
training result in an improved SME and PE due to the increased
amount of martensite hcp-e lamellae interacting with grain bound-
aries and precipitates. Grain boundaries and precipitates are
known to exert back stresses on the tip of hcp bands, promoting
the reverse transformation to austenite [6,32,99,100]. However,
costs and time for the production of the components increase sig-
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nificantly when training is applied [101]. Sharpening the h110i tex-
ture component along the tensile axis of the fabricated
components has also been suggested as a possible strategy to
increase the SME [102]. Studies performed on hot-rolled Fe-Mn-
Si show the formation of a larger h110i component in the rolling
direction, which is beneficial for a good SME [32,103]. The develop-
ment of such a texture is the result of thermomechanical treat-
ments, which involve several steps of rolling at high
temperatures (>1000 �C) [103]. However, the texture developed
in hot-rolled components is rather weak as the majority of crystal
grains are not strictly oriented to {001} h110i but scatter more or
less from the ideal {001} h110i. Additionally, this shear texture
mainly develops at the surface and penetrates only to about a
30 % of the thickness of the components [102]. LPBF appears to
be more suitable for the fabrication of samples with controlled
crystallographic textures and, therefore, pronounced SME. In the
present work, samples with a rather pronounced h220i texture
could be manufactured simply by changing the build orientation.
The higher amount of {220} grains obtained by fabricating the
sample vertically (LD parallel to BD) rather than horizontally (LD
perpendicular to BD) leads to an increase of almost 14 % in the
recovery strain.

It is worth noting that enhanced SME is also achieved in the
horizontal sample, with recovery strain values that are superior
to those measured for the same alloy but conventionally manufac-
tured and containing VC-precipitates (maximum erec of 1.15 %
[43,65]). This indicates that the integration of SMAs into AM allows
for the fabrication of components with pronounced shape memory
properties without the need for post thermo-mechanical process-
ing. Significant grain refinement and formation of high density of
SFs already occur during the LPBF process.

By increasing the pre-straining (10 %), the strain recovery after
heating at 300 �C reduces in both the vertical and horizontal sam-
ples investigated in this study. The deterioration in the SME can be
ascribed to the formation of bcc-a 0, as bcc-a0 partially blocks or
interferes with the reverse transformation of hcp-e to fcc-c respon-
sible for the SME [89] and consumes the reversible hcp-e phase by
forming. As the vertical samples appear to contain a higher faction
of bcc-a0 than the horizontal ones, the strain recovery upon heating
is inferior for the former when a higher level of pre-straining is
applied. At higher deformation, in addition to the formation of
bcc-a’, which is irreversible, irrecoverable slip is also activated.
The transition from deformation-induced martensite formation to
irreversible slip is known to cause a significant decrease in SME
[28,104]. In previous studies [71,105] on different alloy systems
but also showing the TRIP effect (metastable high entropy alloys),
it has been observed that at high strain levels, twinning in the hcp-
e phase also occurs along with fcc-c? hcp-e transformation. It has
been reported that deformation twins lead to a marked decrease in
the free slip length of dislocations, resulting in increased work
hardening effect (Hall-Petch effect) [106]. Despite the effect of
the twins on the reversibility of the martensite phase has not been
discussed in these studies, a decrease in the SME with twin forma-
tion is expected. Due to the strong interaction with perfect and
partial dislocations, deformation twins in hcp-e can have the same
effect of annealing twin boundaries, acting as obstacles for hcp-e
martensite formation and reversion and leading to annihilation
or trapping of partials at the martensite tips [89]. Further investi-
gations will be performed in the future in this regard.

The present results demonstrate the potential of AM for the fab-
rication of the investigated Fe-Mn-Si-based SMA. The dependence
of the activated deformation mechanisms and, therefore, of the
thermo-mechanical properties on the microstructure makes this
material promising for the fabrication of parts with tunable func-
tionalities. The texture formed in the LPBF-fabricated components,
which is expected to be more pronounced compared to conven-
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tionally processed SMAs [32], can be adjusted and controlled by
varying the sample orientation according to the required perfor-
mance. Strength of the components can be increased with the hor-
izontal configuration and the related microstructure. Whereas, the
preferential h220i grain orientation generated with the vertical
orientation is beneficial to improve alloy’s SME activated after
low level of pre-straining.
5. Conclusions

In this study, the martensitic transformation fcc-c? hcp-e? b
cc-a 0 are investigated by in-situ neutron diffraction and, comple-
mentary, by in-situ EBSD and DIC for a Fe-Mn-Si-based shape
memory alloy fabricated by laser powder bed fusion. The effect
of sample orientation on phase evolution is analyzed and corre-
lated with the deformation behavior, the alloy’s shape memory
and mechanical properties. Two sets of samples are compared:
the vertical sample, for which the loading direction (LD) is parallel
to the build direction (BD), and the horizontal sample, where the
LD is perpendicular to the BD. The following conclusions can be
made:

1. Different crystallographic textures can be generated along the
LD of the samples by varying the sample orientation with
respect to the BD. As grains show a preferential h110i orienta-
tion along the BD, the vertical sample shows a h110i texture
along the LD.

2. The {220} austenite grains easily transform to hcp-e due to
their high Schmid factor of the leading partial dislocation disso-
ciated from the perfect dislocation with the highest Schmid fac-
tor. In those grains, hcp-e martensite forms as thin lamellae
homogenously distributed within the grain interior already at
low deformation levels. Other grain families appear to trans-
form as well, although in an inferior amount, due to the exis-
tence of SFs in the as-built condition and the very fine
microstructure and low SFE of the alloy.

3. More pronounced fcc-c ? hcp-e ? bcc-a 0 transformation
occurs in the vertical sample compared to the horizontal sam-
ple due to high population of {220} grains along the LD, which
profusely transform during loading.

4. The different transformation behavior of the vertical and hori-
zontal samples results in differences in the shape memory
effect, as well as in the mechanical properties and the deforma-
tion behavior of the investigated material.

The current results show the great potential of laser powder bed
fusion for the fabrication of Fe-based shape memory alloys, whose
functional properties strongly depend on the texture and
microstructure inherited by the processing parameters. By simply
modifying the processing conditions, such as the build orientation,
mechanical and shape memory properties can be tuned according
to the specific applications.
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