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A B S T R A C T   

Traditional age hardening mechanisms in refractory ceramics consist of precipitation of fine particles. These 
processes are vital for widespread wear-resistant coating applications. Here, we report novel Guinier-Preston 
zone hardening, previously only known to operate in soft light-metal alloys, taking place in refractory ce-
ramics like multicomponent nitrides. The added superhardening, discovered in thin films of Ti-Al-W-N upon high 
temperature annealing, comes from the formation of atomic-plane-thick W disks populating {111} planes of the 
cubic matrix, as observed by atomically resolved high resolution scanning transmission electron microscopy and 
corroborated by ab initio calculations and molecular dynamics simulations. Guinier-Preston zone hardening 
concurrent with spinodal decomposition is projected to exist in a range of other ceramic solid solutions and thus 
provides a new approach for the development of advanced materials with outstanding mechanical properties and 
higher operational temperature range for the future demanding applications.   

1. Introduction 

TiAlN-based compounds are subject to intense research as wear- 
protective coatings and films for surfaces exposed to extreme condi-
tions such as high working temperature and severe friction [1–3]. The 
crucial role of Al, apart from increasing film hardness, is to enhance the 
thermal stability and oxidation resistance during operation at elevated 
temperature [4,5]. The Al solubility in B1-NaCl-type TiN (c-TiN) is, 
however, expected to be < 20 at.% under equilibrium conditions at 1300 
℃ [6]. Yet, supersaturated metastable single phase cubic c-Ti1-xAlxN 
films with desired extended Al solubility on the metal sublattice 
x = Al/(Al+Ti) can be synthesized under non-equilibrium growth con-
ditions by physical vapor deposition (PVD) techniques such as direct 
current magnetron sputtering (DCMS) [7], cathodic arc deposition [8], 
and high-power impulse magnetron sputtering (HiPIMS) [9]. The 
maximum x in c-Ti1-xAlxN film reaches ~ 0.55 with DCMS [10], 0.64 
with hybrid HiPIMS/DCMS [11], and 0.66 with cathodic arc evapora-
tion [12], respectively. 

The thermodynamic miscibility gap in the c-Ti1-xAlxN system is in the 
range 0.3 ≤ x ≤ 1 at temperatures around ~1000 ◦C [6]. The driving 
force towards decomposition increases with x and reaches a maximum 
at x ≈ 0.7. At elevated temperatures (~900–1000 ℃), supersaturated 

metastable c-Ti1-xAlxN undergoes isostructural decomposition into 
coherent c-AlN-rich and c-TiN-rich nanodomains via spinodal mecha-
nism [13]. 

The coherency strain between TiN-rich and AlN-rich domains caused 
by the decomposition of the original phase hinders the movement of 
dislocations and promotes age hardening [13,14]. Subsequent over-
aging, achieved either by annealing at even higher temperatures 
(~ 950–1100 ℃) or for a longer time, leads to the transformation of 
cubic AlN-rich domains into thermodynamically stable hexagonal 
wurtzite-structured (B4) AlN phase (h-AlN) through nucleation and 
growth [15]. As a consequence of relieving coherency strains and the 
presence of softer h-AlN, the hardness significantly decreases [16]. 

Alloying Ti-Al-N with group IVb and Vb transition metals (such as Zr, 
Hf, and Nb [17–19]) has shown to be an efficient way for postponing 
h-AlN formation to higher annealing temperatures, but shifting the onset 
of the spinodal decomposition process together with related 
age-hardening to lower annealing temperatures. Although alloying with 
Mo allows to postpone precipitation of h-AlN to higher temperatures, 
age-hardening from spinodal decomposition only partially counteracted 
the hardness decrease due to second-phase precipitation, recovery  
processes and grain coarsening [20]. Alloying with Ta retards 
h-AlN formation and shifts age-hardening from spinodal decomposition 
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to higher temperatures [21,22]. Alloying Ti-Al-N with W, neighbor to Ta 
and thus a natural extension for exploration, has been by far less studied. 
Reeswinkel et al. reported Ti-Al-W-N films deposited by DCMS and 
HiPIMS with the W fraction varying in a wide range from 0.06 to 0.75 
[23]. However, no annealing experiments were conducted on these 
films. Glatz et al. investigated Ti0.54Al0.44W0.02N, Ti0.53Al0.42W0.05N, 
and Ti0.50Al0.41W0.09N films deposited by cathodic arc [24]. Those films 
contained body-centered cubic W (bcc-W) phase in the as-deposited 
state. Annealing experiments revealed a significant hardness increase 
of the films with W content of 0.05 in the temperature range up to 1000 
℃, which was assigned to the c-AlN formation. However, no detailed 
microscopy evidences were provided. 

Here, we report on a novel age hardening mechanism identified in a 
W-containing TiAlN refractory ceramic. Demonstration is made for 
Ti0.53Al0.39W0.08N films grown by hybrid W-HiPIMS/TiAl-DCMS co- 
sputtering with metal-ion-synchronized substrate bias and no inten-
tional substrate heating (substrate temperature Ts<140 ℃) [25,26]. 
Upon 2 h long annealing in vacuum, a continuous increase in the 
nanoindentation hardness H is observed up to the maximum annealing 
temperature (Ta) of 1000 ℃, despite the fact that the softer h-AlN phase 
is detected already after annealing at Ta = 900 ℃. The hardening is 
ascribed to the formation of atomic-layer-thick W disks populating 
{111} planes of the cubic matrix, known from light-metal alloys as 
Guinier-Preston (GP) zones [27]. Interestingly, in films with higher AlN 
content, Ti0.33Al0.62W0.05N, W ordering does not take place due to the 
onset of the cubic matrix decomposition and precipitation of h-AlN at a 
lower temperature. Instead, bcc-W phase is detected after 2 h at 900 ℃ 
and film hardness follows classical evolution upon annealing, first an 
increase in H due to c-AlN formation followed by a rapid drop once the 
h-AlN (and bcc-W) precipitates. The occurrence of the new hardening 
mechanism related to GP zones is determined by the presence of minute, 
yet adequate, W amount in the solid solution and a relatively low 
Al/(Al+Ti) ratio. This defines a compositional window not hitherto 
investigated. 

2. Experimental and computational details 

2.1. Synthesis 

Ti0.53Al0.39W0.08N and Ti0.33Al0.62W0.05N films are grown by hybrid 
W-HiPIMS/TiAl-DCMS co-sputtering method in an industrial CC800/9 
magnetron sputtering system manufactured by CemeCon AG, Würselen, 
Germany. Si(001) substrates sequentially cleaned in acetone and iso-
propanol are mounted in the center of a sample holder facing the W 
target, with 21◦ angle between substrates and two DCMS targets (sym-
metrically placed on both sides of the W target) and at the 18 cm target- 
to-substrate distance. The base system pressure is 0.3 mPa (2.25×10− 6 

Torr). The N2 and Ar flows are constant at 148 sccm and 360 sccm, so 
that the total gas pressure Ptot is 0.4 Pa. The power applied each TiAl 
target is 10 kW, while the W target operating in HiPIMS mode is pow-
ered to 2 kW (pulse length is 50 μs, frequency = 200 Hz, and the peak 
target current density is ~0.80 A/cm2). The negative substrate bias is 
applied synchronously with W+-rich HiPIMS pulses [28] with the 
amplitude of 300 and 540 V for Ti0.53Al0.39W0.08N and 
Ti0.33Al0.62W0.05N films, respectively. These conditions were deter-
mined in our previous study to give dense films [29,30]. No external 
heating is used during film growth and the substrate temperature does 
not exceed ~140 ◦C. 

The reference Ti0.53Al0.39W0.08N film with the same composition as 
one of the HiPIMS/DCMS films, in which GP zone formation is observed, 
is grown by DCMS process. This is to determine whether film composi-
tion or the ion irradiation conditions (mostly gas ions during DCMS vs. 
predominantly metal ions during HiPIMS/DCMS growth [25]) are 
decisive for the GP zones formation upon annealing. The reference 
Ti0.53Al0.39W0.08N film is grown by DCMS process using the same set of 
targets. Powers applied to both TiAl targets are 10 kW (i.e., the same as 

during the hybrid growth) while the average power on the W target now 
operating in DCMS mode is reduced to 520 W in order to maintain film 
composition. Such significant reduction in the W power (a factor of four) 
stems from the fact that during W-HiPIMS the significant fraction of the 
ionized W flux is attracted back to the target resulting in a 4-fold drop in 
the deposition rate [31,32]. The DCMS sample is grown at 470 ◦C and 
with a negative DC substrate bias of 60 V to achieve similar film density. 

The annealing is done in vacuum (base pressure ~2.6 × 10− 3 Pa) 
with the heating rate of 10 ◦C/min to the annealing temperature Ta, 
which is in the range 500–1000 ◦C, and then kept at Ta for 2 h. The 
pressure during annealing varies in the range 10− 2 to 10− 3 Pa depending 
on Ta. Following anneal, the furnace is allowed to naturally cool down to 
room temperature. 

2.2. Chemical, structural and mechanical characterization 

Film compositions are determined by the time-of-flight elastic recoil 
detection analysis (ToF-ERDA). 

An FEI Tecnai G2 TF 20 UT FEG microscope, operated at 200 kV is 
used to obtain an overview and high-resolution bright-field transmission 
electron microscopy (TEM) images as well as selected-area electron 
diffraction (SAED) patterns. Lattice- and atomic-resolved scanning 
transmission electron microscopy (STEM) imaging and energy- 
dispersive X-ray spectroscopy (EDX) mapping are carried out with 
double-Cs corrected FEI Titan3 60–300, operated at 300 kV, equipped 
with the Super-X EDX system. The samples for TEM analysis were pre-
pared by ion milling in a Gatan precision ion miller after fine mechanical 
polishing. 

Nanoindentation hardness H is measured with an Ultra-Micro 
Indentation System nanoindenter performing 30 indents on each sam-
ple with a fixed load in the range of 17–20 mN using Berkovich diamond 
tip. 

2.3. Ab initio calculations and molecular dynamics simulations 

Density-functional theory (DFT) calculations and ab initio molecular 
dynamics (AIMD) simulations are carried out with the VASP code 
implemented with the projector augmented wave method [33,34]. The 
electronic exchange and correlation energies are modelled using the 
generalized gradient approximation of Perdew-Burke-Ernzerhof [35]. 
All DFT calculations employ Γ-point sampling of the reciprocal space 
and planewave cutoff energies of 400 eV. Total energies are calculated 
with accuracy of 10–5 eV/supercell, relaxing supercell shape, volume, 
and atomic positions until forces on each atom are smaller than 10–2 

eV/Å. 
Our supercell models have all exactly equal compositions 

Ti0.51Al0.38W0.08N0.97. They contain 3% vacancies on both sublattices 
because the parent WxNy is stabilized in a stoichiometric B1-like phase 
(NbO structure) by coexistence of cation and anion vacancies [36]. We 
employ supercells formed of 360 and 1440 B1-lattice sites to compare 
the energetics of random (Ti,Al,W)N solid solutions with that of tungsten 
GP precipitates of different sizes and shapes embedded in a (Ti,Al)N host 
matrix (denoted below as (Ti,Al)N+WGP). The supercells have [111]//z, 
[1–10]//x, and [11–2]//y crystallographic relationship with the Car-
tesian axes. Given that the supercell vectors are not multiples of each 
other, a stochastic arrangement of metal and N species is sufficient to 
ensure low degree of short-range order. Small and large WGP are 
modelled as disk-like agglomerates and ribbons disposed on a (111) 
lattice plane. Since B1 WNx phases are generally deficient in nitrogen, 
the anion vacancies in (Ti,Al)N+WGP supercells are confined to (111) 
layers adjacent to the W cluster layer. 

The thermodynamic stability of random (Ti,Al,W)N solid solutions 
and of (Ti,Al)N+WGP is evaluated as a function of temperature via free 
energy calculations. We carry out total energy DFT calculations of 
random alloys and small W disks (360-sites supercells), large W disks 
and 1D periodic W ribbons with [110] and [112] edges (1440-sites 
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supercells). The calculations are repeated for different atomic arrange-
ments of both fully disordered (Ti,Al,W)N and W-ordered (Ti,Al)N+WGP 
structures. Increasing the accuracy to 2 × 2 × 2 k-points reduces the 
energy per formula unit of W-ordered (− 3.0 meV/f.u) and disordered 
(− 2.4 meV/f.u.) supercells. Thus, Γ sampling is considered sufficiently 
accurate to evaluate energy differences between ordered and disordered 
phases. The configurational entropy Sconf per formula unit is computed 
using the mean-field theory approximation. For (Ti,Al)N+WGP super-
cells, we omit the contribution of N vacancies and W atoms to Sconf. The 
vibrational entropy Svib is assessed via direct AIMD simulations at 800 
and 1300 K of the random (Ti,Al,W)N alloy with lowest total energy and 
for a small (Ti,Al)N+WGP structure. The simulations employ timestep 
integration of 1 fs. First, equilibrium volumes are determined via NPT 
sampling at 800 and 1300 K. Thus, the atomic trajectories are solved for 
8.2 ps in the NVT ensemble coupled to the Nose-Hoover thermostat. The 
vibrational densities of states (from which we extract Svib) are obtained 
by Fourier transformation of the velocity-velocity autocorrelation 
function. The temperature-dependence of the free energy F (per formula 
unit) of competing phases is estimated as F(T) = E0K – T[Svib(T) + Sconf], 
where E0K is the total energy obtained by DFT calculations at 0 K. The 
vibrational free energy Fvib= –T⋅Svib of small (Ti,Al)N+WGP supercells at 
800 and 1300 K remains approximately 10 meV/f.u. lower than Fvib of 
random alloys. Thus, we assume a constant ΔFvib difference between the 
free energies of random alloys and those of (Ti,Al)N+WGP structures at 
temperatures between 800 and 1300 K. 

3. Results 

ToF-ERDA reveals that the composition of Ti0.53Al0.39W0.08N and 
Ti0.33Al0.62W0.05N films remains constant during the annealing experi-
ments within measurement accuracy. 

Fig. 1 shows the nanoindentation hardness H as a function of the 
annealing temperature Ta for Ti0.53Al0.39W0.08N and Ti0.33Al0.62W0.05N 
films. The latter film shows the expected evolution [13]: the hardness 
reaches maximum of 30.4 ± 1.8 GPa after annealing at 800 ℃ corre-
sponding to the formation of the c-AlN phase. This is followed by a sharp 
decrease to 25.7 ± 1.7 GPa with Ta = 950 ◦C and 19.5 ± 1.6 GPa with Ta 
= 1000 ℃ (h-AlN detected, see below Fig. 2). In contrast, the 
as-deposited Ti0.53Al0.39W0.08N films exhibit a different behavior. H =
29.3 ± 1.8 GPa in as-deposited state and first decreases to 26.7 ± 1.9 
GPa after annealing at 500 ℃, likely due to the relieve of the 
compressive stress (from − 0.75±0.5 GPa to 0.03±0.03 GPa) and defect 
annihilation, given that the growth temperature is very low (Ts < 140 
℃). With further Ta increase, H shows a continuous rise to the maximum 
of 35.7 ± 1.9 GPa after annealing at 1000 ℃. Markedly, even the for-
mation of softer h-AlN phase (observed for Ta ≥ 900 ℃, see Fig. 2) does 
not result in H decrease, in contrast to the Ti0.33Al0.62W0.05N films. This 
behavior is distinctly different to all previous studies of Ti-Al-N system 
reported in literature [13,15]. 

Fig. 2 presents cross-sectional bright-field overview TEM images and 
corresponding SAED patterns of the as-deposited and annealed films. 
The as-deposited Ti0.53Al0.39W0.08N film exhibits dense columnar 
microstructure (Fig. 2a). The SAED pattern of the film shows high in-
tensity arc-like diffraction reflections matching B1-NaCl-structure phase 
with 111 fiber texture. The microstructural characterization of the film 
annealed at 800 ℃ does not show significant changes (see Supplemen-
tary Fig. S1) with respect to the as-deposited state (cf. Fig. 2a). The 
microstructure of the film does not change after the treatment at Ta =

900 ℃ but a weak intensity h-AlN (1010) ring reflection appears in 
SAED (Fig. 2b). After 2 h at Ta = 1000 ℃ the intensity of the h-AlN 
(0001) reflections increases (Fig. 2c) and 20–30 nm size crystallites with 
bright contrast distributed along grain boundaries are visible in TEM 
image. 

As-deposited Ti0.33Al0.62W0.05N films exhibit dense columnar 
microstructure, strong arc-like 111 and 002 diffraction spots 

corresponding to B1-NaCl-structured phase similar to the one shown in 
Fig. 2a, b (see our previous study for details [30]). Ti0.33Al0.62W0.05N 
films after 2 h at 900 ℃ show dense microstructure with uniformly 
distributed 10–15 nm size crystallites with dark contrast (Fig. 2d). These 
crystallites appear in Z-contrast STEM image with bright contrast 
(Fig. 2d inset) which is indicative of high-density bcc-W phase. The film 
exhibits SAED pattern (Fig. 2d), which contains strong (1010) re-
flections of the h-AlN phase and diffraction spots corresponding to the 
bcc-W phase. Note that the Ti0.53Al0.39W0.08N film annealed at 900 ℃ 
had no bcc-W phase and only weak h-AlN reflections (Fig. 2b). 

It is evident that the significant hardness decrease of 
Ti0.33Al0.62W0.05N film after annealing at 900 ℃ is caused by the for-
mation of soft h-AlN and, in addition, even softer bcc-W phase. 
Contrarily, although soft h-AlN is present in Ti0.53Al0.39W0.08N films 
after the 900 ℃ anneal, and its fraction increases after 2 h at 1000 ℃, 
the hardness of that film continues to increase in the entire Ta range 
studied (cf. Fig. 1). 

To understand the unexpected age-hardening behavior of 
Ti0.53Al0.39W0.08N films, the microstructure and local chemical compo-
sition is thoroughly characterized by means of high-resolution TEM 
(HRTEM), lattice- and atomically-resolved scanning TEM (STEM) im-
aging and energy-dispersive X-ray spectroscopy (EDX) mapping. An 
overview Z-contrast STEM image acquired from Ti0.53Al0.39W0.08N films 
annealed at 900 ℃ (Fig. 3a) reveals various regions in the film posing 
different contrasts. Distinctly lower average atomic number phase (dark 
contrast) can be observed forming at the boundary of cubic crystalline 
columnar grain while the inside of the grains exhibits mixed bright/dark 
contrast (discussed below). EDX mapping (Fig. 3b-e) of the area I in 
Fig. 3a provides evidence that the column boundary phase is Al-rich, 
while the column matrix contains homogeneously distributed W and 
non homogeneously distributed Ti and Al. The analysis of fast Fourier 
transforms (FFT) of the dark area (Fig. 3g) in the lattice-resolved STEM 
image (Fig. 3f) reveals reflections corresponding to B4-structured phase 
(Fig. 3g) implying that the Al-rich column boundary phase marked in 
Fig. 3a is the h-AlN phase, segregated at grain boundaries of the column 
matrix. 

Whereas EDX mapping of the area II from within the column in 
Fig. 3a, (3i-l) reveals nanoscale domains enriched in Ti and Al, consis-
tent with the STEM bright/dark contrast in Fig. 3a, with the modulation 
wavelength of the order of 3–7 nm, i.e., typical for spinodal decompo-
sition of c-TiAlN, which has been shown to induce age hardening [13, 
14]. W is homogeneously distributed in both Ti- and Al-rich domains 
(Figs. 3k and 4f below). 

Fig. 1. Nanoindentation hardness H of Ti0.53Al0.39W0.08N and 
Ti0.33Al0.62W0.05N films as a function of annealing temperature (Ta). Annealing 
is done in high vacuum for 2 h. As-deposited samples are denoted as “A.D.”. 
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Fig. 2. Cross-sectional bright-field overview TEM images and corresponding SAED patterns for as-deposited Ti0.53Al0.39W0.08N films (a), Ti0.53Al0.39W0.08N films 
annealed at 900 ℃ (b), Ti0.53Al0.39W0.08N films annealed at 1000 ℃ (c), and Ti0.33Al0.62W0.05N films annealed at 900 ℃ (d with inset showing Z-contrast STEM 
image). As-deposited samples are denoted as “A.D.”. 
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HRTEM images are taken from the column matrix of 
Ti0.53Al0.39W0.08N film after annealing at 900 ℃ (Fig. 4a) and 1000 ℃ 
(Fig. 4b). The observations reveal atomic-layer-thick planar features of 
2–3 nm in length viewed edge-on after annealing at 900 ℃. Their 
average lengths increase to 3–5 nm after 2 h at Ta = 1000 ℃. The lattice- 
resolved STEM image from the column matrix of Ti0.53Al0.39W0.08N film 
after annealing at 900 ℃ (Fig. 4c) viewed along the [110] zone axis 
together with corresponding FFT demonstrate clear lattice fringes cor-
responding to the metastable B1-NaCl structure of the column matrix 
which extend across bright and dark contrast regions consistent with 
spinodal-type decomposition on isostructural TiN- and AlN-rich do-
mains. The bright planar features on individual 111 planes are homo-
geneously dispersed in the column matrix. Atomically-resolved STEM 
images (Fig. 4d) and EDX maps (Fig. 4e-h) from the individual features 
reveal that they are atomic-plane-thick W disks populating {111} planes 
of the cubic matrix. These atomic arrangements can be interpreted as GP 
(I) zones fully coherent with B1-NaCl-structured matrix [27]. GP(I) 
zones are originally known as atomic-plane-thick monoatomic Cu pre-
cipitates coherent with chemically distinct matrix phase and formed at 

the early stage of age-hardening of Al based alloys [37,38]. 
To further understand the formation of GP(I) zones in 

Ti0.53Al0.39W0.08N films, DFT calculations and AIMD simulations are 
employed. Fig. 5 shows the free energy of competing structures calcu-
lated as a function of temperature T. At 0 K (inset in top-left panel), the 
supercells of lowest energies containing small (~ 1 nm diameter) and 
large (~ 2 nm diameter) W disks are ~ 20 and ~ 10 meV/f.u., respec-
tively, more stable than fully-disordered Ti-Al-W-N solid solutions. The 
supercells with a W ribbon with [110] edges exhibit the highest stability: 
~ 30 meV/atom lower than disordered solid solutions. Conversely, W 
ribbons with [112] edges (structure not shown) are predicted to be as 
stable as large W disks. 

With increasing temperature, the configurational entropy contribu-
tion to the free energy increasingly favors lattice disorder. Note that the 
difference in vibrational free energies remains constant at ≈10 meV/f.u. 
for 600 ≤ T ≤ 1500 K, thus partially counterbalancing the configura-
tional entropy effect. The free energy results shown in the figure indicate 
that nucleation of small (111) W disks surrounded by N-deficient (111) 
lattice planes is thermodynamically favored up to T = 1200 ± 100 K. 

Fig. 3. Cross-sectional Z-contrast STEM images and EDX maps of Ti0.53Al0.39W0.08N film after annealing at 900 ℃. An overview STEM image from the 150 × 150 nm2 

area (a). EDX color-coded maps of three principal elements, that is, Ti (b), Al (c), W (d), and combined map of Ti-Al (e) acquired in the region I marked by the long- 
dashed black square in (a). Lattice-resolved STEM image of the region marked by the short-dashed white square in (a) showing h-AlN phase precipitation at grain 
boundaries (f) with FFT patterns of the dark (g, low Z) and bright (h, high Z) areas in (f) as indicated by white dot rectangles. EDX color-coded maps of three principal 
elements, that is, Ti (i), Al (j), W (k), and combined map of Ti-Al (l) acquired in the region II marked by the long-dashed red square in (a). 
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The results also suggest that, while growth of W precipitates to large 
disks is thermodynamically hindered, assembly of W atoms along 
<110> lattice directions to form long W (111)-ribbons with [110] edges 
would be energetically favored up to 1400 ± 100 K. Thus, the W-rich 
disks on 111-cation B1-NaCl sublattice can form via homogenous 

nucleation and growth as incipient W-rich clusters, which form sto-
chastically, capture diffusing W atoms. Lattice defects, such as vacancies 
on the nitrogen sublattice, could also serve as heterogenous nucleation 
sites. 

Fig. 4. Cross-sectional HRTEM images of Ti0.53Al0.39W0.08N film after annealing at 900 ℃ (a) and 1000 ℃ (b) viewed along the [110] zone axis. Lattice-resolved Z- 
contrast STEM image taken along the [110] zone axis from B1-NaCl structure column matrix of Ti0.53Al0.39W0.08N film after annealing at 900 ℃ (c) with corre-
sponding FFT as an inset. Atomically-resolved STEM image (d) taken from the area marked by white-dash square in (c) with atomic structural model used in cal-
culations as an inset (Color legend: black=N, silver=Ti, cyan=Al, orange=W). EDX color-coded maps of three principal elements, that is, W (f), Ti (g), Al (h), acquired 
in the region with GP (I) zone. 
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4. Discussion 

The unexpected formation of GP(I) zones with W atoms populating 
{111} surface in annealed Ti0.53Al0.39W0.08N films needs understanding. 
Both high-temperature annealed films, Ti0.33Al0.62W0.05N and 
Ti0.53Al0.39W0.08N, exhibit structural evolution that is in line with the 
well-known decomposition pathway in TiAlN system: supersaturated 
single-phase solid solution undergoes spinodal decomposition into c- 
TiN- and c-AlN-enriched nanodomains, and, upon overaging, subse-
quent local phase transformation of c-AlN into thermodynamically sta-
ble h-AlN takes place. Decomposition into cubic nanodomains is 
associated with initial age hardening in both films, whereas nucleation 
and growth of h-AlN resulting in a deterioration of mechanical proper-
ties is only observed in the Ti0.33Al0.62W0.05N case. 

A principal difference in structural evolution between the two films 
is the formation of GP(I) zones by W atoms populating {111} surface in 
the B1 matrix of Ti0.53Al0.39W0.08N film and the precipitation of bcc-W in 
Ti0.33Al0.62W0.05N layer, although W content in both films is similar. 
While both systems are metastable [39] (excluding possible impact of 
W) and the mixing enthalpy increases with x = Al/(Al+Ti), the driving 
force for decomposition into thermodynamically stable phases is higher 
for the film with higher AlN content [2]. Therefore, the onset of 
decomposition into the stable phases occurs at lower Ta for the AlN-rich 
Ti0.33Al0.62W0.05N film, in agreement with previous studies [15], which 
is evident as stronger h-AlN reflections in the SAED pattern shown in 
Fig. 2d (as compared to that from Ti0.53Al0.39W0.08N film after annealing 
at 900 ℃, Fig. 2b) [16,40]. Formation of h-AlN at relatively low Ta in the 
case of Ti0.33Al0.62W0.05N films creates high-mobility diffusion pathways 

Fig. 5. DFT/AIMD free energies as a function of T of disordered (Ti,Al,W)N alloys as well as of small, large W disks, and 1D periodic W ribbons embedded in (Ti,Al)N 
disordered alloys. To facilitate readability, the energies of small (Ti,Al)N + WGP structures and disordered alloys are offset in T by ± 40 K. The free-energy error bars 
are comparable to symbol sizes. Representative supercell structures are shown on the bottom and on the right. Color legend: black = N, silver = Ti, cyan = Al, orange 
= W. 
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along grain boundaries which enable precipitation of bcc-W grains. 
In contrast, nucleation of the h-AlN phase within the grains is 

retarded in Ti0.53Al0.39W0.08N films that together with low mobility of 
large W atoms in the B1 phase [41] results in diffusion of W leading to 
nucleation and growth of atomic layer precipitates on {111} planes, 
which can be interpreted as GP(I) zones. 

Although c-Ti1-zWzN solid solution was experimentally synthesized 
in a wide compositional range 0 ≤ z ≤ 0.6 [42], it is metastable with 
respect to the separate c-TiN and h-W2N phases [43]. Considering that 
h-W2N is among ground state phases of various W-N compounds [44] 
and the fact that cubic {111} surface follows a hexagonal pattern [45], 
(111) planes of the cubic matrix are preferential saddle sites for W atoms 
assembling towards known h-W2N. Ultimately, upon age hardening, W 
atom diffusion through the host cubic lattice results in local regions 
consisting of ordered W planes coherent with the matrix cubic lattice 
forming GP(I) zones. The bulk of the crystalline columnar grains remains 
cubic with compositionally modulated coherent c-Ti(W)N and Al(W) 
N-rich domains, and coherent GP(I) zones. DFT calculations show that 
GP(I) zones as small disks on {111} surface are thermodynamically 
favored up to 1200 K with a driving force to grow along [110] direction 
ultimately forming ribbons. Although GP(I) zones are observed in the 
matrix when viewed along [112] zone axis (see Supplementary Fig.S3), 
there is no evidence that they grow along [110]. Moreover, GP zone 
lengths along [110] do not change significantly upon the increase of 
annealing temperature from 900 to 1000 ℃ (c.f. Supplementary Fig. S3). 
However, the growth of W atoms into larger precipitates needs to 
compete with diffusion kinetics, recrystallization, defect annihilation, 
and concomitant phase transformations, such as spinodal decomposi-
tion. The latter, as seen in Fig. 3i-l, gives compositional fluctuations in 
the matrix, thus modifying the chemical environment that surrounds the 
GP zones. Since the composition of B1 {111} surface has significant 
effect on surface energetics and atomic diffusivity [45], GP zone growth 
direction can vary depending on the composition of a spinodally 
decomposed domain. 

For full coherency, c-Ti(W)N and c-Al(W)N domains are strained by 
equal and opposite forces due to the small difference in lattice param-
eters. Moreover, GP(I) zones induce additional coherency strain fields in 
the matrix due to misfit between the GP zone and the matrix lattice [46]. 
The dark contrast on one side of GP(I) zones in the BF-TEM images 
originates from the strain filed around the zones (Fig. 4a, b) [47]. The 
movement of dislocation is, thus, hindered because it is more difficult 
for dislocations to propagate through a strained material [48]. In addi-
tion, the long-range coherent composition modulation due to both cubic 
nano-domains and GP(I) zones results in spatially fluctuating elastic 
properties giving rise to Koehler type hardening [49,50]. The latter 
hardening mechanism is based on repelling shear stresses acting on 
dislocations gliding across the compositional gradient with difference in 
elastic shear modulus. Therefore, due to two sources of coherency 
strains and two sources of Koehler type hardening, i.e., coherent nano-
domains of matrix phase and GP(I) zones, continuous age hardening of 
Ti0.53Al0.39W0.08N films is observed even though precipitation of soft 
h-AlN takes place locally at grain boundaries. Since the precipitation of 
h-AlN and GP(I) zones starts in the same temperature range between 800 
and 900 ℃ (cf. Fig. S1 and Fig. 2b, c), GP(I) zone hardening becomes 
active immediately when the softening mechanism due to h-AlN be-
comes operative. Moreover, GP(I) zone hardening not only compensates 
for softening due to h-AlN but also overcomes its adverse effect on 
hardness as the latter keeps increasing up to 1000 ℃ although the 
fraction of h-AlN increases (c.f. Figs. 1 and 2). 

Considering the wealth of reports on TiAlN-based multielement ni-
trides films, one may ask the question why GP zone formation has not 
been reported before. While it might well have occurred in some studied 
system, GP zone formation has a very weak peak-broadening signature 
in XRD and may thus have gone unnoticed unless resolved by TEM as 
done here. A possible such case is from Ti1–x–yAlxWyN coatings with x =
0.42 and y = 0.05, see Figure 9 in [24]. Age hardening in TiAlN based 

refractory nitride ceramics has also for decades since its discovery [13] 
been exclusively associated with the formation of coherent nanoscale 
domains via spinodal decomposition of a supersaturated solid solution 
exhibiting a clear XRD peak broadening and shoulder signature. The 
findings reported herein may stimulate revision of the age-hardening 
mechanisms in refractory nitride ceramics and allow to formulate gen-
eral approaches required for synthesis of refractory ceramic with po-
tential GP zone hardening ability. Towards that end, we note that 
alloying TiAlN with a wide range of group IVb and Vb transition metals 
(such as Zr [17], Hf [18], Ta [21,22] and Nb [19]) has thus shown to be 
an efficient way for a more pronounced age-hardening reflected in 
prolonged temperature window for age hardening or a higher hardness 
in comparison to TiAlN. The results presented here suggest that syn-
thesis of ceramic nitride materials with potential to form GP zones can 
be realized by choosing a metastable-cubic solid-solution multielement 
system exhibiting a miscibility gap combined with a low affinity to ni-
trogen (as in the case of W) of a transition metal whose ground state 
nitride phase is other than fcc-NaCl. This expands possible choice of 
alloying transition metals to Ta, Mo, Re, Ru, and Os [51–53]. The strong 
sensitivity of GP zone formation to the Al content in the solid solution 
revealed in the present study also rationalizes why GP zones have not 
been reported in the previous studies on age-hardening of TiAlN based 
refractory nitride ceramics. With most attention spent on 
high-Al-content multielement nitrides with only minor additions of W, 
Ta, Mo, Hf, and Nb, the driving force for spinodal decomposition would 
greatly outnumber that of GP zone formation. The very GP formation 
and its expression would also be a function of the matrix registry, where 
an extensive spinodal process would render the lattice highly strained 
thus making {111} planes for a GP zone alignment less favorable or the 
features indistinguishable to the microscopist. 

A possible concern is the effect of W addition on the oxidation of 
TiAlWN films under exploitation at ambient conditions, as it is known 
that WN tends to oxidize at 500–600 ◦C [54]. Because we use relatively 
small amount of W (4 at.%) embedded in oxidation resistant TiAlN, this 
effect will not likely interfere with the onset of GP zone hardening in the 
bulk of the coating. This topic, however, will require future experi-
mental evaluation 

Importantly, GP(I) zones are also observed in Ti0.53Al0.39W0.08N 
DCMS reference film (Supplementary Fig. S2) implying that GP(I) zone 
formation and associated hardening mechanism is a purely intrinsic 
property of the material system that obviously requires a solid solution 
initial state and does not depend on the synthesis method and related 
kinetic constraints. Instead, the Al and W concentrations are critical. 
Future experimental and theoretical studies are suggested for deter-
mining the chemical bimodal and spinodal for the components of the Ti- 
Al-W-N system. Temperature-time-transformation (TTT) diagrams will 
also help navigate between the different types and rates of 
transformations. 

5. Conclusions 

In summary, the results, we present here, demonstrate that age 
hardening of refractory nitride ceramics beyond the operation of spi-
nodal decomposition is possible due to the activation of a novel for 
ceramic materials GP zone hardening. It is demonstrated by means of a 
set of complementary experimental and theoretical techniques that, 
upon annealing, supersaturated solid solution Ti-Al-W-N spinodally 
decomposes into Ti(W)N-rich and Al(W)N-rich nanodomains with {111} 
planes populated by atomic-plane-thick W in the form of GP(I) zones. 
This GP zone formation represents an additional source of coherency 
strain for Koehler stress that hinders dislocation motion, thus increasing 
hardness and effectively counteracting softening from h-AlN precipita-
tion. A broader potential impact of this work is that the hardening 
mechanism presented here can be put to work in other ceramic systems, 
widening the materials design and operational window for production of 
advanced ceramics. 
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