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The deformation behavior of additively manufactured Alloy 718 in as-built
condition and after annealing was studied in situ under tensile loading along
the build direction. Pre-characterization by synchrotron X-ray diffraction and
electron microscopy revealed a significant amount of c¢¢ precipitates in the as-
built samples, whereas the c¢¢ phase was entirely consumed and needle-like d
precipitates appeared in the annealed sample. In situ neutron diffraction (ND)
and acoustic emission (AE) enabled indirect observation of the role of the
precipitates on the mechanical behavior. ND provided information on the load
accommodation in the matrix, while AE detected a strong signal from the
interaction of dislocations with the d-phase precipitates during deformation of
the annealed samples. The results imply that in the annealed samples the
matrix sheds the load to the precipitates, while in the as-built material the
matrix bares a significant load.

INTRODUCTION

Alloy 718 (also known as Inconel 718) is a Ni-based
superalloy that is widely used for components in gas
turbines in jet engines because of its goodmechanical
properties and corrosion resistance at elevated tem-
peratures.1 The good combination of strength and
ductility of Alloy 718 derives from its ductile c phase
matrix with face-centered cubic (fcc) crystal struc-
ture and the coherent c¢¢ phase precipitates with
Ni3Nb composition and a body-centered tetragonal
(D022) crystal structure (bct crystal structure). Less
often, c¢ precipitates with a face-centered cubic (fcc)
crystal structure are present. The precipitation of
either c¢ or c¢¢ is dependent on the concentration of Ti

and Nb.2 Typically, Alloy 718 is used for medium-
temperature applications, because above 650�C the
thermodynamically stable d phase forms, withNi3Nb
composition and an orthorhombic (D0a) crystal struc-
ture, at the expense of the c¢¢ phase. The appearance
of d, at the expense of the c¢¢, has been observed to
degrade themechanical properties of thematerial.3–5

The d phase precipitates can form either at the grain
boundaries or intragranularly. A recent study
showed that when d appears at the grain boundaries
in sufficient amounts, it leads to a better formability
of Alloy 718,whereas dprecipitation inside the grains
leads to hardening of the material.6 Precipitation of
Laves and carbide phases, which are responsible for
reduced ductility.7,8 is also commonly observed in
Alloy 718.
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Fabricating components of Alloy 718 using addi-
tive manufacturing (AM) methods is very attractive
for many applications due to the large degree of
design flexibility that they offer. One of the most
commonly used AM processes is the family of so-
called powder bed fusion processes, including the
following methods: direct metal laser sintering
(DMLS), electron beam melting (EBM), selective
heat sintering (SHS), laser powder bed fusion (LPBF:
frequently referred to selective laser melting, SLM),
and selective laser sintering (SLS).9 LPBF is an
established method for processing metals and alloys
where a laser source is utilized for melting and
selectively fusing together metallic powders, which
are spread by a recoater on a build plate that moves
downwards as the metallic component is being built.
In LPBF, the laser power, scanning speed, hatch
spacing, and layer thickness are the most influential
parameters and the most common process parame-
ters adjusted to optimize the process. Hence, signif-
icant work has been undertaken to understand the
link between processing parameters and produced
microstructure for particular metals/alloys. For
Alloy 718 specifically, a few recent examples are
contained in references.10–17 It has been observed
that Alloy 718 exhibits a heterogeneous microstruc-
ture in its as-built form, containing a large amount of
segregating phases, such as MC-type carbides and c/
Laves phase eutectics within the interdendritic
regions.18 Typically a two-step heat treatment pro-
cess is undertaken to improve its mechanical prop-
erties: (1) solution annealing to dissolve the
segregation particles and strengthening phase into
the matrix, followed by (2) ageing heat treatment to
precipitate fine particles of c¢ or c¢¢ phases in the
matrix.19–23 Besides c¢ and c¢¢ phases, d phase forms
at the grain boundaries and inside the grains, and
Laves phases aswell as carbides appear in thematrix
during ageing.24Despite the significantwork done on
wrought 718 alloys, the complex thermal cycles and
fast cooling rate of the AM processes result in
different phase distributions, and grain and precip-
itate morphologies. As such, their effect on the
mechanical behavior of these materials is still not
very well understood.

The Laves, d and carbide precipitates are usually
small in size and relatively low in fraction and
therefore their identification and quantification is
challenging using electron microscopy methods.
Moreover, due to the low symmetry of the crystal
structures of Laves, d, and carbide phases, and due
to the existence of multiple diffraction peaks that
overlap with the diffraction peaks of the matrix (the
a lattice parameter of c¢¢ is about half the c lattice
parameter and very close to the a lattice parameter
of c), laboratory X-ray diffraction (XRD) methods
struggle to identify the phases. Thus, synchrotron
XRD, due to the high flux, is essential for indexing
and quantifying the existence of different phases in
low fractions in the bulk of the material. The
drawback of XRD is that at low energies X-rays

cannot penetrate deep into the material and thus the
probed volume is smaller than for ND. Due to the
typically rather large grain sizes of LPBF-processed
materials (in the order of tens to hundreds of
microns) low-energy XRD does not provide satisfac-
tory grain statistics. Grain statistics are signifi-
cantly improved when high-energy beamlines are
employed in combination with large beam size.25,26

Neutron diffraction (ND), on the other hand, allows
the investigation of large gauge volumes; but at a
lower resolution which does not allow evaluation of
the deformation behavior of the precipitates.

The motivation of the current work was to study
the deformation behavior of Alloy 718 containing c¢¢
phase material in comparison with the deformation
behavior of a microstructure where d phase domi-
nates, and c¢¢ is absent. The effect of texture is not
the focus in this paper. The first investigated
material was an as-LPBF processed Alloy 718 that
contained a significant amount of c¢¢. The second
investigated material was an LPBF-processed Alloy
718 which had been annealed at 850�C for 8 h and
thus predominantly contained d phase. The initial
characterization was undertaken using synchrotron
XRD, while ND was used concurrently in situ with
the deformation tests. A particular focus of this
work was the synergy of ND and acoustic emission
(AE) for observing indirectly the effect of precipita-
tion on the mechanical behavior under uniaxial
loading. The findings were compared with previous
studies undertaken on wrought materials.

EXPERIMENTAL

Tensile dogbone-shaped specimens with gauge
length of 25 mm and 6 mm diameter were produced
from pre-alloyed 718 powder using the parameters:
200-W laser power, 900-mm/s scanning speed, 0.12-
mm hatching spacing, and 30-mm layer thickness.
The loading direction of the tensile specimens
corresponded with the building direction. The
threads for fixing the samples on the tensile rig
were machined after the LPBF fabrication.

The microstructure of the samples was charac-
terized by electron backscattered diffraction
(EBSD). The samples were ground with 4000 grit
SiC paper, polished down to 0.25 lm and then
electropolished using a 70-ml H2O, 200-ml glycerol,
720-ml H2SO4 solution at 40 V for 30 s. A field
emission gun scanning electron microscope (FEG
SEM) Zeiss ULTRA 55 equipped with EDAX Hikari
Camera operated at 20 kV in high current mode
with a 120-lm aperture was used. The EBSD raw
data was post-processed using the EDAX OIM
Analysis 7.3 software.

The in situ ND experiments under uniaxial
tension were carried out at the time-of-flight POLDI
diffractometer27,28 at the Swiss Spallation Neutron
Source, SINQ at the Paul Scherrer Institute,
Switzerland, using the tensile rig of the beamline.
The samples were deformed with an initial strain
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rate of 4 9 10�4 s�1 in displacement control. The
strain was measured with a mechanical extensome-
ter attached to the sample. The ND measurements
were undertaken upon stopping the tensile exper-
iment and holding the strain at predefined strain
positions. A gauge volume of 3.8 9 3.8 9 3.8 mm3

was defined by a pair of diaphragms in the incident
beam and a radial collimator on the diffracted beam.
The obtained data were fitted using a Gaussian
function in Mantid29 to obtain the peak position and
full width at half maximum (FWHM).

Three samples for each condition were tested in
total. Two deformation measurements in displace-
ment control mode were performed together with
ND with the loading direction being parallel or
perpendicular to the scattering vector, hereafter
denoted as BD and TD respectively. ND data were
collected at predefined strain intervals after inter-
rupting the loading and holding the displacement
for 65 min and 40 min for BD and TD measure-
ments, respectively. A 3-min waiting time was
applied to allow for stress relaxation before the
ND measurements started. Since the interpretation
of TD data is not straightforward, we focus mainly
on the interpretation of BD data.

A thirdmeasurement was undertakenwith the AE
system attached to the sample during continuous
tensile tests. AE was measured using the Vallen
AMSY-6 multi-channel system with an ASIP-2 AE
signal processor. AVallenAEP5preamplifier (40 dB)
and Physical Acoustic Corporation (PAC) Micro 30S
sensorwereused. The sensorwas attached directly to
the sample with the help of a plastic clip. Vacuum
grease (Apiezon M) was employed to facilitate better
acoustic contact between the sensor and the sample.
The AE count rate (AE counts per second) was
evaluated based on the threshold-level AE detection,
with the threshold set at 24 dB.

For the synchrotron XRD investigations, thin
strips of material were cut from the samples and
mechanically ground (using SiC papers 1200-2500-
4000 grit) and polished (using a 1-lm diamond
suspension) down to a thickness of approximately
100 lm. At this thickness any residual stress (RS)
present in the as-built material is expected to be
relaxed. Synchrotron XRD measurements were
undertaken at the MS beamline of the Swiss Light
Source (SLS) at the Paul Scherrer Institute,
Switzerland using a 25-keV beam and a
70 9 70 lm2 spot size. The measurements were
performed in transmission using a Pilatus 6 M
detector to capture the entire Debye–Scherrer rings.
Several points were measured, but they did not
exhibit significant differences in terms of precipita-
tion. The diffraction data were calibrated using a
LaB6 NIST SRM 660b and integrated along the
entire azimuthal range using the open source
software bubble.30 After indexing of the diffraction
patterns, Rietveld refinement was carried out using
the open access software GSAS-2 for obtaining the
phase fractions of the constitutive phases.31

The raw 2D diffraction pattern is shown in
Fig. 1a. One can see that the diffraction pattern
does not form full circles but rather individual spots.
This is due to the small number of grains in the
diffraction volume. Such a pattern is not suitable for
in situ investigations due to the relatively poor
diffraction grain statistics, i.e., the grain size of the
principal phase, c, is in the order of 30 lm. The
angular integration of the XRD pattern is shown in
Fig. 1b and compared with ND data. It is obvious
that the signal to background noise ratio is much
higher for XRD than for ND, while the peaks from
precipitates are beyond the resolution of ND.

RESULTS AND DISCUSSION

The as-LPBF processed and the heat-treated
material contained different phases, as revealed by
the Rietveld refinement of the XRD data shown in
Fig. 2. For both samples, the Rietveld refinement
gives a good fit to the experimental data and it was
observed that the as-built specimen contained a
mixture of matrix c phase with 20.4 ± 0.8% of c¢¢
phase, 1.8 ± 0.1% of Laves phases, and 0.2 ± 0.1%
of metallic carbides, whereas no d phase peaks were
found. After annealing at 850�C for 8 h, the c¢¢ phase
disappeared, which is seen as a vanishing of the
peak ‘‘shoulder’’ shown in the diffraction pattern of
the as-built material, i.e., the (111) and (200) peaks
of the c matrix become sharper, as shown in Fig. 2b,
and c¢¢ is not included in the Rietveld fitting. On the
other hand, the volume of d phase increases to
11.8 ± 0.6%, the Laves phases to 6.1 ± 0.9%, and
the metallic carbides to 0.8 ± 0.5%. The d phase
precipitates accumulated along the grain bound-
aries and needle-like d phase precipitates were
distributed inside the grains, as shown in the
backscattered-electron (BSE) SEM image in Fig. 3a
and 3b which is in good agreement with the
microstructure of Alloy 718 annealed at 980�C.32,33
The carbides are seen as dark spots in the BSE
mode in Fig. 3b as previously also reported in Ref.
15 The as-built material exhibits a characteristic
dendritic structure and a relatively high fraction of
bright dendrite boundaries are observed in the BSE
micrographs, which implies heavy element segrega-
tion, i.e., Nb-rich precipitates.34 Based on the phase
fraction obtained by Rietveld analysis, these precip-
itates can only be c¢¢ phase (i.e., 20.4% in fraction),
which has been shown to be rich in heavy ele-
ments.35 This observation is in contrast with previ-
ous observations where a high fraction of Laves
phases where observed at the dendrite bound-
aries;19,36 the Laves phase fraction of the as-built
material of the present work was only 1.8%.

The true stress–strain curves are shown in Fig. 4
for both materials. There was a good agreement
between the in situ and ex situ tests; therefore, only
the continuous deformation curve is shown in
Fig. 4. The as-built material exhibits remarkable
mechanical properties, due to the presence of a
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significant amount of c¢¢, which are comparable with
the mechanical properties obtained after 2-step
annealing treatment in LPBF-processed materials

reported in Ref. 37. Annealing at 850�C for 8 h
increases the strength significantly and reduces the
ductility of the material. The change in the

Fig. 1. (a) 2D XRD pattern. (b) Comparison of ND and XRD patterns in a section.

Fig. 2. Synchrotron XRD patterns (points) and Rietveld refinement pattern (green line) for (a) as-built, and (b) annealed specimen.
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mechanical properties is associated with the differ-
ent fraction and type of precipitation between the
two materials. As discussed above, fine d particles
form in the grain interior (cf. Fig. 3), typically upon
annealing at temperatures below 900�C.6 The pres-
ence of these d particles in the annealed specimen
strengthens the material and results in a pro-
nounced work-hardening rate during the initial
stage of plastic deformation compared with the as-
built sample, as shown in Fig. 5. The mechanical
properties of the two materials are summarized in
Table I.

Both materials exhibit very strong AE activity in
the beginning of loading in the apparent elastic
stage of deformation (Fig. 4). It is generally believed
that elastic deformation of metals does not lead to
AE as it does not involve generation of energy
bursts within the sample, which is typical for plastic
deformation (e.g., dislocation avalanches, mechani-
cal twinning, cracking etc.).38 It is therefore appar-
ent that the initial deformation is not ideally elastic
in these materials and that some localized sources of
AE are activated before reaching the macroscopic
yield point. It was shown that very fine oxides

(mostly Al2O3) form in the Inconel 718 alloy during
SLM processing.39 These brittle oxide particles have
relatively low tensile strength40 together with
higher elastic modulus than the matrix, 330 GPa
and 200 GPa, respectively; they break during the
macroscopic elastic loading, thus giving rise to AE.
Note that the total volume of these particles is
typically lower than 0.1% in SLM-processed Inconel
718, which is below the detection limit of the XRD
analysis (Fig. 2). Similarly, the formation of these
particles does not considerably affect the inherent
precipitation sequence of this material.39

The AE activity reaches its maximum near the
macroscopic yield point in both materials. This
feature is characteristic of fcc metals and reflects
massive dislocation activity (and possible twinning)
as the material starts to deform plastically.38,41,42

During the later stages of deformation the AE
response gradually diminishes. This observation is
related to reduced mean free path of dislocations
due to the formation of dislocation entangles, forest
dislocations, and new high-angle grain boundaries
(a result of twinning) as the materials harden.38

Moreover, Alloy 718 generally has a relatively low

Fig. 3. (a) Low and (b) higher magnification backscattered SEM image of the as-built sample showing the dendritic structure and elemental
segregation of heavy elements at the dendrite boundaries due to precipitation of c¢¢. (c) Low magnification backscattered SEM image of the
annealed sample showing the presence of needle-like d phase at the grain boundaries and inside the grains. (d) High magnification
backscattered SEM image showing the needle-like d phase and carbides (dark spots shown with green arrows).
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stacking fault energy and a high modulus of elas-
ticity. In such materials, dislocation cross-slip is
typically difficult.43

Figure 4 also shows that, although qualitatively
similar, a much stronger AE response was observed
in the aged sample in the latter stages of deforma-
tion. This is due to the different strengthening effect
of precipitates. The presence of c¢¢ precipitates has
been associated with coherency hardening44,45

where the dislocations cut through the precipitates,
introducing stacking faults and antiphase bound-
aries in the precipitates.46,47 The presence of d
phase has been shown to inhibit the dislocation
movement during deformation48, 49 and dislocations
pile up in the vicinity of the precipitates, which act
as breakable pins. With increasing stress, energetic
dislocation avalanches occur as they overcome the
precipitates, thus giving rise to strong AE signals.38

Hence the annealed sample exhibits strong AE
activity during loading due to the possibility of
cross-slip. A corresponding observation for a similar
Ni-based superalloy was reported in Ref. 50.

Figure 5 shows the lattice strain evolution for the
111c, 200c, 311c, and 220c grains aligned with the
loading direction for both materials, together with
the deformation curve and work hardening. The
{111} lattice plane family is the stiffest elastically,
while the {200} is the most compliant. This is typical
for Ni single crystals51 and it was also observed in
various fcc materials with mild texture or when
intragranular strains are not strong.52 The work
hardening before the yield point of the annealed
sample is flat, showing perfect elastic behavior. The
as-built sample, on the other hand, exhibits a slight
decrease in work hardening, which can be

attributed to the presence of steep residual stresses
in the as-built material. The presence of steep RS
affects the evolution of peak broadening during the
deformation, which is shown in Fig. 6 and discussed
in the following paragraphs. The macroscopic yield
stress of the as-built specimen is � 714 MPa and at
this stress the elastic strain deviates from linearity
for all lattice plane families, which is indicative of
the onset of plastic deformation, as shown in
Fig. 5a. At applied stresses higher than the yield
point, the {111} and {220} lattice plane families shed
load to the {200} family, which takes up significant
elastic load. The {311} planes deviate from linear
behavior only slightly, exhibiting the average elastic
response of the sample. This suggests that the c
matrix fulfills the stress equilibrium and the c¢¢
precipitates do not carry significant load. At the
onset of the macroscopic plastic deformation of the
annealed specimen, all lattice plane families appear
to shed load, which is seen as an abrupt change of
the lattice strain evolution in Fig. 5b. A sharp
change in the work hardening is also observed and
correlates with the kink of the lattice strain. A
previous investigation on Alloy 71853 showed that
the d phase bears significantly higher load than the
cmatrix, and therefore the observed deviation of the
lattice strain in c and work hardening is possibly
due to c matrix shedding load to the d phase. This
observation is in good agreement with high-temper-
ature deformation investigations of d-containing Ni
superalloys. It was shown that dislocation entangles
occur in the vicinity of d-phase particles, which
considerably contribute to the work
hardening.48,54,55

Fig. 4. True stress–strain curve for the as-built and annealed sample and AE count rate; data from the continuous deformation test.
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Table I. Summary of the tensile properties for Alloy 718 processed by LPBF in the as-built and annealed
(850�C for 8 h) conditions

Sample
Yield strength, r0.2,

MPa
Young’s modulus, E,

GPa
Tensile strength, rUTS,

MPa
Fracture strain, ef,

%

As-built 714 202 1290 22.3
Annealed 850 138 1350 14.5

Fig. 5. Lattice strain with stress curves for the {111}, {200}, {220}, and {311} lattice plane families along the loading direction shown together with
work hardening for (a) the as-built specimen and (b) the annealed specimen.
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Using the data from XRD (Fig. 2), where no RS
are present due to the small sample thickness, the
dislocation broadening is slightly higher in the as-
built sample, as shown in Fig. 7, since the disloca-
tions were partly recovered during annealing. It is
expected that broadening predominantly depends
on the dislocation activity. However, the higher
broadening in ND in the initial state of deformation

of the as-built sample cannot be explained only by
dislocation broadening (Fig. 6). The LPBF process is
known to create a relatively high RS and steep RS
gradient close to the surface of the sample.56,57 Due
to the large gauge volume of ND, areas with
different magnitude and even sign of RS are sam-
pled; therefore, variable lattice spacing is sampled
and hence broad diffraction peaks are observed.

The evolution of FWHM and integrated intensity
of the selected ND peaks during deformation are
shown in Fig. 6. All the peaks exhibit similar
evolution; therefore only {111} and {220} grain
families were selected for better clarity in the axial
direction. In the initial stage of deformation, the
broadening of the peaks in the annealed specimen
increases, while it significantly decreases in the as-
built sample (Fig. 6). The broadening of the peak is
a result of substantial increase in dislocation den-
sity during plastic deformation in the annealed
specimen. Conversely, in the as-built sample during
the elastic loading, the steep RS gradients are
equalized and hence the diffraction peaks become
sharper during the initial stage of the deformation.
This process also explains the non-elastic work
hardening before the yield point. After the equal-
ization of the RS, the broadening is nearly the same
for the annealed and as-built samples, suggesting
that there is no significant difference in the evolu-
tion of dislocation density during loading in both
samples. This is supported by the data from the
transverse direction. The peak broadening due to
the RS is also present; however, it is not as
significant as for the axial direction. After the
equalization of the RS inside the sample, it is again
possible to observe a similar evolution of peak
broadening for the annealed and as-built samples.
The texture evolution represented by the evolution
of integrated intensity exhibits behavior typical of
fcc metals during tensile deformation, i.e., forma-
tion of {111} texture at the expense of the {220}
component.58 This evolution of texture was con-
firmed by EBSD, not shown here. The pronounced
plastic deformation and dislocation activity in the
annealed specimen is in good agreement with the
AE data (Fig. 4) and also with the observed abrupt
change in the evolution of lattice strain shown in
Fig. 5.

CONCLUSION

It has been shown how in situ ND, together with
AE, reveals the deformation behavior of as-built and
annealed additively manufactured Alloy 718 sam-
ples based on the knowledge of the phase fractions
of relevant precipitates from synchrotron XRD and
scanning electron microscopy. Upon deformation
under tensile loading in the build direction, it was
observed that the as-built material is more ductile
while the annealed material is stronger. Despite the
fact that ND cannot directly resolve the lattice
strain in the precipitates, the requirement of load

Fig. 6. Evolution of the FWHM and integrated intensity of selected
peaks for the as-built and annealed specimens.

Fig. 7. FWHM for several diffraction peaks for the as-built and
annealed specimens, evaluated from the XRD data.

Čapek, Polatidis, Knapek, Lyphout, Casati, Pederson, and Strobl230



balance in the matrix can indirectly unveil the role
of the precipitates in the mechanical behavior of the
material. Thus, it could be concluded that the
needle-shaped d precipitates that formed during
annealing, entirely consuming the c¢¢ phase of the
as-built state, must carry significant load, shed by
the c matrix of the annealed specimen. This is
further supported by the strong AE signal, which is
associated with the interaction of d phase with
dislocations.

In contrast, it was found that the c¢¢ precipitates
in the as-built condition most likely do not carry as
much load. The presence of coherent c¢¢ precipitates
results in less dislocation-precipitate interaction,
due to coherency, which is supported by a low AE
signal.
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